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Zone Leveling of Boron into Zone-Melted Iron 


Pure boron was successfully single-pass zone leveled into 


zone-melted iron in a floating-zone apparatus. A zone -stabiliz- 
ing direct current of 120 amp was passed through the bar during 
zone leveling. The effective redistribution coefficient for boron 


in tron is 0.16 + 0.03. 


Tue purpose of this paper is twofold; first, to re- 
port that a direct current passed through the bar in 
floating-zone melting can effectively be used to 
stabilize the zone; and second, to present an esti- 
mate of the effective distribution value for boron in 
iron. 

A floating liquid zone was passed upwards seven 
successive times along iron bars 7/4 in. in diam by 
8 in. long in a vertical floating-zone apparatus. This 
apparatus was energized by a 5 megacycle, 10-kw 
induction heater. The liquid zone of length L=0.8cm, 
was moved at a speed of 3.0 cm per hr for a total 


Table I. Analyses of Ferrovac E Starting Material and Zone-Melted Iron 
All analyses in ppm 


Zone-Melted Iron 
Sample Taken 
within Distance 
Analysis After Given in Cm from 


Ferrovac E 


Heat Check 
Ele- value Analy- Analy- 


ment (4) sis sis 5 Passes 7 Passes x = 0, Pure End. 
B 0.05 8 8 - 8 0.0-0.2 
e: 0.13 45 - - 8 0.2-0.6 
- 15 0.6- 1.0 
S 0.02 30 ~ - - - 
P 0.13 10 - - - - 
N 0.28 9 - - - - 
(@) 0.02 120 - 4 - 0.0-0.6 
4 - 1.8-2.4 
4 - upper half of bar 
- 6 0.0-0.5 
5 0.5-0.9 
Si 0.66 70 47 60+10. — 0.0-0.6 
60 + 10 - 1.8-2.4 
90 + 10 - upper half of bar 
Ni 0.80 20 9 1522 - 2.4-3.1 
Cr 0.95 10 - 
Al 0.92 30 - 
Sn 0.40 40 - - - - 
Co 0.90 50 - - - - 
Cu 0.56 60 20 4+1 = 1.2-1.8 
Pb - 100 - 
0.95 = = 
Ti 0.14 - - - = = 
Mn 0.84 30 15 10 + 10 = 0.6-1.2 
10 + 10 - upper half of bar 


*Dashes mean that analyses were not performed for these elements. 

Note: 

1) All analyses on zone-melted material except those for B, C, and O 
were done by special wer chemical methods. The authors are grateful to 
the Westinghouse Research Laboratories, and to the Edgar C. Bain 
Laboratory of United States Steel Corp. for carrying out these analyses. 


2) Positions of analyses in last column are not all from the same 
zone-melted bar. 
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distance of travel of not less than 10 L. The zone- 
melted iron was made for a purpose which required 
that elements that might form stable borides in iron 
at 1000°C be present in concentrations as low as 
possible. Since extensive information on boride 
stability is not available, it was assumed for this 
purpose that strong carbide formers are also strong 
boride formers. The number of passes needed to 
purify the iron sufficiently was determined by anal- 
ysis of five-pass bars (two passes in wet hydrogen 
and three passes in pure hydrogen, Table I). These 
analyses indicated that the total impurity level in 
the iron could be brought within a satisfactory range 


of 50 to 100 parts per million (ppm) in seven passes. 


Alloys of iron and boron then were made with the 
seven-pass zone-melted iron by single-pass zone 
leveling.’ With all handling of materials being done 
in an atmosphere of purified argon, a predetermined 
small quantity of elemental boron, Table II, was 
weighed with a Cahn electrobalance to an accuracy 
of +2.0 ug and added to each zone-melted bar at a 
position 0.75 LZ up from the pure end. A liquid zone 
was then established in this region of the bar and 
moved continuously upwards. It was found during 
these operations that a floating zone of iron of the 
dimensions used here, and containing more than ap- 
proximately 0.01 wt pct B, is mechanically unstable. 
Boron thus apparently substantially lowers the sur- 
face tension of liquid iron in a pure hydrogen at- 
mosphere. All such zones fell out of the melter 
assembly (power settings and temperatures were 
the same in all cases). 

It was found that a direct current of 120 amp, 
passed through the bar during zone leveling, stabi- 
lizes the zone to the extent that zone leveling with 
boron concentrations in the initial zone as high as 


Table Il. Boron Zone-Leveling Data 


Boron Found Distance of 


Boron Added Sample after Level- Center Sample 
Specimen (G x 10°) No. ing, Ppm from x=0, Cm 
7 1290 1 63 0.25 
2 43 1.90 
3 104 2.50 
4 168 3.10 
4 172 3.10 
14 658 1 26 0.25 
2 20 1.78 
3 95 2.51 
4 37 3.00 


Analysis of the elemental boron: C: 0.09 pct; Fe: ; 
09.56 act pet; Fe: 0.19 pct; and 
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Plate A—(a@) Bar after seven passes without stabilizing 
current. (6) Effect of stabilizing current. Lower portion, 


current on-off; upper portion, 120 amp continuously. X1.1. 


Reduced approximately 23 pct for reproduction. 


0.04 wt pct is possible. The stabilization of the 
liquid zone by such a current can be explained on 
the basis of the theoretical work by Pfann and 
Haegelbarger.* These authors have shown that 

a cylindrical zone supported by surface tension is 
stable and supports a small perturbation in surface 
displacement normal to the surface. If the pertur- 
bation exceeds a critical value, instability sets in 
and the zone separates. Asa result of passing the 
current through the bar, an internal compressive 
pressure arises which varies as the inverse of the 
square of the distance from the centerline of the 
bar.° This pressure is opposite in sign to the hy- 


> 
~ 
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Plate B—(a) Specimen No. 14, near x=0. 
X100. (6) Specimen No. 14, near x= 3.2 
em. X500. Etch 2 pct nital. Reduced 
approximately 25 pct for reproduction. 
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DISTANCE ZONE LEVELED , (cm.) 
Fig. 1—Specimen 7. 


drostatic head of the column of liquid in the zone, 
and reduces the pressure working against the sur- 
face tension, thus stabilizing the zone. Currents 
as high as 200 amp were used without any evidence 
of instability in bars both of pure iron and of iron- 
boron alloys. The liquid never tended to part as a 
result of the current even with the fairly large in- 
tentional surface variations shown in Plate A. 

The left bar in Plate A is seven-pass material 


120 Beginning of Last 7 
= Zone to Freeze 
100 
= 
80 

a 
60 
40 
__| Cakulated, K=0,) 
Calculated, K= 0.05 
O | 2 3 


DISTANCE ZONE LEVELED,(cm.) 
Fig. 2—Specimen 14. 
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Table III. Calculation of Effective Distribution Coefficient 


Single-pass zone leveling equation: C = kGeee 
Where C is the concentration at x 
C, is the concentration of solute added to first zone 
k is the effective distribution coefficient 
x% is the distance along the bar measured from the pure end; 
where x = 0. 
L is the zone length (assumed constant). 


The weight of a zone 0.8 cm in length is 1.99 g 


C (ppm) In C at x= 
For Specimen No. 7: 63 4.14 0.25 
43 3.76 1.90 
For Specimen No. 14: 26 3.26 0.25 
20 2.99 1.78 
Calculation of k for Specimen No. 7: -k _ 3.76 —.4.14 
L 1.90 — 0.25 
k = (0.23)(0.80) = 0.18 
for Specimen No. 14: -k _ 2.99 3.26 
L 1.78 0.23 


= (0.17) (0.80) = 0.14 


Ak-due to combined errors in C and L is at 0.03 or 20 pct when calcu- 
lated by the differential method at x = 1.0 cm, or the midrange of the 
zone-leveling data. 


purified without the aid of the supporting current. 
The bar on the right shows an irregular lower re- 
gion and a smooth upper region. The lower region 
was produced by periodically changing the direct 
current from 120 amp to 0 and at the same time 
adjusting the induction power input to compensate. 
When the current was turned off, the bulges formed. 
The current was then switched on and the bulges 
were supported. The upper region of this same bar 
shows the improvement over the lower region and 
over the bar on the left produced by the application 
of a continuous direct current of 120 amp. This 
effect is small, but experimentally useful. 

Plate B shows microstructures near the begin- 
ning (x = 0) and end of zone-leveled bar No. 14. The 
distribution of the second phase, Fe2B, can be seen 
to be uniform transversely. 

Figs. 1 and 2 show zone-leveling in the manner 
described above. Samples taken at various points 
along the bars were analyzed for boron by the 
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circumen-complex colorimetric method. The re- 
sults were reproducible to +2 ppm down to a level 

of 8 to 10 ppm, but not below this level. The dis- 
tance over which the zone-leveling variables could _ 
be well controlled in these alloys is slightly greater 
than two centimeters. 

The effective distribution coefficient, Rk, for boron 
in iron may be found in two ways. In the first, con- 
centration curves are calculated by using estimated 
distribution coefficients together with the weighted 
amounts of boron added to the initial zone; these 
curves are then compared with the analyzed concen- 
tration curves. Such calculated curves are shown in 
Figs. 1 and 2 for the equilibrium distribution coef- 
ficient, k, = 0.05, and the estimated effective distri- 
bution coefficient, k = 0.10, together with the results 
of boron analytical determinations. The effective 
distribution coefficient, k, is seen to be near the 
estimated value, 0.1. 

The vaiue of & can also be found directly from the 
results of analyses by means of the calculation il- 
lustrated in Table III for Specimens 7 and 14. For 
these bars k-values of 0.18 and 0.14 were obtained. 

These results are subject to error in three prin- 
cipal ways. First, L cannot be accurately measured 
and the figure of L = 0.8 +0.1 cm was used. Second, 
the initial weighing of the boron addition is in error 
by +2 ug. This is really of secondary importance. 
Third, the boron analytical calibration curve shows 
a variation of +2 ppm. The first and third of these 
possible errors together yield by differential error 
analysis a value of Ak = 0.03. This is equivalent to 
a probable error of 20 pct. The effective distribu- 
tion coefficient of boron in iron under the experi- 
mental conditions reported here is therefore 
0.16 +0.03. 
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Factors Affecting the Rate of Deposition 


of Metals in Thermal Dissociation Processes 


An expression is formulated for the vate of deposition of metal 
in a system wherein a heated deposition surface is immersed in 
continuously moving vapors of a compound of the depositing metal. 
The validity of the expression has been established for pure cross- 
flow of titanium tetraiodide vapors past a titanium rod. Deviations 
can be explained by local variations in deposition rates around the 
vod, as shown by detailed calculations and by experimental rod 


cross sections. 


A.tTHouGH considerable attention has been de- 
voted to reaction mechanisms and equilibria of a 
number of endothermic reactions through which 
metals or their refractory compounds can be formed 
upon heated surfaces, only a comparatively small 
amount of work has been done to develop rate infor- 
mation for these systems. The interesting and very 
worthwhile work of Holden and Kopelman,” Runnalls 
and Pidgeon,” Déring and Moliere,* and Herrick and 
Krieble* is to be noted; however, their work was 
done under very specific conditions and the rate 
information which they have developed is not ap- 
plicable to many systems which have been studied 
experimentally. That a more generalized approach 
is needed is shown by the diversity of these systems 
and of the experimental conditions which they re- 
quire. These include the preparation of titanium, 
zirconium, tungsten, molybdenum, chromium, co- 
lumbium, aluminum, and silicon by decomposition 
or disproportionation of their halides, in some in- 
stances through hydrogen reduction; the preparation 
of nickel and iron by decomposition of their car- 
bonyls; and the preparation of copper by decompo- 
sition of the acetylacetonate. They may be carried 
out at temperatures ranging from 100° to over 
2000°C and at pressures of from less than one mm 
Hg to superatmospheric. 

The physical mechanism of the overall process 
can be broken down into several steps, any one of 
which may be rate-determining; and the rate as- 
sociated with each of these basic physical processes 
can be predicted. Consequently, by proper applica- 
tion of the present technology of rate processes, it 
is possible to arrive at a rate of metal deposition in 
the system of interest and to reach an understand- 
ing of the influence of each major variable upon the 
deposition rate. It is the purpose of this paper to 
illustrate how this can be done and to present ex- 
perimental results for a specific system for com- 
parison with theory. 

The overall process of deposition of metal upon a 
heated surface which is immersed in vapors of a 
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compound of the metal can be broken down into the 
following steps: — 

1) Transport of the reactant vapors to the surface. 

2) Decomposition of the reactant in the immediate 
vicinity of the surface to 

a) establish chemical equilibrium if reaction rates 

are high; or to 

b) establish a dynamic equilibrium in accordance 

with the several reaction rates. 

3) Diffusion of reaction products away from the 
vicinity of the surface, with or without simultaneous 
recombinations to form still other products. 

The overall process is said to be diffusion con- 
trolled if Step 1, or the equivalent Step 3, is slow; 
it is reaction-rate controlled if Step 2b is slow. 

When experimental evidence shows the reaction 
rate to be controlling, the well-known theories of 
Eyring’ and others can be used as a basis for cor- 
relating and extrapolating the experimental data. 
Although these theories give only approximate 
estimates of reaction rates, they are of consider- 
ably greater value in correlating experimental data. 

Most deposition systems operate at surface tem- 
peratures sufficiently high that reaction rates near 
the surface are very high. Mass-transport rates 
then become controlling; and it is this regime of 
diffusion controlled rates which is most often of 
concern and which will be considered here. 

When the system pressure is very low, 7.e., in the 
micron range, then the transport processes are 
those of molecular movement, and the results of 
kinetic theory can be applied to specify a rate of 
arrival of reactant molecules at the heated surface. 
If the condensation coefficient can be estimated, 
then the deposition rate will be given by the product 
(rate of arrival) x (condensation coefficient), Con- 
versely, experimental data can be used to determine 
a condensation coefficient, as was done by Holden 
and Kopelman’ for the decomposition of zirconium 
tetraiodide upon a heated molybdenum surface, who 
found the coefficient for zirconium on molybdenum 
to be 1.0 at temperatures of 1382°C and above. In 
this pressure range, the geometry of the system, 
and in particular the distance between the source 
of reactant molecules and the heated surface, can 
exert a considerable effect upon the deposition rate; 
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Fig. 1—Equilibrium deposition of titanium from Til,. 


and the rate also is proportional to the partial pres- 
sure of reactant at the source. 

When the pressure is high enough that the mean 
free path of the molecules is small compared to 
other physical dimensions of the system, e.g., 1 mm 
Hg, then molecular mechanics no longer can be as 
simply applied. If the system can be considered as 
stagnant with respect to the vapors, then diffusional 
relationships can be applied to determine a rate of 
arrival of reactant molecules at the surface. Most 
systems, however, in fact are not stagnant, either 
because natural convection is induced by the large 
temperature differences throughout the system or 
because forced convection is established deliber- 
ately within the system, either to bring about an 
increase in deposition rate or to create a continuous 
flow process. The well-known relationships which 
have been established for convective transport proc- 
esses then are applicable. 


DEVELOPMENT OF RATE EXPRESSION 


It was convenient in making the experimental 
study which will be described in this paper to study 
the preparation of titanium metal by the thermal 
dissociation of titanium tetraiodide. Consequently, 
this same system will be used in describing the 
theory which applies to a diffusion-controlled sys- 
tem. This specification will not entail a loss in 
generality, however, since other reaction systems 
could equally well be treated in the same manner. 

While the details of the reaction mechanism which 
leads to the formation of titanium metal from the 
tetraiodide have not been unequivocally determined, 
experimental observations indicate that the follow- 
ing reactions are thermodynamically equivalent to 
the true mechanism (e.g. 6): 


20 Tils(g) = Til2(g) 
Tila) = + 
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5. = Ticg) 


The reaction to yield Til is not included since its 
estimated energy of activation is so high that it 
probably does not occur. The equilibrium concen- 
trations of each of the products and of the reactant 
tetraiodide can be computed from thermodynamic 
data together with vapor-pressure data for the 
metal. The computations were done with the aid 
of an electronic computer, and the results are 
shown in Fig. 1 as fractional conversions of the 
available titanium to metal at various temperatures 
and pressures. Thermodynamic data which were 
available at the time were used,’~** together with 
estimates of the undetermined values. 

According to this reaction scheme, when a heated 
titanium surface is brought into contact with an at- 
mosphere of Til, vapors, the chemical reactions 1 
to 5 occur in the vicinity of the surface. The con- 
centrations of the various materials in the region 
of the hot surface are fixed by the local surface 
temperature and the local pressure. The surface 
temperature is high enough that chemical reaction 
at the surface is very rapid and can be considered 
as instantaneous; and the rate of metal deposition 
is fixed by the rate at which Til, arrives at the sur- 
face and by the fraction £ of this arriving Til, which 
deposits titanium. This latter fraction is that given 
by the heterogeneous chemical equilibrium. 

The rate relationship according to this scheme is: 


w =[KA(y, [1] 


where the bracketed group is the rate of arrival of 
Til, at the surface of area A, as determined by the 
mole fraction driving force (y, — y;) and the con- 
vective transport constant K; the factor B is the 
weight fraction of titanium in Til, and is 0.0862; and 
E is the equilibrium fractional conversion to metal. 

Since the assumption has been made that chemical 
reactions occur instantaneously in the vicinity of the 
hot surface, chemical equilibrium corresponding to 
the local temperature will exist at each point in this 
region. The free energy calculations indicate that 
at surface temperatures of practical interest, only 
very small partial pressures of titanium tetraiodide 
can exist. Consequently, y, is essentially zero. 

It must not be inferred, however, that the value of 
F is unity at the surface. On the contrary, it will be 
as given by Fig. 1, as a result of the formation of 
iower iodides and of the finite vapor pressure of the 
metal over the heated surface. 


If Eq. [1] is rearranged to form the variables into 
dimensionless groups, then since y, = 0 (very 
closely) at the hot surface, the rate expression for 
deposition upon unit length of a cylindrical surface 
becomes 


Rd 


Dp 7BEuy, [2] 


If, further, the process is restricted to one without 
recirculation of vapors, so that yq becomes unity, 
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Fig. 2—Sectional plan view of cross-flow GAS FLOW Oe —_ 
chamber. 
FILAMENT 
the rate expression is tanium tetraiodide vapors were supplied from a 
Kd * boiler and exhaust vapors were collected in a solids 
Do 144 E [2a] condenser. Filament temperature was measured by 


where the value of the Schmidt group has been taken 
as 1.65 and the viscosity of the iodine film through 
which the Til, diffuses near the deposition surface 
is 0.042 lb per hr ft. 

The rate of deposition, w, can be predicted 
through comparison of this expression with the 
customary correlating expressions for heat and 
mass transfer. Since both local and average heat- 
transfer rates have been correlated more exten- 
sively and determined more precisely than corres- 
ponding mass-transfer rates, the prediction has 
been based upon heat-transfer correlations. This 
approach has been adopted in other studies and has 
an extension of the Reynolds’ analogy between con- 
vective heat or mass transfer and friction as its 
basis.*”** It assumes that the so-called j factors 
for heat and mass transfer are approximately 
equal:4*-26 


*These authors modify the original j-factor expressions slightly by 
using an exponent of 0.56 instead of 2/3. The effect of this change is 
usually slight and well within the accuracy of the predictions based 
upon the correlations. Data of Lohrisch’’ and of Powell and Griffiths’® 
conform to the 2/3 exponent. 


919 


If this equality is combined with McAdams’ ~ re- 
lationship for heat transfer to a cylinder at low 
Reynolds’ numbers: 
hd Cot + 4 
= 0.35 + 0.47 [4] 


and the identity of M,, and M,, the molecular weights 
of the diffusing component and of the free stream, is 
recognized, then the theoretical expression for the 
mass-transfer coefficient is 


0.52 
= 0.41 4 0.56 (28) [5] 
EXPERIMENTAL 


To check the validity of this approach to rate cal- 
culations, an apparatus was set up to determine 
deposition rates in pure crossflow past a rod: Tne 
deposition chamber was so constructed that it pro- 
duced a two-dimensional jet of Til, vapor having an 
approximately constant velocity in the region of the 
deposition element. A cross section of the internal 
flow region of the chamber is shown in Fig. 2. Ti- 
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a thermocouple inserted in the center of the fila- 
ment, on its downstream side; and static pressure 
of the jet was measured through a small tap in the 
nozzle throat. Starting filaments of iodide titanium, 
‘/, in. in diam were allowed to grow to a maximum 
of */, in. in diam, and 2-in.-long central sections 


of the filaments were weighed to determine deposi- 


tion rates. Temperatures of 1200° to 1650°C, pres- 
sures of 0.8 to 3.2-mm Hg. and mass flow rates of 


195 to 2160 lb per (hr sq ft) were used. Power input 


was controlled by a temperature recording instru- 
ment to hold a constant filament temperature. De- 
position rates of as high as 0.109 lb per foot of 
filament were obtained. 
The experimental rates were compared with 
theory by calculating the value of E required to 
bring the observed and theoretical values of K into 
agreement. When the values were normalized to a 
maximum value of E of 1.0, the results were as 


shown in Fig. 3. Also shown in the Figure are equi- 
librium conversions calculated from thermodynamic 


data. As indicated previously, calculation of these 
conversions required estimation of several basic 


values. Experimental values of thermodynamic data 


for titanium compounds have since become avail- 
able,” and these values support the experimental 
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Fig. 3—Experimental equilibrium conversion of Til, to 
titanium metal. 
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Fig. 4—Computed average deposition rates. 
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Fig. 5(2)—Computed rod cross sections for normal deposi- 
tion. G = 600; 1.0-mm pressure. Right: 1600°C. Left: 
1500°C. 
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indication that the curves should be shifted toward 
the low-temperature region. 

Some of the measured deposition rates were as 
much as 14 pct above the maximum theoretical 
value. This apparent discrepancy is explainable in 
part by the assumption that jp, = jy; overall agree- 
ment seems to be adequate, however, in view of the 
simplification of process kinetics which was as- 
sumed in developing a rate mechanism and in view 
of the experimental difficulties which were en- 
countered. 

A complication which heretofore has not been 
mentioned also can be responsible for deviations 
from rate correlations. This complication arises 
from the possibility of fixing conditions of high 
pressure or low temperature, either overall or 
locally, with a resultant back reaction and loss of 
metal from part or all of the deposition element. 
This is a consequence of the formation of lower 
iodides by the overall reaction of Til, with titanium 
metal; and the pressure-temperature regions in 
which it occurs can be predicted from the thermo- 
dynamic equilibrium calculations. To check the ef- 
fects of this local ‘‘chewing’’ upon deposition rates 
and to show how it might determine the shape of the 
filament, the time-varying rates of deposition were 
calculated for a number of positions on the circum- 
ference of a rod in cross-flow. To do this, it was 
necessary to consider variations of local pressure 
as well as local heat and mass-transfer coefficients 
around the filament. Eckert and Soehngen’s™ heat- 
transfer coefficients were used in the form of a 
plot of (hd/k) and mass-transfer coef- 
ficients were obtained through the assumed equality 
of j factors. The circumferential pressure varia- 
tion given by Goldstein™ was used; and it was as- 
sumed that circumferential heat conduction in the 
rod could be ignored in computing local surface 
temperatures. Also in calculating the local tem- 
peratures, a constant heat loss per unit area of 
filament surface was assumed, the losses at each 
angular position of the deposition element being ac- 
counted for by the sum of the local radiative and 
convective heat transfer. The surface temperature 
then was that required to establish a local heat 
balance. 

In evaluating the Reynolds’ number, a film vis- 
cosity corresponding to the sum of the separate 
viscosities of iodine and titanium tetraiodide vapors 
as calculated from kinetic theory considerations, 
weighted according to the local gas-phase equilib- 
rium composition, at an average film temperature 
ty was used, An apparent heat capacity of the gas 
mixture, including the heat absorption due to in- 
cremental thermal dissociation of the gaseous mix- 
ture as it approached the heated surface, was used, 
together with a theoretical value of 17.3 for the 
ratio of u,/k,. Since the apparent heat capacity 
was approximately 0.10 in the surface temperature 
range of interest, the Prandtl number was about 1.7. 

Computation was done with a digital computer, 
using small increments of time during which trans- 
fer coefficients were assumed to be constant. Rod 
cross sections were then plotted by adding the com- 
puted increments in radii to the previous radii, and 
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Fig. 5(6)—Computed rod cross sections with upstream 
*“chewing’’. 1400°C, G = 600, 1.0-mm pressure. 


the areas of the sections were determined and con- 
verted to rod weights; and the average growth rates 
were calculated from these. These rates, shown in 
Fig. 4, compare satisfactorily with the theoretical 
ones for overall deposition rates as given by Eq.[5] 
but show some irregular deviations from a smooth 
plot. 

Some reasons for the somewhat irregular devia- 
tions become apparent upon examination of the com- 
puted rod cross sections. Several of these are 
shown in Fig. 5. Fig. 5(a) is for normal deposition 
conditions; Fig. 5(b) shows some chewing on the 
upstream side with deposition elsewhere; and 
Fig. 5(c) shows chewing everywhere. Other shapes 
are possible, also. Cross sections of some rods 
made in the experimental work also illustrate these 
characteristics, Fig. 6; and comparison of the com- 
puted and experimental cross sections shows how 
well the major details of the deposition distribution 
can be predicted. Only the inner computed profiles 
having radii of less than about 7/s in. should be con- 
sidered in making the comparison, since the experi- 
mental rods were not allowed to grow beyond this 
size. The agreement undoubtedly would have been 
better if the experimentally determined thermody- 
namic data had been available at the time the com- 
putations were made. 

The simplified mass-transport model which was 
used in this study obviously does not represent the 
true state of affairs. It is unlikely that Til, vapors 
can approach a deposition surface without undergo- 
ing dissociation in transit; however, since the re- 
sulting titanium-containing molecules also are 
large, and since their diffusional characteristics 
vary as the square root of their molecular weights, 
the time-average diffusivities of the titanium- 
bearing molecules will not be greatly affected by 
this gradual decomposition. 

It is emphasized that in some instances either 
chemical reaction rate or molecular motion may 
be controlling and that the approach which is de- 
scribed in detail in this paper then will not apply. 


SUMMARY 
Rates of deposition of titanium metal upon re- 
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Fig. 5(c)—Computed rod cross sections with ‘‘chewing’’ 
everywhere. 1350°C, G = 600, 1.0-mm pressure. 


sistively heated rods exposed to titanium tetraiodide 
vapors in pure cross-flow have been determined and 
used to estimate equilibrium conversions. The data 
indicate that the system can be represented by a 
mathematical model based upon diffusional control, 
and experimental rod cross-sectional profiles agree 
to a first approximation with those computed by ap- 
plication of this model. The detailed profile cal- 
culations also indicate that deviation of the experi- 
mental data from overall correlating expressions 
are due to local peripheral variations in deposition 
or ‘‘chewing’’ rates. 


1500°C. 1400°C, 


Fig. 6—Experimental rod profiles. 1100°C, G = 510, 1.1- 
mm. Hg (Molybdenum Filament). 1310°C, ¢ = 648, 1.2-mm 
Hg. 1500°C, G = 690, 1.2-mm Hg. 1400°C, G = 885, 2.5-3.0- 
mm Hg. 
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NOMENCLATURE 


A Area of deposition surface, ft”. 

B’ Fractional weight of titanium in Til, = 0.0862. 

Cp Heat capacity, Btu/lb°F. 

d Diameter of cylindrical filament, ft. 

D Diffusivity (gas phase), ft?/hr. 

E Fractional equilibrium conversion of available 
titanium in Tils to metal. 

Mass flow rate, lb/(ft?hr). 

h Convective heat-transfer coefficient, 
Btu/(ft?hr °F). 

jy Correlating factor for mass transfer. 

jy Correlating factor for heat transfer. se 


k Thermal conductivity of vapors, Btu/ ft? hr ft 


K  Mass-transfer coefficient, lb/(hr Ay). 
M,z Molecular weight of diffusing component, 
lb/lb mole. 
M, Molecular weight of free stream, lb/lb mole. 
ty Film temperature, °C; t; = tgas +0.58 (ts — t gas). 
t, Deposition surface temperature, °C. 
w Rate of metal deposition, lb/hr. 


y, Mole fraction of diffusing component in free 
stream. 

y, Mole fraction of diffusing component at depo- 
sition surface. 

u Viscosity of vapors, lb/(hr ft). 

Lr Viscosity of vapors, lb(hr ft) at average film 
temperature tf. 

p Density of vapors, lb/cu ft. 
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The Crystallography of the Austenite-Martensite 


Transformation. The {111} Shear Solutions 


The graphical method is applied to the austenite-martensite 
transformation. The undistorted planes are determined for the 
lattice invariant shear on the (111) austenite plane. The solutions 


M. S. Wechsler 
T. A. Read 


are discussed in terms of their degeneracy and their applicability 


to the formation of (225) martensite in steel. 


In the formation of martensite in steel, it has been 
observed that the habit plane does not change con- 
tinuously as the alloy content is varied. Instead, it 
appears that discrete habits correspond to certain 
ranges of composition. Greninger and Troiano* 
found that in low-, medium-, and high-carbon steels, 
the habits are approximately (111), (225), and (259), 
respectively.* The work of Mehl and Van Winkle? 


*Unless otherwise noted, Miller indices of planes and directions are 
with respect to austenite axes. 
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indicated that the change from the (225) to the (259) 
habit is fundamentally a consequence of the lower 
transformation temperature rather than the higher 
carbon content. Also, Otte and Read® observed that 
the habit plane orientation for a chrome-carbon 
steel scattered within a cone of semivertex angle 
of 5 deg, which was outside of the experimental 
error in the determination of the habit plane. These 
observations suggest the importance of investigating 
what factors in the crystallography of the formation 
of martensite account for the several types of habit 
and the inherent scatter in the precise orientation 
of the habit plane. 

A theoretical treatment of the austenite-marten- 
site transformation has been given,* which considers 
the total transformation distortion to be composed 
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of a pure lattice distortion T (the Bain distortion) 
and a lattice invariant or inhomogeneous shear, * G. 


*A rigid body rotation is also included, but this component does not 
affect the determination of the habit plane. 
The critical amount of lattice invariant shear for the 
establishment of an undistorted plane is determined 
and the undistorted plane is identified with the habit 
plane. In the previous treatment,* the shear ele- 
ments of G were chosen to be {112}  <111>y in the 
martensite, which may be equivalently expressed as 
{110}<110> in the austenite. The habit plane pre- 
dicted by the theory for this choice of shear ele- 
ments was shown to agree quite closely with the 
(259) type of habit plane observed by Greninger and 
Troiano” for an Fe-Ni-C alloy. However, the orien- 
tation of the theoretical habit plane does not vary 
very much when the values of the lattice parame- 
ters are varied over the whole range reasonable for 
steels. Thus, the theoretical results for the case of 
{110}<110> shear cannot account for the (225) habit. 
It is of interest, therefore, to investigate the possi- 
bility that the (225) habit in steels represents an un- 
distorted plane of the type previously derived, but 


based on other planes and directions of the lattice in- 


variant shear. Since the lattice invariant shear may 
occur by slip, it would appear reasonable to choose 
the close-packed austenite plane as the shear plane. 
Therefore, in this paper the undistorted planes cor- 
responding to shear on the {111} austenite plane in 


the <110> and <112> directions are examined. 


Another approach to an explanation for the appear- 


ance of discretely different habit planes in steel has 
been given by Bowles and Mackenzie.®°-* The phe- 
nomenological theory presented by these authors has 


Fig. 1—The transformation geometry for 
the (111) [110] slip shear. The case 
shown is for lattice parameters corre- 


been shown? to be essentially equivalent to the the- 
ory discussed in the present paper, although it dif- 
fers in formulation. However, it includes a dilata- 
tion in the total transformation distortion, so that 
the plane selected as the habit plane undergoes a 
slight isotropic expansion or contraction. If the 
magnitude of this dilatation is treated as an adjust- 
able parameter, values may be selected to give both 
the (259) and the (225) habits® for a single choice of 
elements for the lattice invariant shear. Some dis- 
cussion, based on energy considerations, has re- 
cently been given’*””” of the justification for the 
dilatation parameter. However, as has been pointed 
out,°® the use of the dilatation parameter does not ex- 
plain the sudden shift in habit plane as the carbon 
content in steel is varied continuously. In the ab- 
sence of more complete knowledge of the signifi- 
cance of the dilatation parameter, it appears worth- 
while to investigate the effect of choosing other 
elements for the lattice invariant shear than those 
used in the original treatments,*° ° and to avoid the 
use of a continuously adjustable parameter. 


It has been pointed out recently” that the graph- 
ical method*® may be used in a reversed manner to 
deduce the shear elements of the lattice invariant 
shear from the experimentally observed crystallo- 
graphic features of the transformation. However, 
this method is difficult to apply without more com- 
plete and accurate experimental information than 
is presently available. Therefore, it is necessary 
to choose reasonable elements for the lattice in- 
variant shear, calculate the crystallographic fea- 
tures of the transformation, and compare the re- 
sults with experiment. 


Oot 


sponding to a volume ratio of the phases 100 
V = 1.04, axial ratio c/a =1.00, and for 

the angle of shear a = 22.0 deg. The two 
undistorted planes are H, and Hj, whose 
normals are n; and no, respectively. 
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THE GRAPHICAL METHOD 


While the theoretical analysis of the austenite- 
martensite transformation may be extended™ in 
terms of generalized elements for the lattice in- 
variant shear, G, it is difficult to obtain explicit 
expressions for the undistorted planes in terms 
of the lattice parameters, except for those cases 
that exhibit high symmetry. For this reason, the 
results given below were determined using a graph- 
ical method. Since the graphical method has been 
previously described,**»** only a brief discussion 
of this method will be given here. The fundamental 
idea is to plot on a stereographic net the locus of 
directions undistorted by the pure lattice distor- 
tion, T, and the locus of directions undistorted by 
the lattice invariant shear, G. Since T consists of 
a contraction along one of the austenite cube-edge 
directions (the [010] direction in this paper) and an 
isotropic expansion in the plane perpendicular to 
this direction, the directions that will be undistorted 
by T form a cone whose axis is along [010]. This 
cone is the ‘‘Bain Cone,’’ Fig. 1. In describing the 
lattice invariant shear, it is convenient to define the 
shear axes ig, jg, Kz, where ig is along the shear 
direction, jg is along the normal to the shear plane, 
and kg is perpendicular to both ig and jg. The di- 
rections undistorted by G lie in two planes, K, and 
K,. The K, plane is the shear plane and the direc- 
tions defined by the intersection of the Bain Cone 
and the K, plane (directions A and B, Fig. 1) are 
directions undistorted by both G and T and, there- 
fore, undistorted by the total transformation dis- 


tortion. The Kz plane contains the kg direction and 
is rotated by G through the angle 2a about kg, to the 
position K, as is illustrated in Fig. 1 for the case 
of (111) [110] shear. The directions a' and b’ are 
also directions undistorted by the total transforma- 
tion, in their positions after the action of G. The 
direction a in the Kz plane makes the same angle 
with kg as does a’. Thus the direction a represents 
a' in its position before the action of G, and simi- 
larly for b and b’. 

It can be shown that when the angle a corresponds 
to certain critical amounts of shear, g, then all di- 
rections lying in planes such as H, and Hz in Fig. 1 
(containing B and a, and A and 0, respectively) are 
undistorted by the total transformation. Thus, 4, 
and H, are the undistorted planes, corresponding to 
the critical value of shear illustrated in Fig. 1. In 
the previous discussions of the graphical metho 
it was necessary to use a trial-and-error or inter- 
polation method for the determination of the critical 
amounts of shear. However, it has been found pos- 
sible’ to express the critical shears as an explicit 
function of the lattice parameters and the elements 
of the lattice invariant shear. For the case under 
consideration, shear on the (111) plane, the critical 
amounts of shear are given by 


1 1 
g=2tana = 1) + [1] 


A = (ni— 3) ni € 
A = [nz (1 — 2) — 2) e 
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= 7/3 (3 — ni — 
= V2a/dy, N2= C/A 


where a and c are the martensite lattice parameters, 
a, is the austenite lattice parameter, and uz is the 
direction cosine of the shear direction along the 
contraction axis, [010], of the pure lattice distortion. 
When the critical shears have been determined by 
means of Eq. [1], the remainder of the problem is 
solved directly on the stereographic net. However, 
in the interest of greater accuracy, the manipula- 
tions on the stereographic net were duplicated with 
numerical calculations for the results given below. 


THE {111} SHEAR SOLUTIONS 


The symmetry of the solutions for the {144} slip 
shear in the <110> and <112> directions is outlined 


Table |. Solutions for Habit Planes for Shear on (111). 
Lattice Parameters Correspond to V = 1.04 and c/a= 1. 
Contraction Axis for the Bain Distortion is [010]. 


Symmetry Shear Shear Habit Direction Cosines of 
Type Direction Angle, Type Habit Plane Normal 
I [110] 7.4° Aa ( 0.344 
(Nonde- 1) 0.453 ) 
gener- —0.823 
ate) Bb —0.204 
2) ( 0731) 
0.651 
22402 Ab 0.419 
3) ( 0381 
0.825 
Ba —0.653 
4) 0.585] 
0.480 
{011] Solutions are crystallographically equiva- 
lent to [110] case 
[112] 1 Aa 0.676 
5) ( 0735 
0.068 
Bb —0.877 
6) 
0.281 
-37.7°%* Ab 0.120 
7) 0.038 
0.992 
Ba 0.482 
8) ( 
0.613 
[211] Solutions are crystallographically equiva- 
lent to [112] case 
II [121] §.1° Aa 0.480 
(K-de- 9) 385 | 
gener- —0.653 
ate) Bb Soln. is crystallo- 
graphically equiva- 
lent to Aa case 
11.9° Ab 0.205 
10) | 
—0.928 
Ba Soln. is crystallo- 
graphically equiva. 
=e lent to Ab case 
Ill [101] Ab 0.663 | 
(g-de- 11) 
gener- 0.265 
ate) Ba —0.930 
12) 0.307 | 
0.201 
—11.7% Solutions are crystallo- 


graphically equivalent 
to +11.7° case 


*Negative shear angles signify shear in the opposite directi 
. t 
that given in the table. ee ee 
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Fig. 2—The transformation geometry for 
the (111) [121] slip shear. The case 
shown is for V =1.04, c/a =1.00, and a= 
11.9 deg. The two undistorted planes are 
Hy, and #, whose normals are ny and no, 
respectively. It may be seen that the two 
planes are crystallographically equiva- 
lent. 


in Table I. The solutions are divided into three 
groups, I, II, and III, depending upon the nature of 
the degeneracy of the solutions. The degeneracy of 
solutions on the basis of the W-L-R theory has been 
discussed from a geometrical® and an analytical 
point of view. It is pointed out that, in general, 


Fig. 3—The transformation geometry for 
the (111) [101] slip shear. The case 
shown is for V=1.04, c/a =1.00, and a = 
11.7 deg. The two unidstorted planes are 
H, and H,, whose normals are n, and 
respectively. 
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there are four distinct solutions, corresponding to 
two pairs of the directions A, B, a, and b in Fig. 1 
and the two values of the critical amount of shear, 
g, in Eq. [1]. For symmetry type I in Table I, there 
is no crystallographic equivalence among the four 
solutions for each choice of shear direction. When 


100 
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the contraction axis for the Bain distortion is chosen 
as [010], the four solutions for the shear direction 
[110] are crystallographically equivalent to the four 
solutions for [011] and similarly for the shear di- 
rections [112] and [211]. The transformation geom- 
etry for one of these nondegenerate cases is shown 
in Fig. 1 for one of the two critical amounts of 
shear. For the other critical amount of shear, a 
different value of a pertains and one of the undis- 
torted planes contains the directions A and a and the 
other undistorted plane contains B and b. However, 
cases arise in which the two undistorted planes for 
one of the two values of g are crystallographically 
equivalent. This has been called ‘‘K-degeneracy’’ 
and is indicated by symmetry type II in Table I. It 
has been shown®"* that this type of degeneracy 
arises when ky (the mutually perpendicular direction 
to the shear direction and the shear plane normal) 

is either parallel or perpendicular to the contraction 
axis of the pure lattice distortion and is a two-fold 
or four-fold axis of syminetry in the austenite. For 
the case of (111) [121] shear, kg is in the [101] di- 
rections and thus the conditions for K-degeneracy 
are fulfilled. The symmetry of these solutions is 
shown in Fig. 2, where it is seen that the undistorted 
planes H, and Hz are crystallographically equivalent 
in the austenite system. 

Another type of degeneracy arises from the crys- 
tallographic equivalence of solutions corresponding 
to the two values of g in Eq. [1]. This ‘‘g-degener- 
acy’’ has been considered® to depend upon the selec- 
tion of the shear plane as a plane of mirror sym- 
metry in the austenite. That this condition is not 
necessary is illustrated by the case of (111) [101] 
shear (symmetry type III, Table I). The two solu- 


444 


WLR 


(3,40,15 ) 


{01 


Fig. 4—The undistorted planes for (111) shear (circles). 
The numbers adjacent to the encircled points refer to the 
numbers in parentheses in the last column of Table I. The 
point labelled WLR refers to the undistorted plane calcu- 
lated for {112}y <111>y shear using lattice parameters 
appropriate to the steel for which a (8, 10, 15) habit plane 
was observed.5 All directions have been transformed to a 
single stereographic triangle. 
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tions for one value of g are here crystallograph- 
ically equivalent to the two solutions for the other 
value of g, despite the fact that the shear plane does 
not possess mirror symmetry. It can be shown 
quite generally“ that one of the conditions under 
which g-degeneracy arises is that the shear direc- 
tion be perpendicular to the contraction axis of the 
pure lattice distortion and be a two-fold or four- 
fold axis of symmetry in the austenite. The case 
of (111) [101] shear exemplifies this situation. Since 
Uz = 0, it is seen from Eq. [1] that the two critical 
shears are equal in magnitude and opposite in di- 
rection. In Fig. 3, the undistorted planes H, and 
Hz, containing the directions A and 0 and the di- 
rections B and a, respectively, correspond to the 
shear in the [101] direction. For the equal and op- 
posite shear in the [101] direction, the undistorted 
planes are Aa’ (containing the directions A and a’) 
and Bb’. Since planes Ba and Aa’ are crystallo- 
graphically equivalent, and similarly, planes Ab 
and Bb', g-degeneracy is seen to result in the case 
of (111) [101] shear. 

The normals to the undistorted planes for the 
twelve solutions given in the last column of Table I 
are plotted in Fig. 4. They were determined using 
values of the lattice parameters corresponding to 
the volume ratio, V, equal to 1.04 and to unity axial 
ratio for the martensite. When other values of the 
lattice parameters appropriate to steels are used, 
the orientation of the undistorted plane for a given 
lattice invariant shear is not appreciably altered. 
However, Fig. 4 shows that considerable variation 
results for various choices of the lattice invariant 
shear. On the whole, the solutions are quite re- 
moved from the W-L-R solution* for the case of 
{112},, <111>,, shear and from the habit plane near 


(3, 10, 15) observed by Greninger and Troiano.” It 
is of interest to consider the solutions in terms of 
their applicability to the formation of (225) marten- 
site. Of the twelve normals shown in Fig. 4, the 
three lying closest to 225 are (6), (3), and (1), which 
make angles of 4.5, 5.1, and 6.6 deg, respectively, 
with 225. In comparing the various solutions, there 
are two factors that are likely to have an important 
effect on the energy associated with the formation 
of a martensite plate. The first of these, the amount 
of lattice invariant shear, g, is a measure of the 
amount of dislocation motion that must take place 
to produce the slip, which occurs as an inherent 
part of the transformation distortion. The second 
factor is associated with the deformation that oc- 
curs near the martensite plate to accommodate the 


Table Il. Magnitudes of the Shears 


Habit Amount of Amount of 
Plane* Lattice Invariant Macroscopic 
Shear, g Shear, S 
(1) and (2) 0.259 0.140 
(3) and (4) 0.808 0.598 
(5) and (6) 0.279 0.398 
(7) and (8) 1.548 1.861 
(9) 0.284 0.219 
(10) 0.423 0.219 
(11) and (12) 0.413 0.610 


*See Table I, Col. 4. 
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change in macroscopic shape that takes place upon 
transformation. This change in shape may be de- 
scribed as a simple shear of amount S on the habit 
plane plus an extension perpendicular to the habit 
plane to account for the change in specific volume. 
The volume ratio for the two phases has been taken 
as V = 1.04 for all solutions; therefore, this factor 
may be omitted from consideration. However, the 
amount of macroscopic shear, S, is not the same 
for each solution and has been calculated using ex- 
pressions derived previously.*”** In Table II, the 
magnitudes of the shears, g and S, are given for 
each of the solutions. It is seen that, of the three 
solutions, (6), (3), and (1), whose undistorted planes 
lie closest to (225), solutions (1) and (6) have shears 
that are rather small. The shears for solution (9) 
are also small. Solution (9) lies in the region of the 
stereographic triangle near (111) and may be re- 
lated to the habit plane near (111) formed in low 
carbon steels.’ However, solutions (2) and (5) also 
have low values for the shears, but the undistorted 
planes for these solutions do not correspond to any 
experimentally observed habit planes. Also, the 
magnitude of the macroscopic shear for solution (6), 
0.4, is about twice as large as the shear component 
that was measured’®*” for a steel that exhibits a 
(225) habit. 

The solutions described above indicate that the 
(225) martensite may be associated with a lattice 
invariant shear on the (111) austenite planes. How- 
ever, the results do not permit a definite conclusion 
to be reached. Thus, it does not appear possible to 
decide as yet whether the use of a dilatation param- 
eter or the assumption of other elements for the 
lattice invariant shear is the more appropriate ap- 
proach. It is possible that aspects of both points of 
view must be adopted. Thus, it may be that the (259) 


and (225) martensites are indeed associated with 
different elements for the lattice invariant shear but 
that, in addition, the habit planes in both cases are 
not quite distortionless. This would explain the 
widely differing orientations of the martensites in 
steel and also permit closer agreement with the ex- 
perimental results. 
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Creep of Indium, Lead, and Some of Their 


Alloys with Various Metals 


High-temperature creep experiments were carried out on 
indium, lead, and on binary substitutional alloys of In-Pb, In-Sn, 
In-Tl, In-Cd, In-Hg, Pb-Bi, Pb-Sn, Pb-In, and Pb-Cd, The stress 
at which the power law creep equation breaks down was found to 
be much smaller for indium and lead than for metals with larger 
elastic moduli. The exponent over the stress in the power law 
creep equation was found to decrease upon alloying from values 


close to 4.5 to values near 3. 


Tus paper describes a set of high-temperature 
creep experiments made on high-purity lead and 
indium and on lead-rich and indium-rich single- 
phase binary alloys of various metals. These ex- 
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periments were carried out to check two predictions 
of some creep equations derived by us’? from a dis- 
location creep model due essentially to Mott. This 
model is shown in Fig. 1. Here dislocation loops 
are emitted from sources, not shown, situated on 
different slip planes. As the loops expand they come 
into each others’ stress fields and are stopped. How- 
ever, at high temperatures, as Mott has pointed out, 
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Fig. 1—Dislocation creep model. 


they can climb towards each other and annihilate 
each other. The replacement of annihilated loops 
by the sources then leads to steady-state creep. The 
creep rate may be controlled by the actual climb of 
the dislocation or it may be controlled by any one of 
a number of microcreep mechanisms. Fig. 2 shows 
many microcreep mechanisms. 

When climb is rate controlling one can obtain the 
following creep equation? 


2.5 21.5 
37 sinh V3 0 b [1] 
V2 By? M? kT 


where K is the measured (unresolved onto a slip 
plane) creep rate, o the measured (unresolved onto 
a slip plane) stress, D the coefficient of self-diffu- 
sion (D is equal to Dy Dp/(D4 Cz + Dpc,) in an alloy 
where cy, and cp are the fractional concentrations 
of the alloy species and Dy and Dp, are their diffu- 
sion constants), b the length of the Burgers vector, 
is the shear modulus — Ci2)/2 where 
C44 and so forth are the elastic constants), k is 
Boltzmann’s constant, T is the absolute tempera- 
ture, and M is the density of Frank-Read sources 
on one slip system. 

At low stresses this equation reduces to the power 
law equation: 


D 

which is valid up to the stress at which the factor 
in the sinh term of Eq. [1] becomes greater than 
one. 

It can be seen from Eq. [1] that the stress at which 
the power law breaks down depends on the elastic 
modulus. The first purpose of this experiment was 


to check this dependence on yu. This can be done 
only by measuring creep of materials with widely 


[2] 
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MICROCREEP MECHANISMS 
— IMPURITY IMPURITIES 
ap ATMOSPHERE PHASE" 
STATIONARY STATIONARY 
MOVING MOVING 
COTTRELL-JASWON SUZUKI 
STATIONARY 
FISHER 
SCHOECK ( SHORT RANGE ORDER ) 
L 4 
BOUNDARY 
1 
STATIONARY MOVING 


(LONG RANGE ORDER ) 
Fig. 2—Microcreep mechanisms. 


different elastic moduli. Since the stress at which 
a power law breaks down has already been meas- 
ured for nickel,** which has a large modulus, and 
for aluminum,” ’ whose modulus is average for a 
metal, we picked two metals with small moduli: 
indium and lead. 

When a microcreep mechanism controls the creep 
rate one has the following equation at low stresses:? 

0.350° 

[3] 
where A is a constant which can be evaluated from 
the particular microcreep mechanism. When the 
Cottrell-Jaswon mechanism is rate controlling, this 
equation becomes 


0.330°RTD' 
[4] 


where D' is the diffusion constant of the solute atom, 
c is the concentration of the solute atom, and ¢€ is 
the fractional difference in size between the solute 
and solvent atoms. The concentration dependence 
given by this equation breaks down, of course for 
large values of c (greater than ~ 15 pct). 

It is to be noted that there is a different stress 
dependence between Eqs. [2] and [3] even though the 
same creep model is used in their derivation. Eq.[2] 
predicts a 4.5 power dependence whereas Eq. [3] 
predicts a third power dependence. Since a pure 
metal is more likely to follow Eq. [1] and an alloy 
might be expected to follow Eq. [3] (because of the 
abundance of microcreep mechanisms which may 
be active in an alloy), we would hope to find that the 
experimentally observed exponent over the stress 
would change from 4.5 to 3 in a series of alloys of 
increasing alloy content. There is some evidence 
that this indeed is the case. A number of pure 
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metals have an exponent approximately equal to 

4.5 while Herman and Brown® find an exponent close 
to 3 in a 50-50 Cu-Zn alloy. The data of Mullendore 
and Grant,” Gemmel and Grant,!° and Dorn" on a 
series of aluminum alloys seem to show a decrease 
in the exponent of the stress upon alloying. 

The second purpose of this experiment was to 
look for a change in the stress dependence in a num- 
ber of binary alloys. For convenience of testing 
conditions we chose a series of lead alloys and of 
indium alloys. 


EXPERIMENTAL DETAILS 


The materials used in this investigation were 
99.999 pct pure lead, indium, cadmium, mercury, 
and bismuth, 99.99 pct pure tin, and 99.9 pct pure 
thallium (principal impurity of Tl was Cd). Speci- 
mens were in the form of wires of approximately 
0.1 in. diam and 2 in. gage length. The pure in- 
dium, pure lead, and indium alloys were tested in 
a helium atmosphere in a constant tensile stress 
apparatus. The lead alloys were tested in air under 
constant tensile load. Except for the pure lead, all 
specimens were polycrystalline; the grain size was 
fairly large, of the order of 7/3 to 2 mm in diam. 
(The lead alloys with 4.8 pct Cd, however, hada 
grain size of the order of 7/2 mm.) Single crystals 
‘of pure lead were used rather than polycrystalline 
samples in order to avoid the well-known recrys- 
tallization effect which produces steps in the creep 
curves. Single crystals of lead were grown using 
the Noggle soft mold technique in a manner previ- 
ously used to obtain aluminum creep specimens. 
The pure lead specimens were cut from two crys- 
tals. (Orientation of specimen axis with the [100] 
directions for one crystal was 74, 30, and 65 deg, 
and for the other was 83 + 2 deg, 45 + 2 deg, and 
45 + 2 deg. In Table I the data of the first three 
rows plus the 424°K creep rate of the fourth row 
come from specimens cut from the first crystal. 
The remainder of the pure lead data is from 
specimens of the second crystal.) 

Each specimen was annealed in situ before a 
creep run at the highest temperature that was used 
for the particular alloy. 

The composition of the alloys reported in Table I 
are average ones. The actual composition of a par- 
ticular sample may be off as much as 10 pct from 
the mean. The variation in creep rate caused by 
this uncertainty in alloy composition should be 
smaller than the usual specimen to specimen scatter 
in creep rate. ‘ 

The creep rate of indium and the indium alloys 
was usually found to be constant over a wide strain 
region, usually from 5 to 25 pet. It proved to be 
practical on a majority of the specimens tested to 
obtain two steady-state creep rates by increasing 
the stress after the creep run was half finished. 
Only one creep rate was obtained per sample for 
the lead and the lead alloys because of the more 
limited region of steady-state creep. 


RESULTS AND DISCUSSION 
The data for all tests are given in Table I. The 
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graphical display of this data in a meaningful fashion 
presents problems which we wish to discuss in some 
detail. The fundamental quantities of interest in any 
steady-state creep experiment are the stress de- 
pendence of creep and the activation energy. The 
representation of the former presents little diffi- 
culty. One merely plots creep rate vs stress for 
tests at constant temperature. Figs. 3 through 15 
show such plots. (In these figures the creep rates 
at each temperature are normalized to remove the 
effect of temperature differences. How this is ac- 
complished will become apparent in the course of 
the paper. In the case of the plots among these fig- 
ures such a normalization merely moves the points 
up and down by a constant amount and does nothing 
to the stress dependence. The operation is equiva- 
lent to changing the units of creep rate from, say, 
sec”* to year~’. The creep rates at the different 
temperatures are shifted so that they fall on top 

of each other in the overlapping stress ranges. In 
this way the stress dependence can usually be ob- 
tained from the raw creep data over a very wide 
stress range without resort to any particular creep 
theory.*) Since the creep rates obtained at different 


*An exception to this statement is the theory of Feltham (Acta Met., 
to be published) in which the activation energy of creep is stress de- 
pendent and this stress-dependent energy itself has an activation energy! 
The simple procedure described above will not work for theories with 
such an intricate stress-temperature dependence. 
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Fig. 3—Double log plot of temperature-compensated creep 
rate vs stress for polycrystalline indium and single-crys- 
tal lead. 
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Table |. Creep Rates of Lead, Indium, and Alloys of Lead and of Indium 


T = Temperature in °K, o-= Stress in Units of 10° Dynes/Cm?, K = Creep Rate in Units of 10-°/Min 


Pure Lead 

11 

583 Fok 2.8 583 2.5 0.023 582 | 14 73 522 | 14 Lez 523 Tek 0.13 522521 
473 | 14 0.081 473 | 28 13 468 Ton 0.0036 | 472 | 15 0.17 422 | 17 0.0025 | 422 | 21 0.011 
423}: 31 0.17 370 | 27 0.0013 | 372 | 44 2.4 368 | 69 150 320 | 44 pal 563 lok yi 
424 | 34 1.5 543 | 18 8.4 544 Tek 0.20 458 | 21 0.14 393 | 53 52 590 3.6 0.29 
465 | 12 0.029 495 8.6 0.047 593 | 11 30 417 | 36 6.6 ANT 25 0.024 582 8.6 | 11 
586 (ea 4.3 587 Gy | az: 520 5.1 0.0020 | 583 3.6 0.19 

Pure Indium 
413 2.4 0.60 413 4.8 | 19 413 1.3 0.017 413 7.2 |110 373 The A em 373 4.0 0.62 
S/3 ie 12 =1'560 373 9.6 | 24 333 9.6 0.61 333 Sh 0.011 333 | 16 25 304 | 18 8.0 
301 | 24 | 160 301 | 14 2.6 2:3 318 | 16 200 
318 | 16 26 413 1.6 0.15 PA fos aN iY f 12 2731-19 0.99 273 | 14 0.12 333 4.8 0.064 
318 4.8 0.027 333 7.2 0.45 318 7.8 0.32 318 9.6 0.62 336 5.8 0.43 


Indium with 2.9 At. Pct Sn 


373 4.8 0.52 373 25 373 2.9 0.11 413 4.8 | 16 413 6.1 | 41 318 0.027 
318 | 12 0337: 413 1.6 0.38 413 2.4 IZ 373 5.9 12 373 ee fallen C0) 333 5.9 0.023 
333 9.6 0.20 333 | 14 12 
Indium with 7.9 At. Pct Sn 
413 4.8 | 13 413 333 4.8 0.024 273 | 36 0.19 273) 100 273 | 48 41 
299 | 24 14 207 NEAT. 0.060 297 | 19 0.46 298 | 14 0.044 333 | 14 1.4 413 2.4 sles 
413 1.6 0.23 413 ByYh Gye) 413 re 0.058 373 4.8 0.58 373 Whee? 2.4 373 9.6 8.6 
373 2.9 0.080 333 9.6 0.33 333 7.2 0.082 333 | 12 15 
Indium with 1.6 At. Pct Sn 
373 2.4 0.045 373 4.0 0.43 373 6.4 3.8 413 1.6 0.25 413 2.4 0.91 413 4.8 | 28 
413 7.2 | 290 318 Tee, 0.025 318 | 12 263 318 9.6 0.20 318 | 11 1) 333 3.5 0.0066 
333 0.17 373 3:5 0.16 413 413 5.3.) 56 333 4.8 0.020 333 0.15 
Indium with 12 At. Pct Pb 
22 6.2 373 | 29 16 373 0.15 0.81 413 2.4 0.13 0.083 
333 | 24 0.21 333 | 14 0.049 333 | 19 0.12 413 4.8 1.7 413 Ten 5.8 


Indium with 1.2 At. Pct Pb 


373 | 6.1 0.84 373 4113 58 373 2.4 | 0.011 373 9.6) 1548.7 373 Sof 0.052 373 | 11 vue 
413 | 2.4| 0.47 413 | 4.8 | 8.9 762) 67 318 | 7.2} 0.0070} 318 | 17 0.26 413 355 0.94 
413 | 6.1] 16 318 | 12 0.15 


Indium with 0.9 At. Pct Pb 


373 8.6 | 80 373 50 3.2 373 1.6 0.0052 | 373 3.5 0.075 318 Wad 0.071 413 1.6 0.34 
318 | 12 50 413 2.4 2.3 413 3.5.) 20 373 SR 0.42 
Indium with 2.9 At. Pct Pb 
373 4.8 0.095 S732 3.8 373 7.8 0.57 yey teal 21 413 2.4 0.15 413 4.8 2.6 
413 5.9 3.6 300 | 24 0.028 333 9.6 0.043 333 | 29 5a2 333 |u12 0.086 333 | 19 0.48 
413 3.5 0.88 413 Tao | ok 413 4.0 1.3 413 Te2aals 318 | 34 4.0 318 | 48 51 
318 | 24 0.45 
Indium with 6.8 At. Pct Pb 
413 ion, 10 413 | 12 68 413 3.5 0.77 Sia al2 2.4 373 | 19 9.7 373 | 29 88 
130 373 4.8 0.081 413 1.6 0.042 333 | 36 4.5 273-3155 0.027 0.065 
273 | 96 3.0 301 | 36 0.072 333 | 24 0.27 333 | 17 0.12 301 | 24 0.015 
Indium with 0.48 At. Pct Hg 
413 4.8 | 21 413 S35 1.6 413 2.4 0.20 373 UD 4.9 Seve) 85 
07, 16 333 4.8 0.021 333 the? 0.27 
Indium with 6.0 At. Pct Hg 
373 Tels) 53 373 3.5 7.7 333 URE 0.88 333 Si? 6.8 373 1.6 0.15 373 
373 9.6 | 160 301 | 14 0.45 373 2.4 1.1 373 153 0.11 BSEY iy 19 318 us a 
318 | 22 8.0 318 | 13 1.8 318 6.2 0.081 333 3:5 0.042 333 4.8 0.13 
Indium with 1.1 At. Pct Hg 
373 4.8 0.71 373 Wee 3.8 373 4.0 0.51 373 1.8 0.011 318 Tae 0.048 318 | 12 
403 3.5 1.4 403 4.8 Tice 318 9.6 0.17 318 | 19 4.4 403 1.6 0.070 373 9.6 pee 
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Indium with 2.9 At. Pct Hg 

Indium with 4.0 At. Pct Hg 

373 | 4.8 | Das | 373 Ue | 10 | 373 | 1.6 | 0.039 | 373 | 1.6 | 0.045 | 373 2.4 | 0.17 | | | 
Indium with 11 At. Pct Th 

4.4 S738) S17: 26 373 20:27 37351) 4:85) 11 3731 10,021 

413 | 7.2} 22 318 | 14 0.055 | 318 | 24 0.56 413 | 2.4] 0.34 413 | 3.5 1.9 318 | 36 3.9 


Indium with 5.9 At. Pct Th 
373 | ia 1.1 | 373 | 12 | 14 | 373 | ag | 0.046 | 373 | 5.3 | 0.25 | 373 | 9.6 | 4.9 | | : 


Indium with 18 At. Pct Th 


ays" Vege 1.3 373 8.8 33 373 4.8 0.53 373 35 0.16 413 2.4 252 413 3.5] 14 
333 ee 0.015 413 2.4 4.4 413 13 0.58 333 | 14 0.15 333 | 24 3:5, 
Indium with 27 At. Pct Th 
373 | 14 5.2 373 72 0.63 373 4.8 0.23 373 5.3 0.15 318 | 14 0.025 318 | 26 0.19 
318 | 48 35 318 | 72 32 413 1.6 0.039 413 4.8 S53 413 Teas I'S} 413 | 24 0.22 
413 3.5 0.66 
Indium with 4.7 At Pct Th 
373 2.4 0.028 373 1624 3.4 373 9.6 3.9 373 4.8 0.36 373 9.6 9.8 318 | 12 0.15 
318 8.3 0.016 413 2.4 0.85 413 4.8 | 27 318 | 17 £2 318 | 24 15 413 1.6 0.17 
413 335 6.7 413 3.1 6.5 333 4.8 0.012 333 Te2 0.055 333 9.6 0.18 333 | 12 0.41 
Indium with 36 At. Pct Th 
373 | 24 4.5 Sy ey lily 1.8 373 4.0 0.014 373 | 12 0.46 373 9.6 0.23 413 2.4 0.022 
413 4.8 0.45 413 Lhe 2.1 413 9.6 7.0 318 | 24 0.029 318 | 36 0.13 413 2.4 0.030 
413 3.5 0.14 
Indium with 5.1 At. Pct Cd 
403 4.8) 62 403 2.4 5.9 373 4.8 ad 403 J23) 0.46 333 4.8 0.011 333 | 12 0.42 
373 7.2| 74 373 2.4 0.76 373 3.5 2.6 373 1.6 0.11 403 1.6 0.1 403 3.5| 28 
333 Ted 0.067 333 | 17 1.4 318 9.7 0.027 318 | 14 0.097 418 | 19 0.36 318 | 29 4.7 
Indium with 2 At. Pct Cd 
373 9.4 373 2.9 0.055 373 4.8 0.39 373 9.6 7.8 403 4.8 6.0 
403 7.2| 43 318 | 17 0.49 403 2.4 0.48 403 4.0 3.1 318 "ee 0.034 318 | 12 0.071 
333 Ue? 0.048 3335} 12 0.46 333 9.7 0.15 333 | 14 2 
Indium with 3 At Pct Cd 
373 373 0.37 373 2.9 0.057 373 9.6 


7.2 2.0 - 4.8 4.2 318 | 12 0.027 | 318 | 17 0.098 
403 4.8 6.0 403 UPN EL! 318 | 24 0.88 318 | 31 3.7 403 2.4 0.37 403 4.0} 2.2 
4.8 0.010 333 7.2 | 0.031 333 | 12 0.19 833) 0.4 


Indium with 3.7 At. Pct Cd 


373 9.6 | 35 373 4.8 2.9 373 1.6 0.098 373 Ted 333 4.8 0.12 333 Ts2 0.60 

373 2.4 0.33 373 3.5 0.96 333 9.7 1.8 333 | 14 12 393 35 4.9 393 4.8) 15 
Indium with 1 At. Pct Cd 

373 4.8 0.81 373 TEL 6.3 373 2.9 0.10 373 6.4 4.1 403 4.8 fee) 403 7.2| 82 

318 | 12 0.15 318 | 15 0.80 318 8.8 0.019 318 | 19 40 403 2.4 0.33 403 4.0 4.1 

333 0.094 333.4) 12 4.4 


333 4.8 0.016 333 9.6 0.45 


Lead with 4.8 At. Pct Cd 


473 | 15 0.49 473 | 38 24 473 | 23 2.9 473 7.7 0.053 473 | 54 92 423 | 54 4.8 
423 | 19 0.13 423 | 12 0.036 423 | 31 0.40 


Lead with 1.8 At. Pct Cd 


473 | 15 0.25 473 7.7 | 0.018 473 6.2 0.010 | 473 | 38 9.5 523%\5 23 15 523H Oe 
523 4.6 0.027 | 423 | 15 0.016 423 | 54 PR) 573 | 4.6] 0.14 573 Ustl 2.4 S235 


mw 
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K K K T K ib. o K K 
Lead with 3.7 At. Pct Cd 
0.073 
473 | 15 0.39 473 | 38 17 473 | 23 2.4 473 Gif 0.024 523 9.2 1.4 523 4.6 k 
523) 25 423 | 15 0.047 423 | 31 0.42 523 Teh 0.62 523 5.8 523 6.2 0.22 
423 | 23 0.10 423 | 46 2.9 
Lead with 19.4 At. Pct Sn 
473 | 23 0.89 473 ol 2.0 473 | 38 7.6 473° | 45 0.27 473 | 12 0.11 473 | 46 12 
473 5.4 0.0078 | 473 ade 0.031 423 | 15 0.024 423 | 54 0.63 423 |100 4.5 423 | 38 0.28 
423 | 31 0.16 223 0.11 
Lead with 17.6 At. Pct Sn 
473 | 23 ital 473 | 38 3.6 473 | 15 0.22 A73° | 12 0.085 473 5.4 0.0072 | 473 Tel. 0.030 
523 6.2 0.16 423. | 19 0.029 
Lead with 4.4 At. Pct Sn 
473 | 54 83 473 | 23 0.61 473 | 31 2.4 473 | 38 12 473 Heil 0.0038 | 473 | 15 0.19 
212 0.032 13 523 9.2 0.20 523 6.2 0.033 17, 423 | 54 0.86 
423 | 38 0.17 423 | 23 0.026 573 ah 2.0 
; Lead with 7.8 At. Pct Sn 
473 | 23 0.32 4730 31 0.85 473 | 38 hyd 473 | 54 19 ATS Nes 0.066 473 | 54 14 
EVRY || BS} 4.6 523 | 12 0.30 523 6.2 0.031 423 | 62 0.70 473 Tel 0.0060 | 423 | 46 0.13 
423 | 27 0.024 523-7017, 1.9 523 9.3 0.22 423 | 50 0.13 473 | 46 6.7 
Lead with 5 At. Pct Bi 
473 | 23 V7; 473 | 15 0.24 473.| 19 0.88 473 | 10 0.053 523 | 13 3.8 523 5.4 0.019 
423 | 38 0.77 423 | 19 0.048 
Lead with 16 At. Pct Bi 
473 | 23 4.1 473 | 15 0.36 473 9.2 0.020 473 | 20 12 473 | 10 0.10 423 | 38 0.78 
423 | 15 0.042 
Lead with 0.5 At. Pct Bi 
473 | 19 3.8 A731 12 0.10 473 eh 0.012 523 9.2 0.97 523 5.4 0.034 47315 0.34 
423 | 23 0.25 423 | 31 1.9 423 | 11 0.0017 
Lead with 8 At. Pct Bi 
473 | 15 0.26 473 | 23 57 473 | 31 7.8 523 6.2 0.0084| 523 Tf. 0.088 52323 24 
423 | 23 0.079 523 5.4 0.023 
Lead with 12 At. Pct Bi 
473 | 15 0.22 473 | 19 0.61 473 5.4 0.0032 | 473 tel 0.013 423 | 54 2.4 423 | 19 0.040 
423 | 38 123 
Lead with 2 At. Pct Bi 
473 | 23 3.2 473 | 15 0.36 ATS ae3t 23 AT3\4\ 12 0.085 523 | 14 3.0 523 | 23 68 
423 | 62 64 423 | 31 0.55 57S s\40 29 573 Bel 0.67 573-15 30 423 | 31 0.40 
Lead with 31 At. Pct In 
473 | 23 9.0 473 | 38 30 473 | 31 23 473 | 54 |120 473 5.4 0.022 473 lak 0.20 
423 | 23 0.23 423 ed 0.011 423 | 54 6.5 423 | 31 1a 
Lead with 3.5 At, Pct In 
Lead with 16.7 At. Pct In 
473 | 54 37 473 | 31 6.1 473 | 38 10 473 | 23 2.0 473 Tesh 0.033 523 | 15 4.4 
523 | 3.8| 0.023 | 523 | 7.7 |: 0.38 | 423 | 54 1.4 423 | 31 0.19 | 423 | 15 
| 2.7 473 0.20 15 | 0.022 | 523 | 5.4 | 0.090 
Lead with 8.7 At. Pct In 
473 | 23 1.0 473 | 38 6.5 473 | 15 0.23 473 | 54 31 473 Yisth 0.0081 | 523 | 23 
: 13 
523 6.2 0.026 523 | 14 1.6 423 | 54 2 423 | 23 0.032 | 423 | 15 0.0055 
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mw 


Lead with 54 At. Pct In 


423 | 19 1.4 423: 423 | 14 1.8 423 | 7.7| 0.13 

423| 3.1| 0.0091] 373 |46 | 18 373 14 
Lead with 64 At Pct In 

423 | 29 | 36 423 |31  |160 423 | 46 | 0.16 | 423 | 7.7| 3.7 423 | 2.3 | 0.0054 | 373 | 31 3 

373 | 77 | 60 373 | 19 0.24 | 423 | 11 6.7 403: 4 
Lead with 43 At. Pct In 

423 | 23 0.37 | 423 | 7.7 | 0.0056 | 473 | 6.2 | 0.097 | 473 | 9.2] 0.18 | 432 | 31 21 423 |13 | 0.10 


7.7, 


0.0019 | 373 | 46 0.91 3735)| 23 0.022 


can see how well the data of one temperature range 
overlap that of another. 

A meaningful determination of the trwe rather 
than an apparent creep activation energy is, un- 
fortunately, not so easy for our type of experiment. 
The apparent activation energy is, of course, de- 
termined easily from constant stress tests made 
at various temperatures. However the apparent 
activation energy may differ considerably from the 
true activation energy. The following dimensional 
argument illustrates the difficulty in determining 
the true activation energy: It is obvious from ex- 
perimental data that the creep rate is strongly 
stress dependent. For the sake of argument let 
this dependence be 0”, where m is a constant, al- 
though any other function will do. Since the dimen- 
sional units of creep rate are (time)~’, all other 
units must cancel out in the ‘‘true’’ creep equation. 
Hence we can expect that in order to keep the creep 
equation dimensionally correct the stress term will 
appear in the form of o” L°*/u."(kT)*, where L has 
the dimension of length and 7,+s =m. Since uw and 
T are temperature-dependent quantities, their de- 
pendence must be taken into account when finding 
the true activation energy. In alloys an even more 
serious situation arises. If creep is controlled by 
any one of a number of ordering processes the tem- 


perature dependence of ordering must be considered. 
To obtain the true activation energy of creep the 
correct creep equation must be known so that proper 
account can be taken of all temperature-dependent 
terms. Unlike the case of the stress dependence, 
there is no way of obtaining the true activation en- 
ergy from the raw data alone.* The best that can be 


*In the case of pure metals, there is a type of creep experiment 
(not used by us) which greatly reduces the difficulties we have men- 
tioned. This is the method of Dorn and Sherby, in which small tempera- 
ture changes are made during a test and the resulting changes in creep 
rate noted. It can be shown easily that in most cases the changes in 
the elastic constants within such small temperature intervals have 
little effect on the determined creep activation energy. However in an 
alloy where order may be changing rapidly with temperature, the diffi- 
culties may persist. 


done is to apply some creep theory and hope that it 
is sufficiently close to the correct theory to give 
reasonable creep activation energies. We have ap- 
plied our own theory in these activation energy de- 
terminations. As no other dislocation theory exists 
which gives an explicit expression for the tempera- 
ture-dependent terms we are unable to calculate 
other activation energies for the purpose of com- 
parison. The controlling creep mechanism is not 
not known for our alloys and so the activation en- 
ergies listed for them may be greatly in error. 

The creep activation energies given in this paper 
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Fig. 5—Double log plot of (45 m% 7/515?" vs stress at 
which creep curve deviates a factor of ten from a power 
law. 


are determined by using temperature-compensated 
creep rates. This method is now well known from 
the work of Dorn and Sherby and needs no ex- 
planation. 

In Fig. 3 the data for pure indium and pure lead 
are shown on a log-log plot of temperature-compen- 
sated creep rate vs stress. The activation energy 
that was used in the temperature-compensated 
creep rate for indium is 17,900 cal per mole, the 
value reported by Eckert and Drickamer’ for self- 
diffusion of indium. The activation energy used for 
lead is 27,900 cal per mole, the value reported by 
Hevesy, Seith, and Keil’® for self-diffusion of lead. 
This activation energy fitted the data better than 
newer determinations of the self-diffusion activa- 
tion energy of lead (25,700 cal per mole by Okkerse** 
and 24,210 cal per mole by Nachtrieb and Handler.” 

In calculating the temperature-compensated creep 
rate it is important for reasons mentioned before 
to include the temperature variation of the elastic 
modulus p. The temperature variations of c,, for 
indium and both c,, and (c,, — c,,) for lead have been 
measured by Cardinal and Hart. We have as- 
sumed that for indium the temperature variation of 
u. is the same as that of c4,. (Such is the case for 
lead.) If the temperature variation of yw is not taken 
into account, higher creep activation energies have 
to be used in order to bring the data at different 
temperatures together on a temperature compen- 
sated creep rate plot. For lead an activation energy 
of around 34,000 cal per mole would have to be used. 
An even more striking example of the effect of the 
temperature variation of the elastic constants is 
furnished by silver bromide. If the temperature 
variation is not taken into account the creep activa- 
tion energy is calculated to be about 65 kcal per 
mole. If the temperature variation 1s not taken into 
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Fig. 6—Double log plot of temperature-compensated creep 
rate vs stress. 


account the creep activation energy is calculated to 
be about 65 kcal per mole. If the variation is con- 
sidered, the activation energy is about 51 kcal per 
mole (which is the same as that for self-diffusion 
of bromine). 

In Fig. 4 the indium and lead data are replotted 
along with data on other materials.* The solid lines 


*The following constants were used in the calculations for Fig. 4. 
Lead: » 7 from Ref. 16, at 200°C p = 0.559 x 10'* dynes/cm?, b = 3.5 
x 10~, Dz? = 6.6 cm?/sec and Q"* = 27.9 kcal per mole where D = D, 
exp (—Q/kT ) = self diffusion coefficient; Indium: (c,,,, from Ref. 16), 
at 25°C p’* = 0.406 x 10** dynes/cm?, b = 3.3 x 107° cm, D3? = 1.02 
cm’/sec, and Q'? = 17.9 kcal per mole; Nickel: 7 at room tempera- 
ture = 7.5 x 10'* d/cm?. (Data at higher temperatures are not avail- 
able. Calculations were made using only the room-temperature value. 
Since the highest temperature used in the creep tests was only about 
% the melting temperature the error involved in not using By is proba- 
bly not serious.) 6 = 2.5 x 107° cm, Dj? = 1.27 cm?/sec, and Q'° = 66.8 
kcal per mole; Aluminum: Ly from Ref. 20, at 150°C, = 2.35 x 10" 
djcm’, b = 2.86 x 107° cm, Dy = 0.28 cm?/sec (D, is estimated from 
Zener’s theory.2! The self-diffusion coefficient has never been meas- 
ured for Al), and Q = 33.5 kcal per mole (obtained from the creep data 
itself); Silver Bromide: pp from Ref. 22, b = 2.88 x 10-° cm, D3*=6.6 
x 10° cm?/sec, and Q*? = 51 kcal per mole (these values are for self 
diffusion of Br, the slower moving ion); Ice: not enough data are avail- 
able to make calculations. It should be noted that the slope of the 
points of the ice data is closer to three than 4.5. This may indicate 
that a microcreep mechanism of the type discussed by Haasen”* and 
Kronberg™ is operating. However, as discussed by Glen,”* the experi- 
mental data when suitably corrected for various effects may actually 
show a slope closer to 4.2. 

The density of dislocations N of the annealed material was esti- 
mated from Frank-Read source density on any one slip system by the 
formula N% = 1.9 M4, This formula is easily worked out assuming a 
three-dimensional network. 
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in this figure are creep rates calculated with the 
use of Eq. [1]. All the terms appearing in this 
equation can be measured experimentally except 
that density of Frank-Read sources. By fitting the 
theoretical curve to the experimental points at low 
stresses where Eq. [2] is valid, one may obtain the 
value of the density of Frank-Read sources. (At the 
stresses used all the sources should be activated.) 
This value can then be used to calculate the creep 
curve at high stresses and also the stress where 
the power law breaks down. The dislocation den- 
sity of the annealed material corresponding to the 
calculated density of Frank-Read sources is listed 
in Fig. 4. 

In Fig. 5 is given a log-log plot of 
(ur? M*”? (which, except for a con- 
stant and the stress term, is the factor appearing 
in the sinh term of Eq. [1] vs the stress at which 
the experimental creep points deviate by a factor 
of ten from the power law). This plot shows how 
well the theory can account for the relative differ- 
ence from metal to metal of the stress at which a 
power law breaks down. The point for aluminum 
falls the furthest from the curve. However the 
self-diffusion data on aluminum are not known and 
the calculated value of M’? depends on what value 
of D, is used. If D, were such that the dislocation 
density of annealed aluminum be 2.4 x 107/cm? 
instead of the estimated 1.6 x 10°/cm? one would 
obtain the open circle in Fig. 5 for aluminum rather 
than the filled circle. 
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Fig. 7—Double log plot of temperature-compensated creep 


rate vs stress. 
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Except possibly for the case of aluminum it would 
appear that the relative stress at which a power law 
breaks down can be fairly well predicted. As far as 
the absolute stress at which a power law breaks 
down Eq. [1] would describe the data better if the 
¥3/8 in the sinh term were replaced by 3 and the 
term appearing before the sinh term were multiplied 
by 7/sV3. This change would correspond to a change 
in stress at the break of a factor 2.5. 

We consider next the creep of lead alloys and in- 
dium alloys. We are interested in seeing if, at low 
stresses, the exponent over the stress in the creep 
equation can be decreased from values around 4.5 
to values approaching 3 as predicted by Eqs. [2] 
and [3]. The value of the exponent is equal to the 
slope of the experimental curve when the data are 
plotted on a log-log graph of creep rate vs stress. 
In Figs. 6 through 15 the data are shown on a log- 
log plot of temperature-compensated creep rate vs 
stress. The slopes of the curves at the lower 
stresses are tabulated in these figures. 

The temperature compensated creep rate K* in 
these plots is equal to K (7/8) 
exp (Q/kT)/exp (Q/k@) when the slope is greater 
than 3.9 and is equal to K(u 7/9)? (6/T) 
exp (Q/kT)/exp (Q/k@) when the slope is equal to 
or less than 3.9. The temperature @ is a reference 
temperature which was taken to be equal to 373°K 
for indium and 473°K for lead. The reason for using 
two slightly different temperature-compensated 
creep rates is the following: When climb is rate 
controlling the exponent will have values near 4.5 
and Eq. [2] would be used. When the exponent is 
near a 3 a microcreep mechanism is rate control- 
ling and Eq. [3] would be appropriate. If it is as- 
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Fig. 8—Double log plot of temperature-compensated creep 


rate vs stress. 
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Fig. 9—Double log plot of temperature-compensated creep 
rate vs stress. 


sumed that the Cottrell-Jaswon mechanism is the 
most likely rate-controlling process, Eq. [3] be- 
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Fig. 11—Double log plot of temperature-compensated 
creep rate vs stress. 
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Fig. 10—Double log plot of temperature-compensated 
creep rate vs stress. 


comes Eq. [4]. The temperature-compensated 
creep rate of Eqs. [2] and [4] are slightly different. 
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Fig- 12—Double log plot of temperature-compensated 
creep rate vs stress. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 

| 


LEAD RICH CADMIUM | | 
423°K —| 1072 
473°K 
525°k 3.7% x 
° 
Ore |= — 10% 
x ‘e 
4.8% 
= 
° x 
© 
x @ 2 
COMP at% QKcal SLOPE 
° 1.8 3.8 
1077 | | 
10° 107 10° 


STRESS (DYNES/CM2) 


Fig. 13—Double log plot of temperature-compensated 
creep rate vs stress. 


We have therefore used in Figs. 6 through 15 the 
climb temperature compensated creep rate for the 
curves showing the larger exponents and the Cot- 
trell-Jaswon one for the curves with the smaller 
exponents. The values of uy, that were used were 
those of pure indium and pure lead since data on u 
are not available for the alloys. 

The uncertainty in not knowing exactly what tem- 
perature-compensated creep rate should be used 
and the error involved in using 7 of the pure 
metals affect only the experimentally determined 
creep activation energy Q of the alloys. (The ex- 
perimentally determined activation energies are 
tabulated in Figs. 3 through 15.) These uncertain- 
ties do not effect the value of the slope, the quan- 
tity in which we are primarily interested. Thus in 
Figs. 6 through 15 the slopes are correct but the 
activation energies may be in error by 3 or 4 kcal 
per mole. 

There is one complication in the results of some 
of the indium alloys. The crystal structure of 
In-Tl, In-Cd, and In-Hg changes from tetragonal- 
to face-centered cubic upon alloying. The creep 
rates of these indium alloys was found to increase 
by an order of magnitude at compositions where 
the crystal structure changes. This crystal struc- 
ture effect has been shown by Sherby and Lytton” 
and Sherby”” in work on iron and thallium to be 
caused by a change in the diffusion constant. 

From Figs. 6 through 15 it can be seen that al- 
loying in general does reduce the slope from values 
near 4.5 to values near 3. A quantitative check on 
other terms in Eqs. [2] and [4] could be made if y 7 
and the diffusion constants were known as a function 
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Fig. 14—Double log plot of temperature-compensated 
creep rate vs stress. 


of composition. Unfortunately they are not. (So far 
as we know there is no binary alloy system for 
which both these quantities are known.) We have 
therefore tabulated the creep data in Table I so that 
the creep theories we have used, or any other creep 
theory, may be better checked as more experimental 
data on 7 and the diffusion constants become avail- 
able. 

The lead-bismuth alloys do not show a decrease in 
the slope, a fact which suggests that climb is rate 
controlling for all these compositions. There are 
two explanations that can account for this behavior. 
If the solute diffusion constant is very much larger 
than that for the solvent a microcreep mechanism 
involving the solute atom will not control the creep 
rate. Another possibility is that if € is small, much 
more alloying must take place before the Cottrell- 
Jaswon mechanism takes over. For bismuth in lead 
€ is equal to”®”°® 0.018 as compared to — 0.038 for 
indium in lead,”® either®®?*—0.14 or —0.045 for cad- 
mium in lead, and either — 0.062 or —0.028 for tin in 
lead.**»?®> Thus if one considers only the e term in 
Eq. [4] it is seen that about four times as much al- 
loying has to be done to obtain the same effect in the 
lead-bismuth alloys as in the others. 

The fact that the power law breaks down for the 
alloys with a high alloy content requires some dis- 
cussion. The physical reason (according to the 
theory of references 1 and 2) that the power law 
breaks down for pure metals is that at stresses 
above the critical one the overall vacancy concen- 
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Fig. 15—Double log plot of temperature-compensated 
creep rate vs stress. 


tration is greater than for the situation where there 
is no applied stress (below the critical stress the 
average concentration is the same as for the stress- 
free case) and consequently the rate of dislocation 
climb is increased. If a microcreep mechanism con- 
trols the creep rate the breakdown of the power law 
may be due to the fact that if the stress is big enough 
a dislocation can be pulled away from any hindering 
alloying atoms. An explanation we believe equally 
likely is that at the higher stresses the average 
vacancy concentration is greater than in the stress- 
free situation because dislocation climb must still 
take place even though it may not be rate control- 
ling. A higher vacancy concentration in turn leads 
to an increase in the rate of diffusion of the alloying 
atoms in the microcreep mechanism, which in turn 
leads to a breakdown of the power law. 

We have interpreted, on the basis of Eqs. [2] and 
[3], the decrease in the exponent of the stress as 
evidence that climb controls the creep of pure 
metals and dilute alloys and that a microcreep 
mechanism controls the creep of the high-solute 
alloys. It is, of course, possible that climb is 
the rate-controlling process for both cases and 
that the change in the exponent is due to a change 
in the dislocation creep model. (An earlier creep 
model of ours*” in which climb was used as the rate- 
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controlling process actually led to a power law with 
an exponent close to three.) Although it is always 
possible to give an explanation of our results by 
using several dislocation models we feel that an 
explanation in which only one model is used but in 
which a number of rate controlling processes are 
employed is by far the more satisfactory one. 


SUMMARY 


The present investigation has shown that the 
smaller is the elastic modulus of the metal the 
smaller is the stress at which the power law creep 
equation breaks down. The exponent over the stress 
in the region where a power law is valid has been 
shown to be dependent on alloy content. By increas- 
ing the alloying content the value of the exponent de- 
creases from values around 4.5 towards values close 
to 3. This behavior is to be expected if the rate con- 
trolling process changes upon alloying from climb 
to any one of a number of microcreep mechanisms. 
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Some Thermodynamical Considerations in the 


Chlorination of Ilmenite 


Chlorination of the various constituents of ilmenite by dif- 
ferent chlorinating agents in presence of various reducing agents, 
have been considered on the basis of the standard free energy 
and standard enthalpy changes as a function of temperature. The 
standard free energy change considerations show that it is bene- 
ficial to chlorinate ilmenite by chlorine in the presence of carbon 


and also that iron constituent of ilmenite can be preferentially 


C. C. Patel 


chlorinated by chlorine, titanium tetrachloride or their mixture. 


These findings have been corroborated from the published work. 


Meratuurcica processes involving the use of 
titanium tetrachloride have gained in importance be- 
cause of the use of the latter in the manufacture of 
titanium metal. Since ilmenite is more abundant in 
nature than any other titanium mineral, the future 

of the metallurgical processes depends on the utili- 
zation of ilmenite for the production of titanium 
tetrachloride. In these laboratories, investigations 
have been carried out on the chlorination of ilmenite 
under a variety of conditions.”* During these studies, 
it was noticed that 1) preferential chlorination of 
iron was effected at low temperatures (400° to 600°C) 
and at low carbon content (6 to 7 pct), 2) carbonyl 
chloride retarded the chlorination of iron oxides and 
titania perceptibly, while 3) carbon-tetrachloride, 
compounds of sulphur and some other catalysts 
favored the chlorination. Moles* has found that 
oxides of iron are chlorinated in preference to 
titania at high temperatures, while Wilcox* has 
claimed the preferential chlorination of titania be- 
tween 1200° and 1500°C. It has been shown in this 
paper that preferential chlorination of titania claimed 
by Wilcox is not likely to occur. Daubenspeck and 
coworkers’’® have claimed the preferential chlorina- 
tion of iron by chlorine or by a mixture of titanium 
tetrachloride and chlorine between 700° and 1050°C 
in the absence of carbon. Even when plain titanium 
tetrachloride is employed as the chlorinating agent, 
Pascaud’ noticed the preferential chlorination of 
iron and other oxides. The purpose of this paper is 
to explain from thermodynamical considerations, the 
various chlorination reactions studied so far. 


ILMENITE CONSTITUENTS AND THEIR CHLORINA- 
TION PRODUCTS 


Although the general composition of the ilmenite 
mineral is represented as FeTiO,;, most of the 
ilmenites found in nature have variable quantities 
of TiO, (44.6 to 64 pct), FeO (4.7 to 36 pct) and Fe,0, 
(6.9 to 28 pct).* The higher content of ferric iron in 
ilmenites was attributed by Miller® to the presence of 
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arizonite (Fe203-3TiO,). But the X-ray studies by 
Overholt, Vaux, and Rodd’® have shown that arizonite 
is a mixture of haematite, ilmenite, anatase, and 
rutile. Except for the anatase, similar views have 
been advanced by Lynd, Sigurdson, North, and 
Anderson® from magnetic, X- ray, and optical and 
electron microscope studies. The ilmenite ores can, 
therefore, be assumed to consist of mineral aggre- 
gates of ilmenite, rutile and haematite. From the 
free energy of formation of ilmenite (FeTiO,), it has 
been shown by Kelley, Todd, and King** that ilmenite 
is stable even up to its melting point (1367°C) and 
would not undergo decomposition into its constituent 
oxides. Schomate, Naylor, and Boericke™ have found 
that in the presence of a reducing agent the iron 
constituent of ilmenite is selectively reduced. The 
reaction of chlorine with ilmenite in presence of a 
reducing agent can, therefore, be synonymous with 
that of the reaction of chlorine with the constituents 
of ilmenite, viz., TiO,, FeO, and Fe,0,. 

Most of the reaction products of chlorination of 
ilmenite in the presence of reducing agents will be 
in equilibrium with their dissociation products, de- 
pending on the temperature. The titanium tetra- 
chloride is, however, quite stable up to 1500°C due 
to its covalent nature. The equilibrium for the 
ferric chloride system has been investigated by 
Kangro and Bernstorff,* Schafer** and Kangro and 
Petersen,” and the results are summarized in Fig. 
1, curves a, b, andc respectively. From these re- 
sults, it is clear that the ferric chloride disociates 
as follows: 


324° to 700°C 


Fe,Cl,(g) 2.FeCl,(c) + Cl.(g) 


324° to 900°C 
2 FeCl 


[2] 


Reaction [1] (curve a) occurs in the forward direc- 
tion to about 6 pct at 400°C but falls off very rapidly 
with increase in temperature and beyond 600°C, it is 
practically negligible, perhaps due to the formation 
of the stable monomer, FeCl,(g). As the temperature 
is further increased, the amount of FeCl,(g) in- 


Fe,Cl,(g) 
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creases considerably and at 900°C, it is practically 
100 pct. The dynamically determined values (curve 
b) are appreciably higher than the static values 
(curve c). Kubaschewski and Evans” point out that the 
values of the dynamic method will be in error on ac- 
count of the thermal diffusion due to long intervals 
involved during the determination of the dynamic 
values. In the present work, the static values are 
used and the dotted part of the curve c beyond 741°C, 
represents an extrapolated portion. The extrapolated 
curve between 900° and 1000°C finds support from 
the experimental results of Kangro and Petersen,” 
who found FeCl, as the main product of chlorination 
of ferric oxide in this range of temperature. The 
formation of ferrous chloride above its boiling point 
(1026°C) in any appreciable quantity is also ruled 

out since the Kp values calculated from the standard 
free energy data at 1200° and 1500°C are 7.4x107™" 
and 1.2 X 107’, respectively, for the following equi- 
librium reaction: 

2FeCl,(g) = 2FeCl,(g) + Cl,(g) [3] 
These considerations show that the main products of 
chlorination of iron oxides are Fe,Cl,(g) and FeCl,(g) 
between 500° and 900°C, beyond which FeCl,(g) is the 
main stable product up to 1500°C. 

Other equilibrium products formed during the 
chlorination of different constituents of ilmenite in 
the presence of carbon are carbon monoxide and 
carbon dioxide, as 
2CQ(g) = CO,(g) + C (graphite) [4] 
Employing the data given by Wagman, Kilpatrick, 
Taylor, Pitzer, and Rossini,*” the percentage of 
carbon monoxide present at different temperatures 
under equilibrium conditions is given in Fig. 1 
curve d. The products of the chlorination of ilmenite 
with other chlorinating and reducing agents are given 
later. 


100;- 


60 


T 
Fe cl,(s), and c—» FeCl, @, cog) 


EQUILIBRIUM REACTIONS: = 
a. Fe, Cl, Gas) => FeCl, )+Cl2G) 

30}- Fe,Cl, G) 2Fetl,G) - 
d. C+C0,G) ==2C0 @) 

20+ 

300 400 00 


Fig. 1—Equilibrium data as a function of temperature. 


THERMODYNAMIC AL EQUATIONS AND CHEMICAL 
REACTIONS 


Eqs. [1] and [2] given below, having the usual sig- 
nificance for the symbols, are employed to calculate 
the standard enthalpy (AH*) and the standard free 
energy (AF 7) changes respectively at various tem- 
peratures: 


Aue Ab 


ABS + 4 [1] 


Table |. Thermodynamic Data 


Heat of Formation 


Free Energy of Formation 


Heat Capacity at Constant Pressure 
(T = °K) in cal mole 


Cp =a+bT—c/T’ Range of 
AH; in kcal/Mole Refer- AFP in kcal/Mole Refer- Tempera- Refer- 

Substance State at 298°K ence at 298°K ence a bx 10° exl0-° — ture°K ence 
( Graphite - = - - 4.10 1.02 2.10 298—2300 22 
Gas -53.30 18 -50.31 18 14.51 - 18 
co, Gas -94.05 18 -94.26 18 10.55 2.16 2.04 ~298— 2500 22 
co Gas -26.42 18 —32.81 18 6.79 0.98 0.11 298—2500 22 
CEI; Gas -25.5 18 -15.3 18 23.34 2.3 3.6 298 — 1000 22 
Cl, Gas - - - - 8.82 0.06 0.68 298-3000 22 
FeO (e -63.7 18 -58.4 18 12.38 1.62 0.38 298-1200 22 
Fe,0, S -196.5 18 -177.1 18 24.72 16.04 4.234 273-1087 24 
FeCl, Gas -39.9 20 ~36.64 19 14.0 - - - 25 
FeCl, Gas -63.5 23 -63.78* 18.0 (14.00 +0.0045)?* - 25 
Fe,Cl, Gas -159.55 20 -144.5 19 34.0 (30.25+0.005 )** - 20 
S, Gas +31.02 24 +19.36 24 8.54 0.28 0.79 298—2000 22 
so, Gas -70.96 1g) -71.79 18 10.38 2.54 1.42 298-1800 22 
TiO, -225.52 21 -212.31 21 17.97 0.28 4.35 298-1800 22 
TiCl, Gas -183.0 21 -174.2 21 25.45 0.24 2.36 298-2000 22 


*Calculated from of FeCl,(g)*? = 87.4 e.u. 
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Table Il. Coefficients in Free Energy and Heats of Reaction Equations 


The values of various coefficients given below make possible to calculate AFP and AH? 


temperatures using the following equations: 


values at different 


i) AF2 = AHS — Aa 2.303 T log T — Ab/2 T? + BS + 
ii) = AHS + AaT ie 


IT. 


The thermodynamical data used in the present cal- 
culations are given in Table I. Chemical reactions 
that occur during the chlorination of ilmenite are 
given in Table II. The values for AF? and ob- 
tained by making use of Eqs. [2] and [1] and sub- 
stituting the values of coefficients given in the same 
table, are represented in Figs. 2 to 3 and 5 to 6, 
respectively. For the purpose of calculations, 3g 
mole of chlorine or its equivalent at a partial pres- 
sure of one atmosphere are taken in each of the 
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No. Reaction AH? j Range 
A) Chlorine as chlorinating agent 
a) Carbon (graphite) as reducing agent 
1) 3/2 Ti, (c) + 3C1, (g)+3/2C=3/2 TiCl, (g)+3/2CO,(g) -73989 --5.57 +0.735 -5.115 63.57 573 to 873 
2) TiO, (c)+3Cl, (g)+3C = 3/2 TiCl, (g)+3CO (g) -9720 -7.17 -0.18 -10.995 -140.8 above 873 
3) 2FeO (c)+3Cl, (g)+C = Fe,Cl, (g)+ CO, (g) -122079 -10.77 -1.14 -2.86 -59.7 573 to 873 
4) 2FeO (c)+3Cl, (g)+ 2C = Fe,Cl, (g) + 2CO (g) -79179 -11.84 -1.75 -6.78 -111.6 873 to 1273 
5) 2FeO (c)+3Cl, (g)+2C = 2FeCl, (g) + 2CO(g) -47076 -9.84 -1.75 -6.78 -151.1 above 873 
5A) 2FeO (c) +3Cl, (g) + C=2FeCl, (g) + CO, (g) -89975 -8.77 -1.14 -2.86 -99.17 873 to 1273 
*6) 3FeO (c)+3Cl, (g)+3C = 3FeCl, (g)+3CO(g) -829 -13.53 -2.58 -9.15 -181.1 1323 to 1773 
7) Fe,0, (c)+3C1, (g)+3/2 C=Fe,Cl, (g)+3/2 CO, (g) -99181 -7.51 -7.25 -6.364 -74.01 573 to 873 
8) Fe,O, (c)+3Cl, (g)+3C =Fe,Cl, (g)+3CO (g) -34912 -9.11 -8.17 -12.244 -151.2 873 to 1273 
9) Fe,O, (c)+3Cl, (g) + 3C =2FeCl, (g)+ 3CO (g) -2808 -7.11 -8.17 -12.244 -190.6 above 873 
9A) Fe,O, (c)+3Cl, (g)+3/2 C= 2FeCl, (g)+3/2 CO, (g) -67077 -5.51 -7.255 -6.364 -113.5 873 to 1273 
*10) 3/2 Fe,O, (c)+3C1, (g)+9/2C =3FeCl, (g)+9/2 CO (g) 65571 -9.43 -12.2 -17.346 -240.5 1323 to 1773 
b) Sulfur as reducing agent 
11) 3/2 TiO, (c)+ 3C1,(g)+ 3/4 S,(g)=3/2 TiC1,(g)+3/2S0,(g) -63432 -5.09 1.68 -3.488 -31.86 673 to 1273 
12) 2FeO (c)+3Cl, (g)+1/2S, (g) =Fe,Cl, (g) + SO, (g) -114818 -11.11 -0.51 -1.775 43.52 673 to 1273 
13) Fe,0O, (c)+3Cl, (g)+3/4S, (g)=Fe,Cl, (g) + 3/2 SO, (g) 88326 -8.03 -6.31 -4.737 48.96 673 to 1273 
c) CO (g) as reducing agent 
14) 3/2 TiO, (c)+3Cl, (g)+3CO (g)=3/2 TiCl,(g)+3CO,(g) -138414 -3.96 +1.65 +0.765 +14.96 673 to 873 
15) Fe,0, (c)+3Cl, (g)+3CO (g)=Fe,Cl, (g) + 3C0, (g) -163606 -5.9 -6.34 -0.484 +4.54 673 to 873 
B) COC1,(g) as Chlorinating agent 
16) 3/2 TiO, (c) +3COC1, (g)=3/2 TiC, (g)+3CO, (g) -59690 -0.66 +3.21 +3.135 -55.08 673 to 873 
17) Fe,0, (c) +3COCI1, (g) = Fe,Cl, (g) +3 CO, (g) -84883 -2.6 -4.78 +1.886 -65.48 673 to 873 
C) CCl,(g) as Chlorinating agent 
18) 3/2 TiO, (c)+3/2 CCI, (g) = 3/2 TiCl, (g) + 3/2 CO, (g) -34877 -7.97 -0.14 -5.325 -131.6 673 to 873 
19) Fe, O, (c) +3/2 CCI, (g) = Fe,Cl, (g) + 3/2 CO, (g) -60068 -9.91 -8.125 -6.574 -142.0 673 to 873 
*Hypothetical, FeCl, (g) as product of reaction. 
AF? = AaT In T - T? 4 [2] reactions. This makes possible a direct comparison 
of the various chlorination reactions. 


RESULTANT STANDARD FREE ENERGY CHANGE 
CURVES 


The resultant curves for the standard free energy 
changes in the chlorination of TiO,, FeO and Fe,O, 
by chlorine with carbon as reductant are obtained by 
making use of the data plotted in Fig. 1 and Fig. 2 
(except curves 6 and 10 with carbon). To get the re- 
sultant curves, the curves in Fig. 2 can be extended 
both ways since the standard free energy change is 


VOLUME 218, APRIL 1960-221 


1000 1100 1200 
T T 


1300 
| 


1400 _1§00°C 
T 


400 500 600 700 800 
4 T T T T 

t 


Ss 


N 

~ 

© 100 

wy 

8 

2 120 

Q tho 

\ 

= 15. Fe,0,+CO+CL, 
“re 18 16. Ti0,+ COCL, 
—~8 17, Fe,03+ COCL, 


18.710,+ CCl, 
19. Fe,0,+CCL, 


200}- 120}- 


Fig. 3 


Fig. 2, 3—Standard free energy changes 
of reactions of different constituents of 
ilmenite as a function of temperature. 


1 


approximately a linear function of temperature so 
long as the products and the reactants do not undergo 
any phase change. It is assumed that the various 
chlorination reactions proceed to the extent of at- 
taining the equilibrium conditions of reactions [2] 
and [4] as represented by curves c and d, respec- 
tively in Fig. 1. The method of obtaining the re- 
sultant curve can be followed by taking an example 
of the chlorination reaction of Fe,0, at 700°C. Sup- 
pose the main reaction is as follows: 


Fe,0,(c) + 3C1,(g) + 3C (graphite) = Fe,Cl,(z) 
+ 3CO(g) [5] 


Fe,Cl, and CO formed undergo dissociation accord- 
ing to reactions [2] and [4] above. The actual state 

of dissociation under equilibrium conditions can be 
found by referring to the curves c and d in Fig. 1. 
Accordingly, the amount of Fe2Cl, and FeCl; are 

40 and 60 pct, while CO and CO, are 63 and 37 pct, 


respectively. AF 799% for FeCl, reaction product, 
when CO and CO, are in the above mentioned pro- 
portion, is obtained from the curves 9 and 9A 

(Fig. 2), according to which the overall value for 

AF 599°¢ is -133.5 kcal per 3g mole of chlorine. 

This procedure can be employed since the ratio of 
CO and CO, in the reactions represented in the 
curves 9 and 9A is in the desired proportion of 2:1, 
as required by the dissociation reaction (4). Simi- 
larly, the overall value of AF 79°, for Fe,Cl, for the 
same proportion of CO and COz is —114.1 kcal per 3g 
mole of chlorine. Both these values are plotted in 
curves 7 and 4, respectively of Fig. 4. Now the re- 
sultant AF Fe,Cl,, FeCls, CO and CO, 

are in the equilibrium state can be obtained by taking 
60 pct of the overall value of AF yo9ec from the curve 
7, Fig. 4, and 40 pct of the AF 40, from the curve 

4, Fig. 4, since FeCl, and Fe2Cl¢ are in the ratio of 
60 to 40 at 700°C. Thus the resultant AF 49°, is 
—125.8 kcal per 3g mole of chlorine. By adopting 


Fig. 4—Resultant standard free-energy 
changes for chlorination of different con- 
stituents of ilmenite as a function of tem- 
4 perature. 
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such a method, the resultant curves 1, 3, and 5 given 
in Fig. 4 are obtained. These curves give the overall 
picture at the equilibrium conditions during the 
chlorination of ilmenite. 


INFLUENCE OF TEMPERATURE ON THE CHLORI- 
NATION OF ILMENITE BY CHLORINE WITH — 
CARBON AS REDUC TANT 


Since the three resultant curves 1, 3, and 5, Fig. 4, 
for the chlorination of TiO,, FeO, and Fe,0, have 
negative values for the standard free energy changes 
the reactions should proceed spontaneously. Total 
chlorination of ilmenite by chlorine in presence of a 
sufficient amount of carbon (30 pct) between 500° to 
800°C is in accord with this fact.’ Further, since the 
curves for FeO and Fe,O, are below the titania curve 
throughout the temperature range considered, the 
chlorination of FeO and Fe,O, should proceed pre- 
ferentially when compared to that of titania. This is 
in conformity with the observations made by various 
workers. Manocha’ and Kharkar and Patel’ have ob- 
served preferential chlorination of iron constituents 
in the presence of insufficient amount of carbon (5 to 
7 pct) at 500° to 600°C, thus upgrading the titania 
content of the ilmenite concentrate from about 55 to 
90 pet. Similarly, Moles® has effected the prefer- 
ential chlorination of iron constituents at high tem- 
peratures. From the thermodynamical data, no justi- 
fication can be found for the preferential chlorination 
at 1250° to 1500°C of titania of roasted ilmenite by 
chlorine as claimed by Wilcox.* Theoretical con- 
siderations of Wilska™ are also in accord with our 
findings. 

It may be noted here that the free energy change 
cannot give an indication for the actual reaction rate, 
since the latter is also dependent on the kinetic fac- 
tors. If the free energy value is favorable, it is 
expected that at suitable temperatures, the reaction 
will proceed at a reasonable rate. This is evident 
from the findings of Kharkar and Patel,’ who noticed 
that the chlorination of ilmenite in the presence of 
carbon could not take place at 200°C, even though the 
- AFf values are favorable. At elevated tempera- 


? 
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tures, however, the reactions proceed in accordance 
with the thermodynamic considerations. 


CHLORINATION OF ILMENITE IN PRESENCE OF 
VARIOUS REDUCING AND CHLORINATING 
AGENTS 


A comparison of the free energy curves, Fig. 2, 
with carbon and sulphur as reducing agents indicates 
a higher value of the free energy with carbon, show- 
ing thereby that carbon is a better reducing agent 
than sulphur for the chlorination of ilmenite. Added 
to this, higher temperatures (600° to 1000°C), as 
seen from the plots, are more conducive for the 
chlorination of ilmenite with carbon as a reducing 
agent. The plots of chlorination by carbon tetra- 
chloride (Fig. 3, curves 18 and 19) and carbonyl 
chloride (Fig. 3, curves 16 and 17) indicate an in- 
crease in the free energy with rise in temperature. 
When chlorination of ilmenite was tried employing a 
mixture of chlorine and carbonyl chloride (Cl,:COC1, 
as 4:1) in the presence of carbon, Kharkar and Patel’ 
noticed that the chlorination of the constituents of 
ilmenite is inhibited to an extent of 50 pct and more, 
thus contradicting the theoretical expectation. This 
peculiar behavior of carbonyl chloride could not be 
due to the deposition of carbon on the ilmenite, by the 
disproportionation of carbon monoxide from COC1, 
into carbon dioxide and carbon, as in this case the 
carbon deposit on the ilmenite should enhance the 
chlorination of ilmenite. It has to be concluded, 
therefore, that carbonyl chloride behaves as a pe- 
culiar catalyst poison in the chlorination of ilmenite. 
The effect of poisoning of carbonyl chloride is fur- 
ther confirmed by the observations of Takimoto and 
Hattori ,2° who noticed that when chlorine is mixed 
with carbon monoxide, the efficiency of chlorination 
of titania and ilmenite slag is reduced by nearly 30 
pet. Evidently, in this case also, the mixture of 
carbon monoxide and chlorine behaves like carbonyl 
chloride during the chlorination. Thermodynamic 
data on the chlorination by carbon tetrachloride in- 
dicate that chlorination should proceed with good 
efficiency. The experimental work carried out in 
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this laboratory shows that carbon tetrachloride 
vapour together with chlorine does not greatly ac- 
celerate the chlorination reactions. 

It may be interesting here to point out the in- 
fluence of the reducing agent during the chlorination 
of ilmenite. For this purpose, the nature of the 
standard free energy change curves for oxidation 
reactions, given by Ellingham,”” can be compared. 
The data on the oxidation of carbon and sulphur in 
the presence of oxygen, presented by Ellingham,”” 
indicate negative slope for the oxidation of C~CO 
and positive slope for 38, ~SO,. The free energy 
and the entropy changes in the chlorination of 
ilmenite in the presence of these reductants, Fig. 2, 
follow, more or less, the same trend. This is 
further evident from the direction of the slopes of 
the curves when C and CO are used as reducing 
agents (cf. Fig. 2 and Fig. 3 of this paper and 
Ellingham””) and both are oxidized to CO . 

This shows that the reducing agent employed dur- 
ing the chlorination would greatly alter the free 
energy and the entropy changes at different tem- 
peratures. 


UPGRADING OF TITANIA OF TITANIUM MINERALS 
BY CHLORINATION WITH TITANIUM TETRA- 
CHLORIDE 


Chlorination of oxides’ other than TiO, associated 
with ilmenite and titaniferous iron ores is carried 
out also by vapors of titanium tetrachloride with a 
view to upgrading the titania content according to 
the reactions of the following type:” 


Fe,0,(c) + 3/2 TiCl.(g) = 3/2 TiO,(c) + 2FeCl,(g) [6] 
3FeO(c) + 3/2 TiCl,(g) = 3/2 TiO,(c) + 3FeCl, [7] 


Under these conditions, Pascaud’ has found that tin 
and manganese are also removed by passing vapours 
of TiCl, over ilmenite between 850° and 900°C ata 
reduced pressure of 25 to 30 mm of Hg, while it was 
difficult to chlorinate Cr203, Al,03, and SiOz. These 
findings are in conformity with the thermodynamical 
consideration of Kellogg*® who has noticed that the 
AF7 values at 500° and 1000°C for the chlorinated 
oxides are negative (in sign), indicating preferential 
chlorination. The AF? values for Cr,O,, Al,O,, and 
SiO,, on the other hand, are positive showing that the 
chlorination of these oxides cannot be effected. It is 
further found by Pascaud’ that when the temperature 
is raised to about 1000°C, the oxides of iron cease to 
be chlorinated. This can be justified for ferrous 
oxide on the basis of the curves 2 and 6, Fig. 2, 
where it is found that the TiCl, curve 2 has occupied 
a lower position than the FeCi2(g) curve 6 between the 
temperatures 1026° and 1500°C. The hindrance in the 
chlorination of Fe,0, cannot be explained unless it is 
dissociated into FeO. The position of curves 2 and 9, 
Fig. 2, indicates that for efficient chlorination of 
iron by TiCl,, the iron should be in the form of Fe,0, 
which gives rise to FeCl;(g). This observation is 
corroborated by the patent claims of Daubenspeck 
and Toomey’° and Titan Co. ,’ in which the iron-bear- 
ing titanium ore is roasted between 1200° and 1500°C 
when the ilmenite decomposes and gives rise to 
ferric iron during the subsequent cooling for the 
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chlorination. The use of chlorine along with TiCl, 
for the removal of iron from ilmenite and titani- 
ferous ores’? may promote the chlorination of iron 
by the oxidation of ferrous chloride, FeCl,(g), to 
ferric chloride, FeCl,(g). 


ACTIVITY CORRECTION FOR ACTUAL CONDI- 
TIONS OF CHLORINATION 


In actual practice of chlorination of ilmenite, the 
reactants and products of chlorination will not be in 
their standard states. In such a case, the driving 
force of a reaction is AF; rather than AF?, and 
appropriate values of the activities of the partici- 
pating substances in a reacting system have to be 
taken into account to predict the extent of the re- 
action. For an actual reaction, the free energy 
change can be given as 


AFr = AF2 + RT In Q 


where Q is activity quotient and “RT In Q” is a total 
“activity term” for the products and the reactants. 
If the amounts of products and reactants, their state 
and partial pressures are known, the value of the 
“activity term” can be approximately estimated 
from the graphs provided by Osborn,*° Fig. 7, and 
Kellogg,” Fig. 1(a). 

For a reaction like $TiO, + Cl, = $TiCl, + 302 
(AF = + 19 kcal, AF = + 15.9 kcal),™ it is 
not possible to convert the titania into titanium 
tetrachloride, since the partial pressure of titanium 
tetrachloride under equilibrium conditions is so 
small that there willbe no appreciable change in 
composition at equilibrium conditions. However, 
when the reaction products are removed from the 
reaction zone, the chlorination of titania continues 
at a low speed. In fact, Kangro and Jahn** have 
claimed to have converted about 7 pct TiO, into 
the chloride by passing chlorine continuously over 
the dioxide for an hour at 850°C. Calculations for 
the conversion of the dioxide into TiCl,, on the basis 
of AFEo9¢c = + 19 kcal, indicate that about 1 to 2 pct 
of TiO, can be converted into the tetrachloride, which 
is in conformity with the experimental observations 
of Kangro and Jahn.** When carbon or some suitable 
reducing agent is used during the chlorination of 
ilmenite and the gaseous reaction products are con- 
tinuously removed from the reaction sphere, the 
driving force (AF7) will be more favorable for the 
reaction to proceed with a reasonable speed. 


CHANGE IN THE STANDARD ENTHALPY OF 
CHLORINATION REACTIONS 


The standard enthalpy changes of various chlorina- 
tion reactions (AH;) given in Table II, have been cal- 
culated by making use of Eq. [1], and employing the 
values of various coefficients given in the same 
Table II. The AH? values, thus obtained, are plotted 
against temperature in Fig. 5 and 6. The resultant 
curves for AH? for the chlorination of various con- 
stituents of ilmenite by chlorine with carbon as the 
reducing agent can be obtained with the help of the 
equilibrium data given in Fig. 1. 
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SUMMARY 


Calculations have been made for the standard free 
energy and standard enthalpy changes of the various 
chlorination reactions of the constituents of ilmenite 
under a variety of conditions. The standard free 
energy change values show that the most effective 
conditions for chlorinating ilmenite are to employ 
chlorine as the chlorinating agent and carbon as the 
reducing agent. Considering the equilibrium con- 
ditions for the chlorination of ilmenite by chlorine in 
the presence of carbon as reductant, the resultant 
curves for the constituents of ilmenite are given as 
AFr vs t°C. These curves show that iron constitu- 
ents of ilmenite (titaniferous ores) are preferentially 
chlorinated at all temperatures between 400° and 
1500°C. It is also shown from thermodynamical con- 
siderations that titania in titaniferous ores can be 


upgraded by chlorination of the oxides of iron, tin, 
and manganese by chlorine, titanium tetrachloride or 
a mixture of the two. All these theoretical findings 
have been corroborated from the experimental work 
published in the literature. According to the thermo- 
dynamical calculations, carbonyl chloride should 
prove equally beneficial as chlorine and carbon in 
the chlorination process, but it is not so in actual 
experiments. This is attributed to a poisoning effect 
of carbonyl chloride. 
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The Composition Range of Ti,Co 


The intermetallic compound Tiz2Co was studied by X-ray dif- 
fraction and metallographic techniques. The phase occurs off 
stoichiometric composition, with its greatest variance at high 


temperature. The solubility limits of the phase have been de- 


G. R. Purdy 


termined, and an amendment to the titanium-cobalt phase dia- 


gram is suggested. 


Tue first intermetallic compound to appear at the 
titanium-rich side of the titanium-cobalt system 
was found by Laves and Wallbaum’ to be Ti,Co. 
They described this compound as isomorphous with 
Ti,Ni and Ti, Fe, and demonstrated that it had a 
face-centered-cubic structure with 96 atoms per 
unit cell. This contention is supported by the work 
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of Duwez and Taylor? and Orrell and Fontana*® who 
also determined the lattice parameter to be about 
11.30A. 

Rostoker* believed that Ti,Co did not exist, and 
that the phase considered by the other workers to be 
Ti,Co was Ti,Co,0. However, Orrell and Fontana 
determined oxygen and nitrogen contents and found 
that their alloys did not contain sufficient of these 
elements to produce significant quantities of a stoi- 
chiometric oxygen compound. 

The present investigation was initiated to deter- 
mine the composition limits of the phase TizCo. 
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Fig. 1—33.33 pct Co, a 


s-cast. Etchant 2 pct HF, HNO; 


wash. X600. Reduced approximately 4 pct for reproduction. 


EXPERIMENTAL 


Initially, five alloys were prepared by levitation 
melting high-purity iodide titanium and spectro- 
graphic standard cobalt. 

The compositions* produced were 23.0; 31.0; 


*Atomic per cent is used throughout this paper. 


33.33; 36.4; 44.5 pct Co. 

These alloys were obtained as homogeneous, 
chill-cast ingots, which were weighed after cast- 
ing to ascertain that no material had been gained 
or lost during the levitation melting process. 

Crushed powders (—200 mesh) were held at tem- 
peratures of 650° and 1000°C in a titanium bottle 
in a silica capsule, filled with argon. Metallo- 
graphic observations showed that a heat treatment 
time of 5 hr produced equilibrium structures. 

X-ray diffraction plots were made of the powders 
(using Geiger spectrometer). A pure nickel stand- 
ard was included with each sample, so that accurate 
parameter measurements might be made. 


Portions of the ingots (about */;-in. cubes) were 
equilibrated in argon-filled molybdenum-lined 


— 
Gen 


Fig. 3—33.15 pct Co, held 1000°C, water quenched, 
(TizCo + TiCo). Etchant 2 pct HF, HNO, wash. X300. Re- 
duced approximately 4 pct for reproduction. 
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Fig. 2—33.00 pct Co, held 1000°C, water quenched, (Ti2Co). 
Etchant 2 pct HF; HNO; wash. X300. Reduced approxi- 
mately 4 pct for reproduction. 


silica capsules for 20 hr, and X-ray plots were 
made of the resulting structures. Again, the equi- 
librating temperatures were 650° and 1000°C. 

Because three attempts to produce a single phase 
at 33.33 pct Co resulted in a structure containing 
some TiCo, a new series of 6 alloys was made. The 
ingots from the first melts were relevitated in order 
to ensure homogeneity. The compositions were 
32.46; 33.00; 33.33; 33.56; 34.33 pct Co. 

Portions of these ingots were held for 100 hr at 
1000°C, and quenched by breaking the silica cap- 
sules under water. 

Since a single-phase structure was observed in 
the 33.00 pct Co alloy, three more alloys were pre- 
pared using the techniques described above. The 
compositions were 32.85, 33.00, 33.15 pct Co. 

Each ingot was held for 100 hr at 1000°C, then 
water quenched. Longitudinal sections of the ingots 
were examined to check for homogeneity. Portions 
of the quenched specimens were then equilibrated 
for 100 hr at 650°C, and water quenched. 

Parts of the as-cast ingots containing 33.00 and 
33.33 pct Co were held for 400 hr at 750°C, then 
water quenched. 

The resulting structures were studied by X-ray 
diffraction and microscopic techniques. 


Table I. X-Ray Diffraction Results 


Composition Condition 6 Deg for 333 Reflection a 
PetCo Co K, Radiation A 
23.0 Powder, annealed 650°C 24.33) 
23.0 Ingot, annealed 650°C 24.32 (5) 
31.0 Powder, annealed 650°C 24.32 
31.0 Ingot, annealed 650°C 24.32 (5) > 11.29 
33.33 Ingot, annealed 650°C 24.32 
32.85 Ingot, annealed 1000°C 
equilibrated 650°C 24.325 
36.4 Powder, annealed 1000°C 24.25 
26.4 Ingot, annealed 1000°C 24.24 (5) 
44.5 Powder, annealed 1000°C 24.24 11.33 
44.5 Ingot, annealed 1000°C 24.25 
32.85 Ingot, annealed 1000°C 24.24 
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Fig. 4—33.15 pet Co, held 1000°C, quenched, equilibrated 
650°C, (Ti,Co +). Etchant 2 pct HF, HNO; wash. X300. 
Reduced approximately 4 pct for reproduction. 


EXPERIMENTAL RESULTS 


The as cast structure of the 33.33 pct Co alloy 
is shown in Fig. 1. Dendrites of TiCo with peri- 
tectically formed rims of ‘‘Ti,Co’’ occurs ina 
matrix of ‘‘Ti,Co’’ and retained p. 

The results of the X-ray investigations, shown 
in Table I, indicate different compositions for 
*‘Ti,Co’’ at high and low temperatures. The only 
single-phase structure occurred in 33.00 pct Co 
quenched from the equilibrating temperature of 
1000°C, Fig. 2. 33.33 pct Co alloys showed a 
decreasing amount of TiCo as the equilibrating 
temperature was lowered, while the 33.15 pct Co 
alloy contained TiCo at 1000°C, Fig. 3, and a@ at 
650°C, Fig. 4. 

The metallographic results are summarized in 
Fig. 5. 


DISCUSSION AND CONCLUSIONS 


The X-ray results indicate that ‘‘TizCo’’ has a 
small range of composition at high and low tem- 
peratures, and that the high-temperature structure 
is richer in titanium than the low-temperature 
structure, since the former has the greater lat- 
tice parameter. This greater lattice parameter 
is not due to oxygen and nitrogen contamination at 
the higher soaking temperature, since the sample 
that was equilibrated at 650°C after first holding 
at 1000°C had a lattice parameter associated with 
the low-temperature form of ‘‘Ti,Co.’’ Had the 
alloy become contaminated, the larger parameter 
would have persisted after the 650°C treatment. 
The close agreement between parameter measure- 
ments on lump and powder specimens further sup- 
ports the view that contamination was not significant. 

The low-temperature parameter agrees with the 
value given by Orrell and Fontana® and Duwez and 
Taylor.’ 
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ATOMIC PERCENT COBALT 
Fig. 5—Amendment to titanium-cobalt phase diagram. 


The metallographic results supplement the X-ray 
results and show that at 1000°C, ‘‘Ti,Co’’ is cen- 
tered at 33.00 pct Co with a range of composition 
less than 0.3 pet. At 650°C, ‘‘Ti,Co’’ lies between 
33.15 and 33.33 pct Co. 

The difference in composition of ‘‘TizCo’’ at 
1000° and 650°C is thus about 0.25 pct Co, and is 
associated with the lattice parameter difference 
about 0.04A. Consequently, it may be computed 
that 0.005A—the sensitivity of the X-ray method— 
would be associated with a composition range of 
about 0.03 pct Co. Since no difference in param- 
eter was detected in the high or in the low compo- 
sitions at any given heat-treatment temperature, 
it seems reasonable to conclude that the range of 
composition of “‘Ti,Co’’ at all temperatures is 
less than 0.03 pct. 

The suggested modification to the phase dia- 
gram is shown in Fig. 5. 
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Determining Boron Distribution in Metals by 


Neutron Activation 


A previously reported high-resolution method for the loca- 
tion of boron-rich areas in metallurgical and biological speci- 
mens has been adapted for general use on a routine basis. The 
method utilizes neutron activation and autoradiography. Alpha- 
particles emitted by boron nuclei upon neutron capture are re- 
corded on a photographic emulsion. The resulting a-particle 
tracks show the location of boron-rich areas. Experimental 
techniques, interferences, and limitations of the method are 
discussed in detail. The method is most useful where there 
is marked segregation of boron. In this type of sample, the 


segregation can be observed when the nominal boron concen- 


tration is as low as 0.0006 pct. 


Tue positive identification and location of boron- 
rich areas in metals is frequently of great interest 
in metallurgical work. Unequivocal identification is 
often difficult to make by conventional metallo- 
graphic methods. Recently, a method has been de- 
scribed which accomplishes this objective by neu- 
tron activation and autoradiography.*-* The method 
can be described briefly as follows. Upon neutron 
capture, a-particles are emitted by boron nuclei 
according to the following reaction: 


10 1 4 -7 
5B + ~2@ + gli +2.4 mev 


The energy is dissipated as kinetic energy of the 
products. By irradiating a boron-containing sam- 
ple in contact with a photographic emulsion and 
subsequently developing this emulsion, a-particle 
tracks are obtained whose location corresponds to 
the location of boron-rich areas in the sample. Two 
factors combine to make the reaction extremely 
specific for boron. The first is the unusually high 
(755 barns) cross section of boron for thermal 
neutron capture. The second is the higher neutron 
energy required to produce (n, a) reactions in es- 
sentially all other nuclei except lithium. These two 
factors make the method specific for boron by six 
to seven orders of magnitude when a predominantly 
thermal neutron source such as the Brookhaven re- 
actor is used. The reported limit of detection of 
this method is of the order of 0.01 pct B.? The 
present work was originally undertaken to determine 
whether this limit could be lowered by use of a thin- 
ner emulsion. However, initial experiments showed 
that in order to use the method at all, it was neces- 
sary to reestablish the optimum experimental con- 
ditions in terms of the available irradiation facil- 
ities. It is the purpose of this paper to describe 
these experimental conditions in detail, to discuss 
the factors influencing sensitivity, and to evaluate 
several techniques for increasing sensitivity. 
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EXPERIMENTAL 


A) Preliminary Experiments—The first measure- 
ments were made using samples of crystal oriented 
silicon steel containing various concentrations of 
boron. In the later experiments, samples of various 
high-temperature alloys such as M-252, Incoloy 901, 
Nichrome V, and so forth, were used. Faraggi, et al.,* 
reported that the lower limit of sensitivity in this 
type of sample was about 0.01 pct B using nuclear 
emulsions of 50-y thickness, but that it should be 
possible to extend this limit by the use of thinner 
emulsions. Accordingly, we first used Kodak Auto- 
radiographic Stripping Film (Permeable Base) which 
has an emulsion thickness of only 5 uw. This was 
mounted on the metallographic specimens according 
to the technique described by Boyd.* The emulsion 
remained in contact with the metal surface through- 
out exposure and development. Since the emulsion 
is transparent after development, the autoradiograph 
and metal surface can be viewed simultaneously and 
any correlation between film blackening and struc- 
ture of the metal can be made directly with no prob- 
lems of realignment. 

Because the silicon steel is readily attacked by 
moisture alone, it was necessary to apply a protec- 
tive coating to the metal surfaces before mounting 
the emulsion. The coating was made extremely thin 
in order to absorb as few a-particles as possible. 
Boyd* and Gomberg® have discussed various plastics 
used for this purpose; however, none was sufficiently 
impermeable to prevent chemical attack of the steel 
during the developing process. This attack resulted 
in the production of gross chemical artifacts in the 
emulsion. It was, therefore, necessary to use the 
method of Wolfsberg and John® as follows. A very 
thin (approximately 1 ) coating of Plexiglas II was 
applied by dipping the sample in a 2 pct solution of 
Plexiglas II in dichloroethylene. Then, because the 
emulsion will not adhere to Plexiglas II, a thin coat- 
ing of Parlodion was applied in a similar manner 
using 2 pct Parlodion in iso-amyl acetate. No pro- 
tective coating was necessary with the high-tem- 
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ek 1—Autoradiograph-photomicrograph combinations of Incoloy 901 (0.1 pct B). Neutron doses: A—3 x 101! nyt; B—6 x 
10** nvt; C—1.5 x 10/2 nvt. X1000. Reduced approximately 53 pct pct for reproduction. 


perature alloys, although occasionally a Parlodion 
coating was used to improve adherence of the emul- 
sion to the metal. 

The samples were irradiated in various irradia- 
tion facilities of the Brookhaven reactor. The ir- 
radiation times were chosen to give a total dose of 
from 10°’ to 10** nvt. Using the pneumatic tube 
facility, so much y radiation was present that the 
emulsions were completely blackened even after 
receiving doses of only 10’? nvt. This interference 
was also observed when the samples were irradiated 
in the thermal column. 

Three possible methods of overcoming this inter- 
ference were evaluated as discussed below. These 
were: 1) the use of a different emulsion having less 
sensitivity to y radiation, 2) the use of shielding to 
reduce the y radiation level, and 3) selective devel- 
opment of the emulsion to discriminate against the 
y background. 

B) Modifications in Procedure 

1) Alternate Emulsion—While nuclear emulsions 
designed specifically for @ work, having poor y sen- 
sitivity, are not available in the form of stripping 
film, they can be obtained in the ‘‘liquid’’ form. Use 
of this type of emulsion (Kodak NTA) has been re- 
ported by Edwards® and by Guilbert and Adams.’ We 
found this emulsion considerably easier to use than 
the stripping film and, in view of its more satisfac- 
tory sensitivity properties, have used it in all sub- 
sequent work. The procedure for applying the film 
is as follows: Under darkroom conditions, the jar 
containing the emulsion is heated in a water bath to 
a temperature of 40° to 42°C. Using a medicine 
dropper, a few drops are placed on the surface of 


Fig. 2—Autoradiograph-photomicrograph combination of 
Incoloy 901 (0.1 pet B). Neutron dose: 6 x 104 nvt. X250. 
Reduced approximately 43 pct for reproduction. 
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the metal specimen to form a pool which is then 
allowed to drain. This forms a very thin (approx- 
imately 1u) fairly uniform coating. These emul- 
sions are developed for 30 sec in D-19 diluted 1:1 
with distilled water, fixed in Kodafix for twice the 
time to clear, and washed in distilled water for 
about 10 min. 

2) Gamma Shielding—Because of weight restric- 
tions, it is not possible to use extensive y shielding 
in conjunction with the Brookhaven thermal column. 
However, Edwards® reported the use of a thick bis- 
muth shield during irradiation in the Brookhaven 
medical facility. Investigation showed that this 
shield was available and it and the above irradia- 
tion facility were used for all subsequent experi- 
ments. Bismuth is a most satisfactory shielding 
material for the purpose of these irradiations since 
it has a high stopping power for y rays, but, be- 
cause of its low neutron capture cross section, does 
not diminish the neutron flux appreciably. This 
particular shield was approximately 8 in. thick on 
the bottom and 4 in. thick on the top and sides. 

A group of autoradiographs obtained using the 
NTA emulsion and the bismuth shield are shown in 
Figs. 1 through 5. Fig. 1 is a series of three auto- 
radiographs of a sample of Incoloy 901 and shows 


Fig. 3—Autoradiograph-photomicrograph combination of 
Inconel 702 into which boron was permitted to diffuse for 
6 hr at 1900°F. Neutron dose: 4 x 104! nvt. X250. Reduced 
approximately 43 pct for reproduction. 
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(a) 


the effect of increasing neutron exposure: 1(a@) re- 
ceived a dose of 3 x 10"? nvt; 1(b) 6 x 10** nvt; and 
1(c) 1.5 x 10’? nvt. All are at a magnification of 
X1000 to show the short a tracks originating from 
the boron-rich inclusions in the metal. This sam- 
ple contained 0.1 pct B. 

Fig. 2 is identical with 1(b) except that the mag- 
nification is only X250 and the boron distribution 
can be clearly seen. Note that a small number of 
the inclusions have no @ tracks associated with 
them and are, therefore, not boron-containing. 

Fig. 3 is a sample of Inconel 702 into which boron 
had been allowed to diffuse at high temperatures. 
The distribution of boron along the grain bound- 
aries is clearly evident. 

Figs. 4 and 5 show the boron distribution in two 
samples of silicon steel, that in Fig. 4 containing 
0.05 pct B, and that in Fig. 5 containing 0.005 pct B. 
In both cases, the boron is contained in a separate 
phase occurring both at grain boundaries and within 
grains. Notice that the qa tracks are extremely short 
because of adsorption in the intermediate protective 
coating. 

3) Selective Development—From Fig. 1, the in- 
crease in ‘‘background’’ with neutron exposure is 
quite apparent. The limit on total neutron dose thus 
imposed is so low that it is difficult to observe 
boron distribution in detail when the concentration 
is as low as 0.005 pct. Some information can be ob- 
tained as is shown in Fig. 4(b) and, in samples hav- 
ing very nonuniform boron distribution, boron-rich 
areas have been located when the overall concentra- 
tion was only 0.0006 pct. However, at such low con- 
centrations the problem of distinguishing the boron- 
rich area from the background becomes acute and a 
method for increasing the permissible neutron dose 
without increasing the background would be welcome. 

An evaluation was, therefore, made of the third 
method mentioned above, namely selective devel- 
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Fig. 4—Autoradiograph-photomicrograph 
combinations of silicon steel as cast 
(0.05 pet B). Neutron dose: 5 x 1041 nvt. 
(a) X100. (4) X500. Reduced approxi- 
mately 53 pct for reproduction. 


Fig. 5—Autoradiograph-photomicrograph 
combinations of silicon steel as cast 
(0.005 pct B). Neutron dose: 5 x 101! nvt. 
(a) X100. (4) X500. Reduced approxi- 
mately 53 pct for reproduction 


opment of the emulsion. A number of methods for 
accomplishing this are reported in the literature. 
A bibliography of these methods appears as an 
appendix to this paper. Most of these are based on 
the principle that a particles produce much greater 
specific ionization than f or y rays and, therefore, 
their tracks become visible with considerably less 
development than is required to show the effects of 
Band y bombardment. Thus, most of the techniques 
involve controlled underdevelopment of the nuclear 
emulsion. Of the various methods, that of lowering 
the pH of the developer as reported by Gailloud and 
Haenny® appeared to be one of the most effective as 
well as being fairly simple. 

The procedure consists merely of adding 2N acetic 
acid to a dilute solution of the developer until the 
desired change of pH is obtained. This greatly re- 
duces the rate of developing and thus allows one to 
stop the process after the minimum time for qa track 
development with some degree of precision. It 
should be noted that these developers are fairly un- 
stable and must be made up fresh from day to day in 
order to get reproducible results. The use of a pH 
meter each time is also essential since the same 
amount of acid does not always produce the same 
change in pH. 

This technique was evaluated using a 6,000-curie 
Co® source. Microscope slides coated with emul- 
sion received various y doses and were then de- 
veloped using 50 pct D-19 to which varying amounts 
of 2N acetic acid had been added. It was found that 
at a pH of 9.1 (approximately 15 cc 2N acetic acid 
added per 100 cc developer) and a developing time 
of 45 sec, a maximum of about 1000 y could be tol- 
erated without appreciable fogging. During irradi- 
ation in the medical facility using the bismuth shield, 
a sample receiving a neutron dose 5 x 10" nvt will 
receive a maximum y dose of between 30 and 60 +. 
Similarly, a neutron does of 5 x 107? nvt will be ac- 
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companied by a maximum y dose of between 300 

and 600 vy. Fogging from this y dose can, there- 
fore, be discriminated against by selective devel- 
opment. In actual practice, however, it was found 
that samples exposed to 5 x 10’? nvt were too badly 
blackened to permit resolution of the a tracks. Since 
the y limit had not been exceeded, one must conclude 
that some other factor is also contributing to the 
background. This is indeed the case as pointed 

out by Edwards.* Proton tracks resulting from 

(n, p) reactions between neutrons and various 
elements in the emulsion, particularly nitrogen, 

are also produced. Since the specific ionizations 
produced by protons and a particles in the emul- 
sion are of the same order of magnitude, one can- 
not discriminate against the proton tracks during 
development. These, therefore, limit the neutron 
exposure which the sample can receive and thus 
determine the sensitivity. 


CONCLUSIONS 


The autoradiographic method for measuring boron 
distribution in metals has been demonstrated to be a 
valuable addition to standard metallographic tech- 
niques. It is most useful in situations where the 
boron is distributed nonuniformly, e.g., in inclusions 
or in grain boundaries. The maximum permissible 
neutron exposure is about 1 x 10’* nvt and is limited 
by the formation of proton tracks resulting in a gen- 
eral fogging. With this neutron dose, boron-rich 
areas have been observed at concentrations of 
0.0006 pct boron; however, the range of maximum 
usefulness appears to be 0.005 pct and above. 
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Solid Solution and Second Phase Strengthening 
of Nickel Alloys at High and Low Temperatures 


Five or six alloys each in the systems Ni-Cr, Ni-Mo, and 
Ni-W, spaced to cover the single phase areas as well as a part 
of the adjacent two-phase field, were prepared as vacuum- 
melted alloys. Tensile tests at room temperature and stress 
rupture tests at 1200° and 1500°F were run for time periods 
to give fracture in 0.1 to 500 hr. Observations were made of 


solid-solution and second-phase strengthening or weakening, 
coupled with studies of ductility and the role of structure on 


the noted behavior patterns. 


Tue development of stable creep-resistant alloys 
while broad and systematic is also highly empirical. 
A number of simple rules have been suggested*~* 
but these are based on scant data. Whereas rules 
for low-temperature alloy strengthening can be ap- 
plied with some success in more simple systems, 
the extension to behavior at high temperatures 
(greater than about 0.4 of the absolute melting tem- 
perature) is very poorly understood and has en- 
countered important exceptions and deviations in 
terms of atom size or valency effects. In particular, 
the occurrence of both solid-solution weakening*° 
and second-phase weakening? at high temperatures 
is of interest. 


MATERIALS AND PROCEDURE 


Nickel was chosen as the base material because 
of its important role in current high-temperature 
alloy applications, because of its freedom from a 
phase transformation, and because of wide solu- 
bilities for many elements of interest. The selected 
alloys were single- and two-phase structures in the 
Ni-Cr,° Ni-Mo," and Ni-W® systems. The alloys 
were vacuum melted and cast, utilizing high-purity 
raw materials, in the form of 15 lb ingots. They 
were readily forged into /,-in. bar stock (except 


Table I. Compositions of Nickel Alloys 


Regis M. N. Pelloux 
Nicholas J. Grant 


the two highest chromium alloys). 
The alloy compositions are shown in Table I. 
Typical impurity values are: 


Max 0.03 pct (except for 30 and 35 pct 
Cr alloys which had 0.07) 

Nitrogen: Max 0.005 pct (except for two of the Cr 
alloys which had 0.05) 

Max 0.004 pct 

Max 0.05 pct 


Each alloy was solution treated (air quenched) to 
produce comparable grain size. The two-phase al- 
loys were then overaged in an effort to produce a 
stable structure for testing at 1200° and 1500°F. 
The results are summarized in Table I. 

Following the heat treatments outlined in Table I, 
the bars were machined to a gage section of 1.25-in. 
long by 0.250-in. diam. In addition to room-tem- 
perature tensile tests, stress-rupture tests were 
run at 1200° and 1500°F for time periods from 0.1 
to about 500 hr. 


Carbon: 


Sulfur: 
Silicon: 


RESULTS 


Room-Temperature Mechanical Properties—The 
ultimate tensile strength, total elongation, and re- 
duction of area values for all the alloys are plotted 
vs atomic percent of the solute element in Fig. 1. 
It can be seen that for the same amount of solute 
element the ultimate tensile strength increases in 


Chromium Molybdenum Tungsten z 
Wt Pct At. Pct Wt Pct At. Pct WtPct At.Pct the order chromium, molybdenum, tungsten. Elon- 
19.6 21.6 10.2 6.5 20.0 7.4 gation increases (reduction of area decreases) with 
29.3 31.9 15.0 9.7 28.0 11.0 increasing amounts of solute for all the solid solu- 
= tion alloys, the values ranging from 50 to 70 pct. 
45.0 48.0 25.5 17.3 39.9 17.5 The ultimate tensile strength values for the two- 
- - 27.3 18.7 - - 
Solubility 
limit Table Il. Soluti d Aging Treatment: 
at 1200°F 34.0 36.8 21.0 14.1 30.0 12.0 
at 1500°F a5.5 38.4 24.0 16.1 33.0 a3-5 Alloy Solution Treatment Aging ASTM 
System Temp. °F Time, Min Temp. Time, Hr G.S. No. 
REGIS M. N. PELLOUX, formerly Research Assistant, Metallurgy Ni-Cr 2200 60 1500* 24 3 
Sg hesetes Institute of Technology, Cambridge, Mass., is now Ni-Mo 2200 45 1500 24 4tais 
2nd Lieutenant in the French Army. N. J. GRANT, Member AIME, is Pro- Ni-W 2200 60 1500 24 4to5 


fessor of Metallurgy, Massachusetts Institute of Technology. Submitted 

in partial fulfillment of the AA Soria for the degree of boston of 

Science, Dept. of Metallurgy, Massachusetts Institute of Technology. 
Manuscript submitted March 26, 1959. IMD’ 


*The Ni-31.9 Cr and Ni-38.6 Cr alloys were aged at 1750°F to precipi- 
tate the larger amounts of carbon and nitrogen present and to coalesce 
the carbides and nitrides. 
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Fig. 1—Room-temperature mechanical properties of Ni- 
Cr, Ni-Mo and Ni-W alloys vs solute content in atom per- 
cent. 


phase alloys in the Ni-Mo and Ni-W systems are 
relatively high and are associated with low ductility 
values. 

Fig. 2 shows the relationship between room- 
temperature flow stress at 0.2 pct strain and the 
atomic percent of the alloy additions. This rela- 
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Fig. 3—0.2 pct yield stress at room temperature vs lat- 
tice parameter. 
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Fig. 2—0.2 pct yield stress at room temperature vs solid 
solution content in atom percent. 


tionship is approximately linear, the slight upward 
tilt of the high chromium point being due to the 
presence of small amounts of carbide and nitride. 
The extrapolation of the straight lines to zero per- 
cent of solute element gave a value of flow stress 
for pure nickel slightly higher than the value ob- 
tained by test; however, this can be expected since 
small amounts of specific impurities in the solvent 
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2 
| 
Change of Lattice Parameter 


Fig. 4—Increase in 0.2 pct yield stress at room tempera- 
ture vs change in lattice parameter for nickel solid-solu- 
tion alloys. Data on Ti, Fe, Co, and Cu from Parker and 
Hazlett.® 
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Fig. 5—Change in 0.2 pct yield stress at room tempera- 
ture for a change in lattice parameter of 0.010 Kx vs rela- 
tive position in periodic classification. Data of Parker and 
Hazlett included.® 


metal would easily shift the curve that small 
amount. The slopes of the lines representing flow 
stress vs atomic percent of solute element also 
increase in the order chromium, molybdenum, 
tungsten. 

When the flow stress at 0.2 pct strain is plotted 
vs the lattice parameter, one obtains the results 
shown in Fig. 3. The data for the nickel-molyb- 
denum and nickel-tungsten alloys show a unique 
linear relationship, while for the same change in 
lattice parameter, the values of flow stress are 
higher for the nickel-chromium alloys. 

This confirms the well-established fact that 
solid-solution strengthening cannot be accounted 
for only by changes in lattice parameter, but that 
valency effects must be considered. The data ob- 
tained by Parker and Hazlett® for the flow stress 
of solid-solution alloys of nickel with cobalt, iron, 


titanium, and copper are plotted in Fig. 4 along 
with the data obtained from this work. The solvent 
nickel, as well as all the solute elements are 
elements of the transition series in the periodic 
table. 

The slopes of the flow stress vs change of lattice 
parameter curves decrease inthe order, Ti, Cr, 
Mo, W, Fe, Co. Thus, for the same lattice strains, 
the larger the valency difference between solute 
and solvent, the greater the solid-solution harden- 
ing effect. The effect of valency difference is more 
clearly demonstrated in the plot of Fig. 5, which 
shows the change in flow stress for a change in 
lattice parameter equal to 0.010 K, units vs posi- 
tion of the solute element in the transition series. 

These general observations of the effect of solid- 
solution strengthening are intended to serve as a 
basis of comparison with high-temperature be- 
havior, and further demonstrate the normal be- 
havior of these systems at room temperature. 

High-Temperature Properties—Most of the tests 
were run to give values of rupture life from about 
0.1 to 500 hr. The results (usually a minimum of 
3 test points per alloy per temperature) were first 
plotted as log stress vs log rupture time and log 
stress vs log minimum creep rate values with good 
agreement among the points. In several of the 
Ni-Mo and Ni-W alloys tested at 1500°F, upward 
breaks were observed in these plots, indicating a 
relative strengthening effect, which occurred after 
about 10 hr of test time. These breaks were as- 
sociated with structural effects such as carbide 
precipitation in the single-phase alloys and further 
precipitation of Ni, Mo or Ni, W in the two-phase 
alloys. The changes in slope were not so great as 
to alter the observations and conclusions noted 
below. 

Stresses for 1- and 100-hr rupture life were 
selected as strength criteria. Stress for a given 
creep rate might seem more justified; however, 


Limits of Solubility for W Mo - Cr 1200° F 
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unless elongation measurements are recorded by 

a method utilizing sensitive strain measurements, 
creep rates obtained from strains measured by a 
dial gage system give more scatter. The minimum 
creep rates which were determined were in full 
agreement with the observations made on the basis 
of the rupture life measurements. In general, the 
stress for a given rupture life was measured with 
an indicated accuracy of better than +5 pct. Figs. 6 
and 7 give the stress for 1- and 100-hr rupture 
life at 1200° and 1500°F plotted against atomic 
percent of solute element. 

Solid-Solution Alloys--The stress for rupture life 
values of 1 and 100 hr varies approximately linearly 
with atomic percent of solute up to about 10 pct, but 
deviates in a positive direction at higher solute con- 
centrations as the solubility limit is approached. 
Furthermore, the slopes of the curves increase in 
the order chromium, molybdenum, tungsten, similar 
to the observations at room temperature. There is 
no evidence that the relative changes of lattice pa- 
rameter with solute content at 1200° and 1500°F 
are different from the changes at room tempera- 
tures; thus it is possible to conclude that the same 
relationship between solid-solution strengthening 
(up to about 10 at. pct) and lattice parameter holds 
at high temperature, even while recovery is taking 
place. 

Table III gives values of a strength parameter 
(ratio of strength of the alloy to strength of pure 
nickel under the same testing condition). The pa- 
rameter shows that up to about 10 at. pct of solute, 
the relative strengthening values observed at 
1200° and 1500°F are not very different from those 
observed at room temperatures. The increase in 
strength or load carrying capacity of the 10 at. pct 
alloys over that of pure nickel is better only by a 
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factor of 2 to 4. By contrast, for solute contents 
larger than 10 at. pct, and as one approaches the 
solubility limit, the high-temperature creep rup- 
ture strength of the solid-solution alloys increases 
very much faster than the room-temperature yield 
stress. Table IIIB gives the 1200° and 1500°F 
values of the strength parameter for the alloy com- 
position corresponding to the limit of solid solu- 
bility taken at 1200°F. The relative strengthening 
is large and is as great for a 100 hr life as for a 

1 hr life, within reasonable limits. The improve- 
ments are in reverse order for these three ele- 
ments than were observed for the more dilute alloys 
and at room temperature for all concentrations; the 
order of improvement is now W, Mo, Cr. This cor- 
responds to increasing values of solute content at 
the limit of solubility and is in agreement with the 
slowing down of recovery mechanisms with increas- 
ing amounts of solute element. (This presumably 
holds when the solute is the higher melting point 
element.) 


Table Ill. 


A) Strengthening Parameter for Alloys with 10 Pct Solute Element 


Test Temperature °F 


80°F 1200 1500 
0.2 Pct Yield 1 Hr Life 100 Hr 1HrLife 100 Hr 
o10%Cr/oNi* 1.5 3 2.6 2 1.95 
o10%Mo/oNi 2.4 3.1 3.6 2.4 2.4 
o10%W/oNi 2.6 4.6 3 2.7 
B) Strengthening Parameter for Alloys at Solubility Limit (at 1200°F) 
034%Cr/oNi 16 5.4 5.7 
o14%Mo/oNi 2.9 10 12 6 4.5 
o12%W/oNi 2.9 6.4 8.6 3.6 3.2 


*Ratio of the stress for a 10 at. pct Cr alloy to the stress for nickel. 
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Two-Phase Alloys--Multiphase alloys can be di- 
vided into three general classes. The second phase 
may be an element which is virtually insoluble in 
the solid state, such as graphite, a terminal or 
intermediate solid solution, or a compound. In this 
work the two latter types of systems were attained. 
The Ni-Cr system shows a terminal solid solution 
which is the body-centered-cubic @ chromium, 
whereas the Ni-Mo and Ni-W systems resulted in 
intermediate compounds, Ni,Mo and Ni, W. 

The amount, size, and distribution of the second 
phase are important variables as far as deforma- 
tion processes, strength, and ductility values at 
high temperatures are concerned. Some of the 
alloys with a composition close to the Ni, Mo or 
Ni, W phases have as much as 80 to 90 pct of second 
phase according to the lever rule. 

The two-phase alloys of nickel-tungsten and 
nickel-molybdenum show similar strength behavior 
patterns. At 1200°F these alloys continue to show 
strengthening over the single-phase alloys; the 
strength increases with increasing amounts of the 
second phase without any discontinuity at the phase 
boundary. The greater strength of the molybdenum 
alloys beyond 10 at. pct is maintained in the two- 
phase region, compared to the tungsten alloys. 

At 1500°F the behavior pattern changes signifi- 
cantly over the 1200°F tests in the two-phase re- 
gion. The molybdenum alloys continue generally 
to show superior strength over the tungsten alloys 
at equivalent atom percent additions. In the 1-hr 
rupture tests, both the Ni-Mo and Ni-W alloys 
show marked weakening in the two-phase field, 
although there are too few alloys to determine 
whether the weakening is greatest at about 10 pct 
supersaturation.”*° Following the interval of 
weakening there is strength recovery at higher 
levels of supersaturation for the 1-hr life tests. 

At 1500°F, the 100-hr rupture life tests show 
weakening in the Ni-Mo system, but well beyond 
10 pct supersaturation, whereas no weakening was 
detected in the Ni-W system in the two supersatu- 
rated alloys. 


interphase cracking. Stress in vertical. X250. Reduced 
approximately 25 pct for reproduction. 
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Whereas the two-phase alloys in the Ni-Mo and 
Ni-W systems are all stronger than the best single- 
phase alloys at 1200°F, this is not true at 1500°F. 

In the nickel-chromium system the presence of 
the second phase (a body-centered-cubic chromium- 
rich solid solution) causes a noticeable and imme- 
diate decrease in strength at 1200° and 1500°F 
relative to the solid-solution alloys. This confirms 
in part the results obtained by Kornilov? from high- 
temperature bending tests on the same alloy sys- 
tem. The sharp decrease in strength starts ap- 
parently at the phase boundary, but the curves 
indicate a plateau with increasing supersaturation. 
Based on unpublished work with chromium-based 
alloys in this laboratory, it is expected that the 
high-temperature strength will increase as the 
a-chromium single-phase field in approached. 

Ductility Observations—Observations of longi- 
tudinal sections of the tested specimens revealed 
that all fractures were intercrystalline, occurring 
along grain boundaries and at triple points. In all 
the alloys the cracks were more severe at 1500°F 
than at 1200°F. Furthermore, in each binary sys- 
tem the number of cracks decreased on the average 
with increasing amounts of solute element up to the 
solubility limit. This corresponds to an increase in 
the rate of propagation of the cracks with increasing 
solute content, resulting in lower ductility. In an 
approximate manner, the number of cracks in the 
alloys decreased in the order of chromium, molyb- 
denum, and tungsten. 

The total elongation values of the alloys at rupture 
correlate well with these observations. The ductility 
decreases when the test temperature is increased 
from 1200° to 1500°F. The elongation values are 
approximately constant for all the solid solution 
alloys in any one binary. The nickel-tungsten al- 
loys have average elongation values of 6 pct at 
1200°F and 4 pct at 1500°F; the nickel-molyb- 
denum alloys have 9 pct at 1200° and 6 pct at 
1500°F; and the nickel-chromium alloys have 25 pct 
at 1200° and 15 pct at 1500°F. 

The two-phase alloys all show significantly lower 
ductility values (1 to 2 pct) for both the nickel-tung- 
sten and nickel-molybdenum alloys and 8 pct for the 
nickel-chromium alloys. 

In the two-phase alloys the rate of crack propaga- 
tion becomes the important factor in determining 
ductility as well as strength. The distribution and 
size of the second phase thus assume important 
proportions and could be varied through heat treat- 
ment to produce reasonably different values for dif- 
ferent structures. In the present instance an effort 
was made to prevent precipitation or other struc- 
tural changes during test by an overaging treatment. 
In the Ni-W and Ni-Mo systems the second phase 
was quite fine and uniformly distributed. Some pre- 
cipitation took place during test but this was indi- 
cated to be small and therefore not of major signif- 
icance in disturbing the measured properties. 

Intercrystalline cracking was narrowly confined 
to the fracture area with small random grain bound- 
ary cracks away from the fracture, usually associ- 
ated with triple points. 

In the Ni-Cr system the a chromium precipitates 
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Fig. 8—Alloy Ni-40 Cr tested at 1500°F and 9000 psi. Rup- 
ture life, 31 hr, elongation 12 pct. Shows intergranular and 


in a pearlitic manner, starting at grain boundaries 
and growing as colonies into the grain. The inter- 
faces between these pearlitic areas and the matrix 
were points of weakness and resulted in interface 
cracking, along with the usual intergranular crack- 
ing, see Fig. 8. These additional zones of weakness 
may account for some of the marked drop in 
strength in the two-phase field. Spheroidization of 
these pearlite areas would be of considerable in- 
terest in this regard. 


DISCUSSION AND CONCLUSIONS 


At temperatures where recovery and diffusion 
become important, that is, above about 0.45 Ts, 
solid-solution strengthening is dependent upon the 
slowing down of these mechanisms. At test tem- 
peratures of 1200° and 1500°F, corresponding to 
0.53 and 0.63 T,, (referred to nickel), the diffusion 
mechanisms control the rate of recovery. It ap- 
pears that significant solid-solution strengthening 
in these alloy systems occurs only for large 
amounts of solute element, above 10 at. pct and 
close to the solubility limit. Knowledge of the rate 
at which the coefficients of diffusion changes with 
amount and type of solute element or knowledge of 
the recrystallization temperatures of these alloys 
would provide useful information regarding solid 
solution strengthening at high temperatures. 

In two-phase binary alloys, it could be expected 
that those which contain compounds like Ni,W or 
Ni, Mo would be stronger than those which are mix- 
tures of two terminal solid solutions. The stability 
of the second phase would determine the response 
of the structure to time and strain at temperature. 
In this regard, there can be no doubt about the su- 
perior stability of the NisW and Ni,Mo phases; yet 
even here there was observed weakening in super- 
saturated alloys under certain test conditions, sim- 
ilar to that observed in the Ni-Cr system. As yet 
this weakening is not explainable. The weakening 


in the Ni-Cr system may be associated in part with 
the weakness of the interface of the pearlitic colo- 
nies with the matrix, but this explanation does not 
apply in the case of the other two systems. 

At room temperature for all of the single-phase 
alloys, and at high temperatures for single-phase 
alloys with less than about 10 at. pct of solute, the 
expected effects of change in lattice parameter and 
valency seem to apply. At high temperatures, for 
solute contents greater than about 10 at. pct in these 
three systems, there are large deviations from 
known rules. Reasons for the superiority of Ni-Mo 
alloys over Ni-W solid solution alloys containing 
more than 10 at. pct of solute would be extremely 
valuable; however, explanations for this effect and 
other observations cannot be made until vastly 
more data are available to better define the pat- 
terns of behavior among elements. 
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Beta Decomposition in Zr-U-O Alloys 


The B decomposition of Zr-U-O alloys was studied during 
an interrupted quench from the a+ B region. Decomposition 
was more vapid than in binary Zr-U alloys of the same uranium 
content or of equivalent B composition. The rapid transforma- 
tion has been ascribed to the presence of the primary a phase 
which provided nucleation sites and which permitted preferen- 


tial partitioning of oxygen to the a phase and of uranium to the 


B phase. 


ComMERCIAL heat treatments are designed to 
produce certain strength and toughness character- 
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istics by controlling the microstructure of an alloy. 
A desired distribution of microconstituents is 
achieved in practice by treating an alloy under 

the correct time-temperature conditions. A knowl- 
edge of the phase equilibria in any alloy system is 
essential in outlining heat treatments, but in addi- 


VOLUME 218, APRIL 1960-237 


U 10 20 8630 40 50 60 70 80 90 Zr 
ZIRCONIUM ,% B (EXPANDED FIELD) 


Fig. 1—Tentative zirconium-uranium-oxygen ternary sec- 
tion at 1095°C. 


tion, the transformation kinetics of the solid-state 
reactions must be known. The kinetics are par- 
ticularly important when the heat treatment is the 
so-called isothermal-transformation (interrupted 
quench) treatment. The effect of time at various 
temperatures on the size, shape, distribution, and 
amount of a second phase is significant. 

Due to either contamination or simply the oxygen 
content of sponge, most zirconium-base alloys are 
at least ternary alloys. Contamination by oxygen 
results in an increase in the a/a + 8 transus (sta- 
bilization of a), and consequently solution treatment 
is generally performed in the two-phase region, 
a+, and not within the desired 6 region. For ex- 
ample, in order to obtain a 8 solid solution with an 
alloy containing 15 wt pct U and 0.3 wt pct O, a 
temperature of about 1300°C would be required. 

It was, therefore, decided to investigate the B de- 
composition of Zr-U-O alloys which were solution 
treated in the a + 8 region, the latter structure being 
present during most practical heat treatments of 


zirconium alloys containing small amounts of oxygen. 


The zirconium-rich portion of the zirconium- 
uranium binary system shows a depression of the 
a-f transformation temperature in zirconium by 
the addition of uranium to a eutectoid reaction at 
595°C and about 22 at. pct uranium.’ On the other 
hand, the addition of oxygen to zirconium raises the 
transformation temperature to 1940°C at 2 wt pct O? 
When both oxygen and uranium are added to zirco- 
nium, opposite effects are encountered for each 
element. A tentative ternary isotherm® is shown 
for 1095°C in Fig. 1. 

The 6 decomposition of binary zirconium- 
uranium alloys is sensitive to composition, the 6 
generally becoming more stable at subcritical tem- 
peratures with increasing uranium.* The effect of 


Table |. Chemical Analyses of Experimental Alloys 


Composition, Wt Pct 


Uranium Oxygen Analyzed 
Nominal Analyzed Nominal Analyzed Carbon 

7 6.6 0.100 0.094 0.08 
10 9.5 0.100 0.094 0.14 
15 15.6 0.100 0.094 0.10 

7 6.9 0.30 0.27 a 
10 9.6 0.30 0.24 a 
15 14.3 0.30 0.27 a 
*Not analyzed but should be similar to 0.094 wt pet O alloys. 
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oxygen on the transformation of zirconium and ti- 
tanium alloys has been observed to be significant.° 
Because of the possible influence of oxygen on B 
decomposition of Zr-U alloys it was decided to 
investigate two levels of oxygen, 0.100 and 0.300 
wt pet, to simulate nominal purity sponge-base 
alloys and slightly contaminated alloys, respec- 
tively. These oxygen levels are more representa- 
tive of actual alloys than the high-purity crystal 
bar alloys used in previous work. 


EXPERIMENTAL PROCEDURES 


Alloy Preparation—All alloys were prepared by 
double arc melting of consumable electrodes in 
vacuum. The electrodes were prepared by com- 
pacting sponge-zirconium and biscuit uranium for 
the lower oxygen level; small additions of zirco- 
nia were compacted with the metal for the alloys 
with the higher oxygen content. The ingots were 
forged at 800°C and subsequently rolled to 0.075-in. 
sheet at 700°C. Chemical analyses of the alloys are 
listed in Table I. 

Heat Treatment—Samples, 7/,-in. square, 40 mils 
thick, were individually sealed in 7/,-in.-diam Type 
304 stainless steel tubing under vacuum. Stainless 
steel was used in preference to Vycor to permit 
more rapid heat transfer during the interrupted 
quench. In some of the early runs intimate contact 
of sample and capsule produced liquation by forma- 
tion of a zirconium-iron eutectic. These samples 
were discarded and reruns were made with tantalum 
foil wrapped around the specimen. All subsequent 
samples were wrapped in tantalum. 

The capsules were suspended by Nichrome wire 
in a solution treating salt bath at 1000°C for 1 hr, 
quenched into the isothermal transformation bath 
at the desired temperature, held for a given time, 
and water quenched to room temperature. 

Metallography— Transformation samples were 
mounted in Bakelite, ground through a 600-grit sil- 
icon carbide wheel, polished with Blue Diamond 
abrasive on Forstmann cloth, and etched in a solu- 
tion of 30 ml of HNO , 30 ml of lactic acid, and 
6 drops of HF. 

X-Ray Diffraction—Diffraction patterns were 
made with a 57.3-mm Debye camera on a rotating 
sliver, 0.025 in. in diam, tapered to a fine point. 
The slivers were etched from bars ‘ig -in. square 
with a solution consisting of 15 ml of lactic acid, 

20 ml of HNO;, and 10 ml of HF. Filtered radia- 
tion was used with an iron target. 


RESULTS AND DISCUSSION 


Partitioning of both uranium and oxygen between 
the 8 and a phases during heat treatment required 
that the first portion of this work be aimed at de- 
termining the composition of the 8 phase undergoing 
decomposition. The quantitative metallography 
method of Douglass and Morgan® was used, employ- 
ing several assumptions outlined by Bauer, Beatty, 
and Rough.’ These were a) the phase region a + B 
is bounded by straight lines, b) the distribution co- 
efficient of oxygen between a and B is 45 and re- 
mained constant for the range of oxygen contents 
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studied, c) the uranium content of the a phase is 
0.5 wt pet, and d) the uranium content of the a phase 
does not vary with oxygen content in the range 
studied. 

Samples were quenched from 1000°C, the volume 
fraction of primary a * was measured by point count- 


Table II. Uranium Content of Beta Phase Obtained 
during Solution Treating at 1000°C 


*The quenched structure consisted of primary alpha (formed at 
1000°C) and martensitic alpha (acicular) formed during the quench. 
ing and lineal analysis, and the uranium content of 
the 8 phase was calculated according to Ref. 6. In 
all but one case, the uranium content of the B phase, 
which subsequently transformed, was greater than 
the uranium content of the alloy itself. These data 
are shown in Table II. 

Transformation Kinetics—The distribution coef- 
ficient of oxygen between a and £ is thought to be 
45 or greater.’ Therefore, the oxygen content of 
the 8 phase obtained during solution treatment is 
low and could be considered to a first approxima- 
tion as negligible, z.e., about 20 ppm. It should be 
noted that, as the oxygen content of a series is in- 
creased, the oxygen content of the 6 will increase 
to about 60 ppm. However, due to the large distri- 
bution coefficient of oxygen between a and £ phases, 
and the resultant stabilization of a, the presence of 
the primary a has been considered to be the impor- 
tant parameter in affecting transformation behavior 
of two-phase alloys rather than the oxygen content, 


which was very low, of the 8. Because the a present 


at 1000°C is changed little during subsequent trans- 
formation, it might seem to a first approximation 
that the transformation behavior of a Zr-U-O alloy 
would be similar to a binary Zr-U alloy having the 
same uranium content as the uranium content of the 
enriched 8 of the ternary alloy. Unfortunately, this 
simplified picture is not indicative of the actual 
phenomena. The presence of the a phase during 
solution treatment apparently changes the ener- 
getics for the nucleation of transformation products. 
Any resultant effect of composition is difficult to 
evaluate because an overall change in alloy compo- 
sition results in an interdependent compositional 
change of each phase. Hence, at best only a semi- 
quantitative picture of the transformation behavior 
of each alloy will be presented. 

Zirconium-7 Wt Pct Uranium Alloys—Alpha pre- 
cipitation in binary zirconium-uranium alloys ini- 
tiated readily at 700°C, requiring less than 1 min 
to start.* The addition of 0.094 wt pct O shifted the 
‘“‘C’’ curve for the a precipitation to the left so that 
the reaction took place within shorter times at tem- 
perature. Noa existed in this alloy at 1000°C, 
therefore, it can be stated unequivocally that oxygen 
accelerated-the precipitation of a. : 

A further increase in the oxygen content to 0.27 
wt pet resulted in the stabilization of 12.0 vol pct a 
at 1000°C. The § in equilibrium with this a was 
enriched in uranium and should, therefore, be ex- 
pected to transform slower than the nominal 7 wt 
pet binary alloy.* However, the presence of the 
primary a resulted in an initiation time for a pre- 
cipitation intermediate to that of the binary alloy 
and the 0.094 wt pct O alloy. It may be concluded 
that 0.094 wt pct O dissolved in the 6 phase was 
more effective in starting transformation than in 
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Nominal Composition, Average Uranium 
Balance Zirconium Content Content of 
Wt Pct Vol Pet B, Wt Pct 
Uranium Oxygen 
7 0.100 0 i, 
10 0.100 4 11.8 
15 0.100 12.3" 17.1 
7 0.300 12.0 8.2 
10 0.300 9.1 12.6 
15 0.300 7.8 16.8 


aSolution treated 50 hr at 1000°C, water quenched. 
bQuestionable value, probably contaminated by oxygen during solu- 
tion treating. 


lower oxygen 6 (0.019 wt pct) of the same uranium 
content. The 12 vol pct primary a resulted ina 
slight enrichment of 8 in uranium and a virtual de- 
pletion of oxygen (45:1 distribution coefficient be- 
tween qa and £) but still caused more rapid trans- 
formation of the 8 than in the binary Zr-U alloy. 

The formation of € was retarded in the presence 
of oxygen and/or primary a. Small amounts of the 
phase were detected by room-temperature X-ray 
diffraction of samples previously transformed in 
the range of 300° to 400°C for times up to 100 min. 
The amounts observed were less than in binary 
zirconium-uranium alloys transformed under the 
same time-temperature conditions. Further, no e’, 
a transition structure observed in earlier work,* 
was observed. 

The rapid transformation of the ternary alloys 
does not permit an exact determination of the TTT 
curves. A schematic summary of the start of B 
decomposition is given in Fig. 2. The curves for 
the binary zirconium-uranium alloys are included 
for comparison and may be considered quantitative. 

Zirconium-10 Wt Pct Uranium Alloys—As shown 
in Table II the addition of 0.094 wt pct O to Zr-10 
wt pct U alloys stabilized 4.0 vol pct a at 1000°C, 
An increase in the oxygen content to 0.24 wt pct 
stabilized 9.1 vol pct a at this temperature. The 
presence of the lesser amount of primary q@ de- 
creased the stability of 6 at subcritical tempera- 
tures over the stability of the Zr-10 wt pct U binary 
alloy. However, the alloy containing 9.1 vol pct a 
showed a longer period of 6 stability at subcritical 
temperatures than the alloy containing 4.0 vol pct. 
Both alloys were less stable than the corresponding 
binary alloy. It is not possible to isolate the indi- 
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Fig. 2—The effect of oxygen (primary ©) on the precipita- 
tion of Widmanstatten in Zr-7 wt pct'U alloys (schematic). 
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Fig. 3—The effect of oxygen (primary ©) on the precipita- 
tion of Widmanstatten @ in Zr-10 wt pct U alloys (sche- 
matic). 


vidual effects of oxygen and uranium because the 6 
composition and amount of primary a present cannot 
be controlled independently. Both factors are sen- 
sitive to small variations of oxygen. Schematic 
curves for the decomposition of 8 in the ternary 
alloys are shown in Fig. 3. Once again, these curves 
are not exact but are shown merely to illustrate rel- 
ative periods of 8 stability. The more exact TTT 
curves for the binary alloy are also included. 

No e' was observed by either X-ray diffraction 
or by metallographic inspection in either the 0.094 
or the 0.27 wt pct O alloys. The phase had been de- 
tected in binary alloys transformed at 350°C.* The 
absence of €’ at 300°C or above in the ternary alloys 
does not preclude the possibility that the supersat- 
urated phase forms at temperatures below 300°C. 

M, temperatures for these alloys were not de- 
termined. The rapid precipitation of Widmanstatten 
a resulted in transformation of nearly all the 8. by 
the time the temperature had decreased to the range 
in which martensitic a usually forms. The effect of 
the primary a on the martensite transformation is 
unknown. 

Zirconium-15 Wt Pct Uranium Alloys—Transfor- 
mation of the 15 wt pct U alloys was characterized 
by the appearance of e’ at lower temperatures. 
Transformation at higher temperatures resulted in 
large amounts of Widmanstatten a within short 
times. The times at which the various reactions 
start are summarized in the TTT curves in Fig. 4. 

The formation of metastable €' is shown as an 
isothermal process, although there is still some un- 
certainty as to whether the phase formed isother- 
mally or athermally. The e’ phase decomposed 
isothermally by a tempering reaction precipitating 
@ until equilibrium € remained. The effect of pri- 
mary a on the tempering of €’ is to lower the tem- 
perature at which @ may be rejected and to in- 
crease the time at which the rejection starts. There 
is, however, one temperature, 400°C, in the 0.27 
wt pet O alloy at which the metastable phase has 
unusual stability. No precipitation of @ was ob- 
served within 10,000 min; the curve for the rejec- 
tion of a from e' in this alloy may be nearly 
horizontal just below 400°C. 

Correlation of Microstructure with Heat Treat- 
ment—Zirconium-7 Wt Pct Uranium Alloys—The 
effect of primary a on the microstructure of trans- 
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Fig. 4—Schematic TTT diagrams of Zr-15 wt pct U alloys. 


formed alloys was pronounced. Solution treatment 
of the 0.094 wt pct O alloy at 1000°C was performed 
entirely within the 8 region, whereas at this tem- 
perature the 0.27 wt pct O alloy was in the a+ 6B 
region. The net result was that large equiaxed par- 
ticles of a were observed in all microstructures of 
the alloys with the higher oxygen content regardless 
of the heat treatment. In addition to the equiaxed a, 
the structures consisted of Widmanstatten a as part 
of the matrix. 

The nature of the Widmanstitten precipitate for 
the 0.27 wt pct O alloys depended upon the isother- 
mal transformation temperature. For example, at 
relatively high temperatures of 650° to 750°C, the 
a@ precipitate was coarse, but at lower temperatures, 
less than 550°C, the a plates were somewhat finer 
and longer. A comparison between the high- and 
low-temperature precipitates may be seen in Fig. 5 
for an alloy transformed 1 min at 750°C compared 
with 100 min at 500°C. 

An interesting aspect of these structures is the 
duplex etching characteristic, indicating a compo- 
sition gradient across the equiaxed a particles. This 
behavior may be the result of two phenomena. First, 
the amount of @ present at room temperature prior 
to solution treatment was greater than at 1000°C. 
During solution treatment, the € transformed to the 
stable high temperature £B phase, but since there is 
less a stable at this temperature than at room tem- 
perature, some a must go into solution. However, 
the nucleating sites for the dissolved a probably re- 
main around the periphery of the undissolved a ms 
subsequent transformation of the nearly oxygen- 
free 6 resulted in precipitation of an envelope of q 
around the primary a particles at the prior nucle- 
ating sites as well as Widmanstitten precipitation 
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within the matrix. The envelope of @ had a much 
lower oxygen content because it formed from 8 which 
was nearly oxygen free. Consequently, a region of a 
which was low in oxygen was surrounding a high oxy- 
gen particle of a, and a ‘‘pseudo-peritectoid’’ struc- 
ture resulted. As the time of transformation was 
increased, the diffusion of oxygen tended to smooth 
out the oxygen gradient, and the duplex structure 
gradually disappeared. 

A second possible mechanism is as follows: If a 
precipitated other than as an envelope around pre- 
existing a from the oxygen-free 8, a state of non- 
equilibrium existed, with respect to the oxygen 
content of the two types of a. A thermodynamic 
adjustment occurred until the oxygen composition 
was the same for both types of a. Oxygen diffused 
from the periphery of the preexisting a to the low- 
oxygen a until equilibrium was established. The 
diffusion of oxygen from the periphery of the 
equiaxed qa left a composition gradient which was 
observed by etching. As the time at temperature 
was increased, this gradient disappeared by dif- 
fusion of oxygen within the q particle. The exist- 
ence of such behavior was verified by the absence 
of a growth interface (grain boundary in the pri- 
mary a) on the specimen after removal of the etched 
surface. Similarly, a growth interface was observed 
on some particles during examination of the polished 
surface. It is, therefore, concluded that both mech- 
anisms were operative, z.e., that some precipitation 
occurred around the prior a on the remaining nu- 
cleation sites, and the remaining a formed as a 
Widmanstitten precipitate within the grains. 

Little structural variation was obtained by heat 
treatment of the 0.094 wt pct O alloys. All photo- 
micrographs revealed a Widmanstatten a of one 
form or another. As was observed in the higher 
oxygen alloys, the coarseness of the precipitate was 
pronounced at higher temperatures. Fig. 6 shows a 
typical sample, a coarse precipitate obtained by 
holding 100 min at 700°C. ; 

Zirconium-10 Wt Pct Uranium Alloys--The micro- 
structures of alloys containing 10 wt pct U (both oxy- 
gen contents) were similar to those of the alloy con- 
taining 7 wt pct U and 0.24 wt pct O. Basically, the 
only difference was the time required to produce a 
given size and quantity of Widmanstatten a. Because 
the kinetics of transformation were slightly more 
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Fig. 5—Effect of temperature on the na- 
ture of the Widmanstatten a precipitate 
ina Zr-7 wt pct U-0.29 wt pct O alloy. 
X1000. Reduced approximately 26 pct 


sluggish for the higher uranium alloys, slightly 
longer times were necessary to produce a given 
structure. 

The Zr-10 wt pct U 0.094 wt pct O alloy contained 
less equiaxed q@ than the 0.24 wt pct O alloy, but 
otherwise the microstructures were similar. Due 
to the more rapid kinetics of precipitation in the 
lower oxygen alloys, more Widmanstitten @ was 
observed ina given transformation time. 

Zirconium-15 Wt Pct Uranium Alloys—In the tem- 
perature range of 600° to 750°C the structure of 
15 wt pct U alloys was similar to that of the 10 wt 
pct.U alloys. However, at lower temperature, both 
alloys contained considerable e’. 

The 0.094 wt pct O alloys contained less Widman- 
statten a than the 10 wt pct U alloy with the same 
oxygen content in the temperature range of 450° to 
600°C. The increase in uranium content from 10 
to 15 wt pct retarded a formation in this tempera- 
ture range and resulted in structures consisting of 
equiaxed a (present during solution treatment), some 
Widmanstatten a, and e. Fig. 7 shows the effect of 
temperature above the critical temperature on the 
Widmanstatten a precipitate in alloys containing 
oxygen. Increasing the oxygen content can be ob- 
served to greatly increase the amount of Widman- 
statten a, particularly in the series transformed at 
750°C. 

Rejection of a from e’ may be observed in Fig. 8. 
The fine Widmanstatten precipitate extended across 
the e' subgrains, indicating little or no orientation 
difference between adjacent e’ grains. 


Fig. 6—Typical high-temperature Widmanstatten © preci- 
pitate in a Zr-7 wt pct U-0.094 wt pct O alloy. X1000. Re- 
duced approximately 46 pct for reproduction. 
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Alloy transform in at MOSER 
4 sformed 1 min at 750°C. Alloy transformed 100 min at 500°C. 
Alloy transformed 100 min at 700°C 


Alloy transformed 100 min Alloy transformed 100 min 
at 750°C. at 650°C. 


Zr-15 wt pct U-0.094 wt pct O alloy. X1000. Reduced ap- 
proximately 27 pct for reproduction. 


Alloy transformed 1 min a Alloy transformed 1 min at 
750°C 650°C 


Zr-15 wt pct U-0.29 wt pct O alloys. X1000. Reduced ap- 
proximately 27 pct for reproduction. 


Fig. 7—The effect of temperature on the size and shape of Widmanstatten @ in Zr-15 wt pct U alloys. 


€’ (Substructure) 


Primary 


Widmanstatten a 


Fig. 8—Alpha rejection from ¢€’ in a Zr-15 wt pct U-0.29 wt 
pet O alloy transformed 10 min at 350°C. X1000. Reduced 
approximately 37 pct for reproduction. 


CONCLUSIONS 


The addition of 0.094 wt pct O to a zirconium-7 
wt pct U alloy decreased the isothermal holding time 
for the start of transformation at subcritical tem- 
peratures. Oxygen contents of 0.094 wt pct in the 
10 and 15 wt pct U alloys produced a two-phase 
microstructure of a and B phases at 1000°C. The 
presence of this primary qa resulted in partitioning 
of oxygen and uranium to the a and £ phases, re- 
spectively, and in spite of the uranium enrichment 
of the £ the incubation period for subsequent a pre- 
cipitation was decreased over that for binary 
zirconium-uranium alloys. 
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The formation of € was retarded by primary a, 
but in alloys containing 15 wt pct U, e’ formed 
rapidly. The e’ decomposed isothermally to € by 
precipitating a. 

No martensitic a was observed in alloys quenched 
from the a+ B region. The phase was detected in 
alloys quenched from the f region. 

The size and shape of Widmanst&tten a were de- 
pendent upon the isothermal transformation tem- 
perature. The e’ structure appeared as small 
equiaxed subgrains within prior 6 grains. 
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Effects of Grain Boundaries in Tensile Deformation 


at Low Temperatures 


Single crystal, bicrystal, and polycrystal tensile tests of 
aluminum at 4.2°K, 77°K, and 300°K have been used to examine 
the role of grain boundaries in the deformation process. Results 
indicate that a grain boundary may affect the extent and slope of 
easy glide. The stage II hardening rate, on the other hand, is in- 
dependent of the presence or absence of grain boundaries. This 
conclusion allows the size of the region of multiple slip caused 


by an incompatible grain boundary to be determined. For the 


R. L. Fleischer 


size of bicrystal sample used in this study, multiple slip occurs 


in about half of the cross section. 


Previous studies of the stress-strain character- 
istics of bicrystals of face-centered-cubic metals 
have been limited to aluminum’ ® at room tempera- 
ture. Recent results, however, indicate that the 
stress-strain curves of single crystals of such 
metals may be separated into at least three stages® 
in which different deformation processes are oc- 
curring’ provided testing is done at sufficiently low 
temperatures.® Since for aluminum a well-defined 
stage II develops only below room temperature, pre 
vious studies have not been able to relate effects of 
grain boundaries to all of the three stages of defor- 
mation. It is therefore to be expected that low-tem- 
perature deformation of aluminum single crystals 
and bicrystals should clarify the effects of grain 
boundaries on the different processes of deformation. 


EXPERIMENTAL PROCEDURE 


Single crystals and bicrystals were grown from the 
melt by the standard technique® with aluminum re- 
ported by Alcoa to be 99.993 pct pure. Ridges in the 
boat were used to guide the grain boundary during 
growth, assuring that the boundary would bisect the 
sample.*° The rate of furnace motion during growth 
was 1.0 cm per hr. During growth zone purification 
resulted, as evidenced by the ability of the first 
material to freeze to recrystallize at room tempera- 
ture following severe deformation. Samples were 
approximately 4.4 x 6.6 mm in cross section and 
103.5 mm in length between grips. 

Samples were annealed at 635° + 5°C for 40 hr and 
furnace cooled over a 7-hr period. They were then 
electropolished in a solution of 5 parts methanol to 
1 part perchloric acid at a current density of 15 amp 
per sq dm for about 30 min at temperatures below 
0°C; 

Tensile testing was performed at 295° (room tem- 
perature), 77° (sample in liquid nitrogen), and 4.2°K 
(sample in liquid helium) on the hard-type machine 
indicated schematically in Fig. 1. The machine con- 
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sists basically of a tube surrounding a rod; one end 
of the sample is attached to each member, and the 
rod is pulled up the tube to extend the sample. The 
rod is rigidly mounted and is moved vertically by a 
system described by Basinski.”’ The pulling force is 
measured continuously by an electrical strain gage 
load cell, and the relative displacement of the tube 
and rod is also recorded continuously by a soft 
cantilever beam with electrical strain gages. Maxi- 
mum stress and strain sensitivities were +2 g per 
Sq mm and + 3-10°°. In all tests the strain rate was 
approximately 5:107° per sec. 

The thin wires in the tensile apparatus introduce 
softness, which may be corrected for, however, by 
measuring load vs displacement with the sample re- 
placed by an elastic member. For loads greater 
than 15 kg the spring constant is 1.875-10° g per cm. 
The flexible wires also served to reduce substan- 
tially the large shearing forces which may arise in 
the case of grips having horizontal rigidity.** As in 
any gripping system, however, bending moments will 
arise in the course of deformation by single slip. 

Engineering stress, o = (load)/ (original cross- 
sectional area), and strain, ¢ = (increase in length)/ 
(original length), are used for stress-strain curves 
unless otherwise indicated. Tables list resolved 
shear stress, 7 = mo and shear strain y = €/m, where 
mis the usual Schmid resolved shear stress factor 
for the primary slip system at the start of deforma- 
tion. 

The first group of samples to be described forms 
an isoaxial set, all of the crystals making up the 
single crystals or bicrystals having the same ten- 
sile axis, the orientation of which is indicated by the 
cross in Fig. 2. For this orientation the primary 
slip plane and slip direction make angles of 45 deg 
with the tensile axis and the Schmid factor m has 
its maximum possible value of 0.5. Rotations about 
the tensile axis are indexed by means of an angle 6 
between the small-area surface of the samples and 
the projection of the primary slip direction onto the 
cross section, as defined in Fig. 3. In single crys- 
tals, values of 6 were 0 and 90 deg, while in bi- 
crystals @ values were (0 deg, 180 deg), (90 deg, 
270 deg), and (0 deg, 90 deg) as indicated in Fig. 4. 
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Fig. 1—Tensile 
apparatus. 


In addition, single crystals (@ = 0 and 90 deg) and 
bicrystals (@ = 0 deg, 90 deg) of a nearly [211] 
(2 + 1.5 deg from [211]) axial orientation, Fig. 2, 
were prepared together with single crystals of 


[111] axis. 


[2-slip plane 

| slip direction 
| 
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Dig. 3—Definition 
of 6. 


Fig. 2—Axial 
orientations of 
samples. x m = 
0.5; x 

O axis for one 
crystal of a non- 
isoaxial bicrys- 
tal. 


[100] 


Three other samples were tested: Two were 
nonisoaxial bicrystals, whose orientations are in- 
dicated in Table I. The third was a polycrystalline 
sample of average grain diameter approximately 
2.5 mm (four to six grains in cross section), pre- 
pared by chill casting in a graphite mold and then 
annealing and electropolishing in the same manner 
as the others. 


CONSIDERATIONS IN BICRYSTAL DEFORMATION 


Compatibility at Grain Boundaries— Previous 
studies have indicated that for aluminum at room 
temperature the major importance of the grain 
boundary arises from the existence of macroscopic 
compatibility, which may require extra slip systems 
to operate.*-° The work hardening is altered by the 
action of such systems much more than by any in- 
herent ‘‘strength’’ of a grain boundary or by micro- 
scopic requirements,” although the latter may deter- 
mine the choice of slip systems.* It will be seen that 
this description is equally true at temperatures be- 
low room temperature. 

For a symmetrical bicrystal such as that shown in 
Fig. 4(@) macroscopic continuity requirements de- 
mand no slip on extra systems. For the nonsym- 
metrical bicrystal of Fig. 4(6) slip on the most 
stressed system in one crystal encourages slip on 
the most stressed one in the other,* and extra slip 
planes are not observed.* For this reason both 
types may be termed compatible bicrystals. All 
others considered here are termed incompatible 
since macroscopic continuity at the grain boundary 
necessitates slip on extra systems in its vicinity. 
Conditions determining compatibility have been dis- 
cussed in detail 

Twisting—In nonsymmetrical bicrystals, regard- 
less of compatibility, there will in general be un- 
balanced tendencies for lattice rotation. Reaction 
with the grips then may be relieved by twisting about 
the tensile axis. A second possible source of twist- 
ing would be the presence of an excess of screw 
dislocations of one sign near a grain boundary. On 
the tensile device used in the present work it is 
possible for one end of the sample to rotate axially 
relative to the other. Twisting (see Table I) was 
observed in nonsymmetrical bicrystals with the ex- 
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Table I. Work Hardening Characteristics of Samples 


Single 
Crystal (S 
Bicrystal (B) Orientation G/Mm? Kg/Mm? Kg/Mm? G/Mm? Pct Pct 
4.2°K 
: m=0.5 0 deg 120 152 WES 202 8.0 10.9 
: m=0.5 0 deg 166 1.9 20.3 235 4.0 8.2 ~ 
m=0.5 90 deg 115 13 18.3 210 6.6 12.6 - 
‘ m=0.5 90 deg 109 1.4 19.8 215 Ue) 11.8 - 
ype 
B a m=0.5 0, 180 deg 157 1.6 19.6 263 7.8 14.6 - 
a m =0.5 0, 180 deg 145 232.8 >265 8.9 10.7 2. deg 
5 b m=0.5 90, 270 deg 104 4.2 19.4 270 4.1 11.7 18 deg 
E b m=0.5 90, 270 deg 101 2.3 34.0 253 Bet) 10.4 6.5 deg 
x c m=0.5 0, 90 deg 354* 11.4 18.3 690 3.0 OFT, 17 deg 
c m=0.5 0, 90 deg 158 9.5 31.1 575 4.3 8.7 9.5 deg 
S 211 0 deg 119 1.4 27.0 206 6.4 10.3 - 
Ss 211 90 deg 115 nial 18.1 196 6.7 10.6 - 
B c 211 0, 90 deg 145 TS, V7! 572 3.5 7.6 - 
$ 111 6 deg 184 13.2 21.6 473 23 7.4 = 
m=0.5 90 deg 
B { 332 45 = 218 14.9 23.2 582 2 6.5 11.5 deg 
(O in Fig. 2) 
Polycrystal** 131 Tes 23.6 385 3.3 7.2 - 
*Prestrained at 295 deg. **Average value m = 0.464 assumed. 
S) m=0.5 0 deg 94 0 11.8 162 Dad) 13.8 = 
S) m=0.5 90 deg 111 5 125 140 V7. 13.8 - 
B a m=0.5 0, 180 deg 82 BS) 15.0 --190 2.4 Lies = 
B b m=0.5 90, 270 deg 65 6 13.0 125 155 13.1 11.5 deg 
S) 211 90 deg 66 4 16.2 102 15 10.5 - 
B c 211 0, 90 deg 106 15.4 20.5 310 1.4 7.6 - 
S 111 6 deg 82 15.2 DAS: 349 1.6 6.0 - 
811 50, 25 deg) 
B 
Ts, deg] 88 10.9 14.8 342 11.8 9 deg 
295°K 
m=0.5 90 deg 65 7.3 106 1.4 - 
) m=0.5 0 deg 66 3.8 8.9 120 1.4 tos: - 
B a m=0.5 0, 180 deg 60 4.2 7.3 123 5 12.0 - 
B b m=0.5 90, 270 deg 80 - 11.6 - - 11.9 4.5 deg 
B c m=0.5 0, 90 deg 85 - 12.0 - - 11.0 8.5 deg 
S 211 0 deg 44 D3 10.8 81 0.44 9:3 = 
s 211 90 deg 46 6.7 9.6 101 0.46 13.9 - 
B c AGk 0, 90 deg 62 - 15.9 - - 10.2 - 
S 111 6 deg 66 - - 4.4 - 


ception of that with a [211] axis, where there should 
be no tendency for lattice rotation. 


EXPERIMENTAL RESULTS AND RELATION TO 
PREVIOUS WORK 


Single Crystals—In Fig. 5 are shown some typical 
stress-strain curves for single crystals of m = 0.5, 
and of [111] and approximately [211] orientation, 
tested at 4.2°, 77°, and 295°K. Table I lists for all 
samples numerical values of the yield stress 1,, 
transition stress 7,-,,, minimum work hardening 
slope Amin (easy-glide slope if such behavior is, 
present), and maximum work hardening slope A max 
Definitions of these quantities are illustrated in Fig. 
6. The angular twist of one end of the crystal rela- 
tive to the other is given by w. The total shear strain 
is 

Relative to room-temperature behavior, at 4.2°K 
there were higher yield stresses, lower easy-glide 
slopes, and more easy glide. Pure stage II (linear) 
hardening was seen at 4.2° rather than the inflection 
point common at room temperature. The above re- 
sults are in qualitative agreement with those of 
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Noggle and Koehler,’ and the room-temperature data 
check well numerically (+ 30 pct) with previous re- 
sults obtained when using identical procedure for 
preparation of crystals.° 

Slip Lines—Evidence of grip effects for the m = 0.5 
orientation was present as slip lines corresponding 
to the ‘‘critical’’ plane. For the orientation given in 
Fig. 2, [101] (111) is defined as the critical slip sys- 
tem; slip on this system provides a method of reduc- 
ing the grip stresses by lessening the total horizontal 
motion of one end of the sample relative to the other 
during deformation .** For samples of 6 = 0 deg, in 
which the grip stress is less, there should be less 
critical slip than for 6 = 90 deg. Consistent with this 
view, all of the four 6 = 90 deg samples showed 
critical slip, while only one of the four 6 = 0 deg 
samples showed such slip. Similar observations of 
critical slip on aluminum samples of the same axial 
orientation have been made by Livingston** and 
Elbaum.” In crystals of [211] axial orientation in 
principle there should be no grip stresses of the 
type considered here so that no regions of critical 
slip should be expected. None were observed. 


VOLUME 218, APRIL 1960-245 


a 


Type "Q' 
@=0°, 180° 


Type 


g=90- 270° 


Fig. 4—Bicrystal orientations (Tensile axis is vertical). 


@= 0°, 90° 


Effects of Grain Boundaries— Tensile stress-strain 
curves for the isoaxial bicrystal set with m =0.5 ap- 
pear in Figs. 7 to 9. Fig. 10 shows results for the 
nearly [211] set and Fig. 11 illustrates the behavior 
of three nonisoaxial samples. Table I lists work 
hardening characteristics. 

A general view of these results shows the striking 


Mim dt/dy 


Shear 


Stress 


Y 
Shear Strain 


Fig. 6—Definition of parameters describing stress-strain 
curves. 
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Fig. 5—Effect of temperature on the work hardening of 
single crystals. 


similarity between temperature dependence of 
hardening characteristics of bicrystals and single 
crystals. As in single crystals, bicrystals show 
higher yield strengths, lower easy glide slope, more 
easy glide, and increasing slope and amount of stage 
II hardening at low temperatures. 

Possibility of Surface Sources—In two types of bi- 
crystals there were examples of slip traces crossing 
the grain boundary. In type ‘‘b’’ this corresponds to 
slip planes at right angles, which therefore have a 
common trace at only one line in space. That this 
line should happen to be at a free surface may be due 
either to slip being transferred from one crystal to 
the other at the surface or to slip being generated at 
the intersection of the grain boundary with the sur- 
face. In either event the existence of surface dislo- 
cation sources is suggested. Similar observations 
have been made by Livingston.’* 

Nonoctahedral Slip—Over very short distances 
near the grain boundary in bicrystals of type ‘‘a’’, 
nonoctahedral slip plane traces were observed at 
room temperature as extensions across the boundary 
of primary slip lines. The only possible low index 
plane was identified as (110). On the grain boundary 
this plane has a trace that is nearly common with the 
primary slip plane from the other crystal and hence 
would sustain a high resolved shear stress. 


DISCUSSION 


Stage I Work Hardening—Easy glide behavior in 
bicrystals is sensitive to the compatibility condi- 
tions and twisting tendencies. Easy glide is possible 
as long as compatibility is satisfied by single slip 
in each crystal, as it is in bicrystals of type ‘‘a’’. 
In an incompatible bicrystal, however, multiple slip 


“must occur, so that there can be no easy glide near 


the grain boundary. 

It can be shown with an approximate calculation 
that the increased initial work hardening in incom- 
patible bicrystals cannot be explained merely by the 
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Fig. 7—Stress-strain curves of symmetrical bicrystals of 
Type “a” compared to those of single crystals. (Note ex- 
panded stress scale for results at 295 deg). 


increase in stress necessary to pile up dislocations 
across the crystal against the grain boundary. If 
this were the case, the shear strain would be ap- 
proximately 37b/4d where nv is the number of dis- 
locations per pile-up, Dis the slip vector of each 
dislocation, and d is the average distance between 
planes having pileups.*® The corresponding applied 
stress 7 would be at most about mub/2w, where pu 
is the shear modulus and w the length of each slip 
plane.*® The resulting work-hardening slope is 
2 ud/3w. For d= 10~* cm and w = 1/3 cm the slope 
is 0.8 kg per sq mm which is a factor of fifteen to 
twenty less than the observed Ain for incompatible 
bicrystals. Hence it is reasonable to look further, 
to the result of the pileups, for the source of in- 
creased work hardening. As Livingston and 
Chalmers‘ have shown, slip on extra systems in the 
adjacent crystal is caused, and therefore the work 
hardening is increased by the creation of whatever 
barriers to further slip are produced by multiple 
slip. 

Fig. 8 shows that at 4.2°K and at 77°K bicrystals 
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Fig. 8—Stress-strain curves of compatible bicrystals of 
Type “b” compared to those of single crystals. (Expanded 
stress scale for results at 295 deg). 


of type ‘‘b’’ (compatible despite their assymetry) 
underwent true easy glide. Whether the early end of 
easy glide was due directly to the grain boundary ef- 
fects or was a result of the sample twisting has not 
been determined. No extra slip systems were ob- 
served near the grain boundary. At 295°K quite dif- 
ferent results obtained, as Fig. 8(a) shows. Now the 
easy glide region was reduced to zero strain and de- 
formation began with a rapid, linear hardening, which 
might have been predicted by extrapolation of the 
size-effect observations of Fleischer and Chalmers? 
to the crystal size used here. Slip-line observations 
on the type ‘‘b’’ sample at 295°K are of interest: The 
most prominent lines alternated between primary and 
critical in both crystals in such a manner that the 
primary trace on one crystal was adjacent to the 
critical on the other along most of the grain bound- 
ary. Such a slip distribution would reduce both twist- 
ing and grip stresses. Total twist for this sample 
was 4.5 deg, which is considerably less than that ob- 
served at lower temperatures. 

[211] Orientation—Results with bicrystals of this 
orientation, Fig. 10, also demonstrate that grain 
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Fig. 9—Stress-strain curves of incompatible bicrystals of 
Type “c” compared to those of single crystals. (Expanded 
stress scale for results at 295 deg). 


boundaries are important primarily as means of ef- 
fecting multiple slip. At 4.2°K the two single crys- 
tals underwent about 6.5 pct easy glide strain before 
stage II set in, corresponding to a lattice rotation of 
about 1.6 deg. Because of incompatibility the bicrys- 
tal‘showed no true easy glide, only a region of some- 
what lower slope. For one single crystal the work- 
hardening slope following easy glide was essentially 
the same as that for the [211] bicrystal; the other 
work hardened at a rate about 50 pct higher. 

At room temperature it is known that the stress- 
strain curve is highly sensitive to small deviations 
from [211].° An example appears in Fig. 10 where 
the bicrystal is seen to be appreciably harder than 
the single crystals since in this bicrystal multiple 
slip occurred from the start, while in the single 
crystals some remnants of easy glide remained and 
hence slip was not evenly divided between the two 
most favored systems.° 


For comparison results of Davis et al° are indi- 
cated by dotted lines in Fig. 10. Single crystal Az 
showed a trace of easy glide while A, had nearly 
equal contributions from both favored slip systems. 
The various results are closely comparable except 
that in this study no [211] single crystal such as A, 
showing true multiple slip has as yet been tested. 

Stage II Work Hardening— Fig. 12 describes hard- 
ening in a variety of samples at 4.2°K with curves 
relating shear stress and strain. Included are single 
crystals oriented for single and multiple slip, com- 
patible and incompatible bicrystals, and a polycrys- 
tal. For the polycrystalline sample a value of 
m = 0.464 was computed for the primary systems 
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Fig. 10—Stress-strain curves of incompatible bicrystals 
of [211] axis compared to those of single crystals. Dotted 


curves by Davis et al.?(Expanded stress scale for results 
at 295 deg). 


assuming the preferred orientation [100] perpendicu- 
lar to the tensile axis, which is to be expected for 
the dendritic growth during chill casting.*” Within 
usual experimental variations, the stage IIA ,ax is 
found to be the same for all samples regardless of 
the presence or nature of grain boundaries. As will 
be described, Amax values fell into two groups, one 
of which was chosen for Fig. 12. Since samples with, 
as well as without grain boundaries were present in 
both groups, the two Amax values are not caused by a 
grain boundary effect. Similar results obtain at 77°K. 
In short, for all samples tested here grain bound- 
aries do not significantly influence the maximum 
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Table Il. Values of (d7/dy) max = ey 
Measured from Published Stress-strain Curves for Single Crystals 


Material feats Reference 


Aluminum 13.2 


Aluminum 15.5 21 


Copper 120 22 


work hardening rate at temperatures for which a 
true stage II exists in single crystals. 

This result gives strong support to recent sug- 
gestions by Fealtham and Meakin, Jaoul,’® and 
' Kocks” for identifying polycrystalline work-hard- 
ening processes with those of single crystals during 
the appropriate stages of deformation. 

Stage II Work-Hardening Values— There is an in- 
teresting grouping of the values for the stage II 
hardening slope. Fig. 13 shows the distribution, 
considering all single crystals, bicrystals and the 
polycrystal. The slopes group into one set centered 
about Amax = 19 kg per sq mm and another about 
33 kg per sq mm. 

Past single crystal work at 4.2 has in- 
dicated a similar division, as shown by ,,,,; values 
taken from stress-strain curves in these previous 
studies and listed in Table II. In each case the 
values fall into two groups one of which has a value 
about 5/3 of the other. Similar though less pro- 
nounced grouping occurs at higher temperatures. 
In all such cases the higher values correspond to 
orientations near which multiple slip is expected 
from geometrical reasoning. 

Such a generalization is not possible here, how- 
ever. Only one single crystal showed the higher 
value of Amax at 4.2 deg even though three were 
within a few degrees of [211] orientation and one 
was of [111] orientation. Also, compatible (pre- 
dominantly single slip) as well as incompatible bi- 
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Fig. 12—Shear stress-shear strain curves at 4.2°K for 
samples with and without grain boundaries. 
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Fig. 11—Stress-strain curves of two nonisoaxial bicrystals 
and a polycrystal. 


crystals showed both values of Anay. For bicrys- 
tals in which twisting was present, the amount of 
twist was in general larger for the lower max 
value. There were no regular slip-line differences 
observed between samples in pairs of ‘‘a’’, ‘‘b’’, 
and ‘‘c’’ bicrystals giving different 2,,,, values. 
For the incompatible pair of type ‘‘c’’ bicrystals, 
however, it was observed that the sample having a 
lower Amax value showed pronounced kink bands 
while the other did not; an asterism typical of kink 
bands was found in a Laue back-reflection photo- 
graph of the former sample, but no further x-ray 
differences were evident. The other bicrystal pairs 
showed no such differences. 

One remaining difference between samples in 
these bicrystal pairs involved the stress relaxation 
which occurred upon stopping crosshead motion 
during a test. In most cases the stress-strain cruve 
following relaxation was a continuation of the original 
curve. It was found, however, that for samples of 
large Amax values the curve was displaced upwards— 
indicating hardening beyond what would be expected 
from the straining during stress relaxation. 

Initiation of Stage III Work Hardening—Within the 
stress range investigated, no stage III hardening 
was observed at 4.2°K. Only at 77°K, and possibly 
at 295°K, were transitions observed from stage II 
to stage III. The transition may be defined by the 
shear stress 7,,_,,, at which the work hardening 
slope has decreased by 10 pct from its maximum 
value. Using this definition, 7,,-,,, at 77°K is 1150 
g per Sq mm (+ 25 pct) for four single crystals 
(three showing easy glide, one not) and 1150 g per 
sq mm (+50 pct) for four bicrystals (two compatible, 
two incompatible). It is concluded therefore, that at 
77°K there is no experimentally significant effect of 
a grain boundary on the stage II-III transition. 

At 295°K stages II and III are thought to overlap, 
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Fig. 13—Distribution of values of stage II work hardening 
rate at 4.2°K. 
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Fig. 14—Approxi- 
mate width of the 
region of multiple 
slip in incompa- 
tible bicrystals, 
as viewed in 
cross section. 


(c) 
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making difficult a meaningful definition of the start of 
stage III hardening. Yet in this study (Fig. 10), and 
others,*’® initial linear regions have been observed 
with incompatible bicrystals. Also, a short, nearly 
linear region of work hardening has been found for 
the [111] single crystal, Fig. 5. It may be argued 
that such characteristics reflect stage II behavior 
near the boundary in the bicrystal case and through- 
out the crystal, due to multiple-slip, in the latter 
case. However, until it is possible to determine the 
extent to which these linear regions represent stage 
II hardening, it cannot be established whether or not 
a grain boundary does in fact influence the stress at 
which stage III begins. 

Extent of Region of Multiple Slip—Certain data can 
be interpreted to give an effective width of the region 
of multiple slip in incompatible bicrystals of various 
cross-sectional proportions. Use is made of a pre- 
vious study on rectangular bicrystals of the geome- 
try illustrated in Fig. 14: For samples with boundary 
parallel to the long edge, Figs. 14(d) and (¢), the 
fraction of the cross section undergoing multiple slip 
was found to be constant; in others with boundary 
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parallel to the short side, Figs. 14(@) and (0), the 
width of the region was concluded to be constant.* 

*The conclusion of Ref. (5) was mistakenly worded to indicate the 
multiple-slip region was twice as wide as the experiments indicated. 
The correct description of that result is used here and pictured in 
Fig. 14. 

In incompatible bicrystals multiple slip occurs 
near the grain boundary. Further, it seems likely 
that during the early stages of deformation there may 
exist a region of single slip near the free surfaces 
parallel to the grain boundary but far enough from it 
that the effect of the boundary on work hardening is 
slight. The existence of such a region of single slip 
is implied by the low work-hardening slope Amin Seen 
at low strains and low temperatures for incompatible 
bicrystals, Figs. 9 to 12, andis further confirmed by 
the slip line observations that far from the grain 
boundary there appeared only those slip markings 
which would have been seen on the corresponding 
single crystals. If it is assumed that multiple slip in 
a region about the grain boundary causes work hard- 
ening at the maximum rate observed Amax and that 
single slip goes on elsewhere at a lower value Xeg, 
then the fraction (x) of the cross section initially 
undergoing multiple slip caused by the grain bound- 
ary can be estimated from Amin= xAmax + (1 —%) Aeg, 
where eg is a typical easy glide slope. The situa- 
tion envisioned is indicated schematically in Fig. 
15(a) for the case x = 1/2. Curve ‘‘a”’ is that ob- 
served for the bicrystal, while ‘‘b’’ represents the 
curve for the surface layers undergoing single slip 
(with stress-strain behavior similar to that of single 
crystals), and ‘‘c’’ indicates the assumed behavior 
for a multiple-slip sample. The slope of ‘‘c’’ should 
be that of stage II—the observed maximum hardening 
rate which occurs in both ‘‘a’’ and ‘‘b’’. Evaluating 
x for the six incompatible bicrystals tested at low 
temperatures, it is found that four of the six have x 
within 10 pct of 0.6, while the other two have values 
of 0.7 and 0.3. It is concluded, therefore, that be- 
tween a half and two-thirds of the cross section is 
forced into multiple slip. As in previous work,° 
microscopic slip line examination was not able to 
define the width of the multiple slip region for 
narrow samples (ones with smallest dimension 
perpendicular to grain boundary). 

This method cannot be applied directly at room 
temperature because there is no well-defined stage 
II throughout the sample, so that Amax cannot be 
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evaluated from the bicrystal results. This is another 
way of estimating x at room temperature, however, 
based on the observation that the incompatible bi- 
crystal at this temperature, Fig. 9, has an initial 
region of high slope, listed in Table I as A max: this 
Amaxis presumed to result from the same hardening 
process as determines Amin for Such samples at low 
temperatures. The situation may be as indicated in 
Fig. 15(0). If a curve such as ‘‘f’’ were available for 
multiple slip throughout the sample, the fraction x 

of multiple slip could be calculated from Nmax = xXp 

+ (1—x) A eg., where Ap is the linear slope for 
multiple slip. The [111] single crystal is considered 
to give such a value since it undergoes multiple slip 
and has a short linear region of slope Ap = 17.7 kg 
per Sqmm. Taking Amax = 12.0 and Neg = 3.0, 

x = 0.61 in agreement. with estimates at low tempera- 
tures. 

Therefore, the conclusion indicated in Fig. 14 ap- 
pears warranted. For narrow samples the free sur- 
face may allow single slip over nearly as large a 
region as that in which the grain boundary causes 
multiple slip. 


SUMMARY 


The marked similarity in work-hardening rates at 
low temperatures for single crystals, bicrystals, and 
the one polycrystal is strong confirmation that the 
same work hardening process is of importance in 
stage II for both single crystals and bicrystals. That 
further refinement is necessary for the understand- 
ing of stage II hardening is emphasized by the two 
distinct levels of hardening rate. 

It has also been demonstrated that the compati- 
bility considerations that have been reasonably suc- 
cessful in explaining room temperature grain bound- 
ary effects are directly applicable at lower tempera- 
tures. The easy glide slope and extent are strongly 
altered by the grain boundary; the stage II slope is 


not; and the start of stage III appears not to be af- 
fected except possibly at room temperature. 

Estimates of the width of the region of multiple 
Slip at an incompatible grain boundary agree at 4.2°, 
77°, and 295°K. It is concluded that for narrow 
samples, just over half of the specimen undergoes 
multiple slip. This result leads to the conclusion 
indicated in Fig. 14, which gives the width of the 
multiple slip region as a function of crystal dimen- 
sions. 
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Plastic Deformation of Germanium by Alloying 


Plastic deformation of the germanium adjacent to the re- 
growth material has been observed after alloying single crystal 
germanium with tin. Of several solder alloys investigated, plas- 
tic deformation was observed only in the germanium samples in 
contact with a tin-doped regrowth material. Dislocations were 
observed to move ona viewed (111) plane following thermal 


cyeling of tin-doped regrowth material on germanium. 


OpssErRVATION of germanium samples to which 
solder had been fused indicated that plastic defor- 
mation, as evidenced by slip arrays of dislocation 
etch pits, occurred during the fusion of the solder 
alloy, Figs. 1, 2. The samples had been prepared 
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by placing the solder in contact with the germanium 
and heating the assembly to approximately 575°C, 
followed by cooling to room temperature. During 
this process, the solder first melts, and then as the 
temperature is further increased, dissolves a por- 
tion of the germanium with which it is in contact. 
During the cooling portion of the thermal cycle, the 
dissolved germanium is precipitated, and provided 
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Fig. 1—Typical deformed area on (111) 
section. Etched prior and subsequent 
to alloying. X105. Reduced approxi- 
mately 39 pct for reproduction. 


the cooling rate is not too fast, forms a regrowth 
layer attached to the single crystal substrate. 

This investigation was undertaken to determine 
the cause of the plastic deformation observed on 
germanium fused assemblies adjacent to the base 
regrowth material. Process parameters investi- 
gated were dice thickness, cooling and heating 
rates and solder alloy composition. 

The mechanical properties of germanium single 
crystals have been studied extensively in recent 
years and much knowledge pertaining to the plastic 
properties of crystals has been gained. Greiner’ 
and coworkers have compiled numerous references 
about the plastic deformation of semiconductor 
crystals. Other investigators” ° have contributed 
to the knowledge of semiconductor crystal prop- 
erties as they are influenced by plastic deforma- 
tion. The dislocation density is increased during 
plastic deformation. Gallagher® has shown that 
plastic deformation of germanium increases the 
number of acceptor centers and drastically reduces 
the lifetime of photo-injected carriers in N-type 
germanium. Hobstetter and Breidt? have shown the 
conductivity of high conductivity P-type germanium 
is decreased by deformation. Kikuchi and Iizima’® 
have shown that dislocations act as ‘‘sinks’’ for 
copper atoms. 


EXPERIMENTAL 


Various alloys were soldered or alloyed to single- 
crystal germanium dice. The germanium dice were 
usually 0.008-in. thick by 0.260-in. diam, had re- 
sistivities greater than 2 ohm-cm, and were both N 
and P type. Minority carrier lifetimes were greater 
than 50 pu in these samples and the dislocation den- 
sity, as counted microscopically after suitable chem- 
ical etching, was less than 5 x 10° per sq cm. The 
dice were oriented and cut within 1 deg of (111) or 
(100) planes. Dice were lapped and chemically 
etched before alloying. 
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Fig. 2—Typical deformed area on (100) 
section. Etched prior and subsequent 
to alloying. X830. Reduced approxi- 
mately 39 pct for reproduction. 


Fig. 3—Typical deformed area on (111) 
section on the side opposite the alloy- 
ing. X55. Reduced approximately 39 
pet for reproduction. 


Graphite jigs were used at times to restrain the 
solder from forming spheres or ‘‘balling up’’ when 
heated for alloying. Heating and cooling rates were 
varied; rates used were principally in the range of 
25° to 110°C per min. 

The alloying temperatures were varied between 
400° and 600°C. The samples were held at tem- 
perature approximately 2 min and then cooled to 
room temperature. The solder was then removed 
chemically, where possible, in order to present a 
cleaner germanium surface and to permit a more 
accurate microscopic examination. 

After removing the solder, the samples were 
etched briefly, usually 1 or 2 sec, in a solution 
consisting of 4 parts HNO, (70 pct HNO,) and 1 part 
HF (48 pct HF), rinsed in water and dried. This 
etch developes the same pits at dislocations as 
does CP-4 etch." This etching was sufficient for 
developing the etch pits associated with disloca- 
tions lying in the traces of the active (111) slip 
planes. 

A few samples, after chemically removing the 
solder and etching, were thermally cycled. During 
the initial stages of this investigation, the solder 
composition was 35 pct Sn, 63 pct Pb, and 2 pct Sh. 
When not stated otherwise, this was the solder used. 


OBSERVATIONS 


After alloying and etching, evidence of severe 
plastic deformation of the germanium was observed 
in the peripheral regions of the germanium re- 
growth on the alloyed (111) and (100) planes. In the 
most severe cases of plastic deformation, the ger- 
manium dice were buckled with the regrowth being 
on the convex side. 

A coarse band of etch pits approximately 1 to 2 
mils wide was observed adjacent to the germanium 
regrowth on the bulk germanium. The etch pits in 
this band lined up in trigonal arrays on (111) die. 
The dislocation density in the deformed region was 
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as high as 3 x 10’ per sq cm in some areas; linear 
arrays were as high as 10* per cm. The etch pits 

lined up in perpendicular arrays when viewed on a 
(100) plane. 

Plastically deformed alloyed dice were sectioned 
through the junction to view a (111) plane other than 
the alloying plane. These sections were observed 
microscopically after etching. An area of plas- 
tically deformed germanium was observed adjacent 
to the germanium regrowth material in this viewed 
section. 

When alloying was done at 600°C, plastically de- 
formed areas were observed on the opposite side 
of the dice. Even at this temperature, the alloying 
was only a fraction of the way into the dice. On the 
side opposite the alloying ring (in this case), the 
deformed area was approximately the same size 
and shape as the alloyed ring, Fig. 3. The disloca- 
tion density in this deformed area was usually more 
than two orders of magnitude greater than the orig- 
inal germanium. 

Dice thickness was varied between 0.003 in. and 
0.250 in. Cooling and heating rates were varied in 
the range of 25° to 110°C per min for both resist- 

- ance and induction furnaces. Ambient atmospheres 


of Nz, He, and vacuum were investigated as possible 


influencing factors. The resistivity was greater 
than 2 ohm-cm in both P and N-type samples. None 
of these had an observable effect on the deformation 
observed. 

Several solder alloy compositions were fused to 
germanium. The following table summarizes the 
alloy compositions investigated: 


Alloy Composition—Pct 


No. Sn Pb Sb Au Bi Other 
1 35 63 2 
2 98 2, 
3 a 99 
4 100 
5 100 
6 1 99 
7 90 10 
8 100 
9 99.9 0.1 
10 99.9 0.1 As 
11 99.9 0.1 
12 45 55 
13 100 In 


Plastic deformation was observed only on the ger- 
manium dice when alloys 1 to 4 were used, all of 
which contained tin. 

It was possible to plastically deform germanium 
dice at temperatures as low as 400°C when fused 
with alloys containing as little as 1 pct Sn. 


In order to determine whether deformation 
stresses were associated with the bulk metal or 
the regrowth layer, pure tin was fused to germa- 
nium dice and then removed. The dice were ex- 
amined microscopically after etching and plas- 
tically deformed areas were observed as etch pits 
in linear arrays on all samples. The dice were 
then thermally cycled between 500°C and room 
temperature. Microscopic examination, after re- 
etching, revealed an increase in the plastic defor- 
mation in the area adjacent to the regrowth as 
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Fig. 4—(111) sec- 
tion showing move- 
ment of disloca- 
tions. Dish-type 
pits are old ter- 
minations of dis- 
locations and 
small pits are new 
terminations. 
X300. Reduced 
approximately 

21 pet for repro- 
duction. 


observed by a large increase in the dislocation 
density. 

Dislocations, as evidenced by etch pits, were 
observed to have moved on a viewed (111) plane on 
dice that had been thermally cycled. Dice, after 
alloying and etching, were raised to 400° and 425°C 
and held at temperature for 8 min. After cooling 
and reetching briefly, dislocations had moved from 
6 to 12 uw on the samples heated to 400°C and up to 
25 uw for the samples heated to 425°C, Fig. 4. The 
only dislocations that appeared to move were the 
‘fresh’? ones recently introduced by the low-tem- 
perature deformation of the germanium. The dis- 
location etch pits in the ‘‘as grown’’ crystal did not 
seem to move at these stresses and temperatures. 
Unalloyed dice of rectangular cross section were 
stressed as simple beams at 600°C and, in this 
case, the ‘‘old’’ dislocations moved. 

The buckling observed on the samples alloyed at 
600°C occurred during the regrowth process. The 
samples were observed to buckle during the first 
50° to 100°C drop below the alloying temperature. 


DISCUSSION 


The alloying of tin to germanium at 400°C or 
higher and the thermal cycling of a tin-doped re- 
growth region of germanium causes plastic defor- 
mation of the adjacent germanium. 

The deformation is not due to the difference in 
coefficient of thermal expansion between the tin and 
the germanium because it occurs before the tin is 
solidified. The observed buckling is in the opposite 
direction than one would expect from the tin-germa- 
nium system. Since the coefficient of thermal ex- 
pansion of tin is greater than that of germanium, 
it would be expected that the coefficient of thermal 
expansion of the tin-doped regrowth would be nearly 
equal to, or greater than, that of the germanium. 
This would cause the alloyed sample to buckle with 
the regrowth on the concave side; however, in 
those samples which buckled, the regrowth was on 


- the convex side. 


Microscopic examination of metallographic cross 
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sections of alloyed dice showed no evidence of tin 
inclusions. Trumbore’’* has shown that tin is in 
solid solution in germanium and that the lattice ex- 
pansion of germanium with small amounts of tin is 
in agreement with Vegard’s Law. 

Several attempts to observe a difference in the 
coefficient of thermal expansion between the re- 
growth and the germanium were not successful, in- 
dicating that the difference, if any, was small. 

Apparently, the deformation is associated with 
the regrowth process and the mechanism involved 
is not yet understood. 

The use of tin and tin alloys in intimate contact 
with germanium should be examined critically. 
Electrical properties, such as carrier lifetime, 
reverse current characteristics, and resistivity, 
on thin samples of germanium may be influenced 
by plastically deformed regions. 


CONCLUSIONS 


Alloying of tin to germanium at greater than 400°C 
and thermal cycling of a tin-doped germanium re- 
growth region causes plastic deformation of the ad- 
jacent germanium. 

Thin germanium dice buckle when alloyed with tin 
at temperatures of 600°C or greater. The tin con- 
taining regrowth is on the convex side, opposite than 
expected from Vegard’s Law. 


Dislocations generated by plastic deformation 
seem more mobile than old locked-in dislocations. 
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Effect of Carbide Dispersion in Molybdenum Alloys 


The phase identification results on several Mo-base alloys 
ave presented. These results have been correlated with strength 
data and microstructural studies to indicate that carbide disper- 
sion may contribute significantly to raising the recrystallization 
temperature and strength of Mo alloys. Evidence is presented 
to show that the degree of carbide dispersion, and hence the ex- 
tent of strengthening, is governed by the ‘‘metal/carbon’’ ratio 
which, in turn, depends on both the carbon content and the pres- 


ence of stable-carbide-forming alloying elements. 


In recent years, Mo-base alloys containing small 
additions of C, Ti, and/or Zr have been developed, 
which exhibit much higher recrystallization tem- 
perature and strength than those of unalloyed Mo. 
The superiority of these alloys undoubtedly results 
from simultaneous operation of more than one 
strengthening mechanism. In the present paper, 
the strengthening effect of carbide dispersion will 
be discussed. 

Although the role of carbide dispersion is being 
increasingly recognized, the nature of the carbides 
has, to the author’s knowledge, not been well es- 
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tablished. In Table I are presented some of the 
phase identification results on representative Mo 
alloys. These results have been obtained by X-ray 
diffraction of residues electrolytically extracted 
from an ethyl alcohol solution containing 7 pct HCl. 


Table |. Carbide Phases in Moly Alloys 


Alloys Phases* 
0.5 pet Ti-0.02 pct C TiC’, Mo,Ct 
5 pet Ti-0.125 pct C ities 
0.5 pet Zr-0.035 pet C ZC 
0.15 pct Zr-0.15 pet C ZrC*, Mo,C? 
TZC (1.25 pet Ti-0.15 pet Zr-0.15 pet C) Mice y 


*r = rare, m = medium, and a = abundant. 
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It is seen that, depending on the alloying additions 
as well as on the resulting ‘‘metal/carbon’’ ratio, 


Mo-base alloys may contain TiC, ZrC, and/or Mo;2C, 


As will be shown later, the phase identification re- 
sults provide valuable information in understanding 
the effects of carbide dispersion. 

The 2000°F/40,000 psi and 2200° F/30,000 psi 
rupture lives of three Mo-Zr-C alloys are listed at 
the top of Table Il. These alloys range from 0.12 to 
0.5 pet in Zr and from 0.023 to 0.06 pct in C. It will 
be noted that the rupture lives increased with car- 
bon content. Of equal significance is the observa- 
tion that increasing carbon also raised the recrys- 
tallization temperature. This effect of carbon on 
recrystallization is perhaps better illustrated by the 
2000°F tensile data (Part B, Table II), of two 5Ti 
alloys containing, respectively, 0.03 and 0.27 pct C. 
The recrystallization temperatures were 2600°F 
for the 0.03 pct C alloy and over 3000°F for the 
0.27 pct C alloy. After stress relief for 1 hr at 
2200°F, which is much below the recrystallization 
temperature of either alloy, the 0.27 pct C alloy 
showed a tensile strength of 45,750 psi which is 
only insignificantly higher than the 42,500 psi of 
the low-carbon alloy. However, the margin of 
superiority of the high-carbon alloy is seen to 
have greatly increased when these alloys were 
stress-relieved at 2600°F for 1 hr, during which 
recrystallization took place in the 0.03 pct C alloy. 
These examples serve to demonstrate the increas- 
ing importance of carbide dispersion in pro- 
hibiting recrystallization and hence to maintain 
strength in Mo alloys designed for very high 
service temperatures. 

While the above data show some relationship be- 
tween carbon content and strength properties, it 
remains to link this relationship to carbides dis- 
persion. Microstructure studies, consequently, 
constitute an important approach to the under- 
standing of the issue at hand. For illustration 
purposes, the microstructures of three alloys— 

0.5 pet Ti, 0.5 pet Zr, and the TZC alloy—are 
shown in Fig. 1. The 2200°F/100 hr rupture 


(a) 0.5 pet Ti-0.25 pet C 


(6) 0.5 pet Zr-0.035 pet C 


Table Il. Strength Properties of Some Moly Alloys 


A) Mo-Zr-C Alloys 


2000°F/40 Kpsi, 2200°F/30 Kpsi, 


Alloy Reg ot Life, Hr Life, Hr 
0.12 pct Zr-0.023 pet C 2700 97 10 
0.5 pet Zr-0.035 pct C 2900 _ 50 
0.39 pet Zr-0.06 pet C 2900 305 95 


B) 2000°F Tensile Properties of Mo-Ti-C Alloys 


2200°F/1 HrS.R. 2600°F/1 Hr S.R. 


Tensile Elong. Tensile Elong. 
Alloy RZCE Psi Pet Psi Pct 
5 pct Ti-0.03 pct C 2600 42,500 22.4 31,100 58.3 
5 pet Ti-0.27 pct C 3000 45,750 21.9 44,250 32.5 


C) Rupture Strength (2200°F/100 Hr) of Some Mo Alloys 
2200°F/100 Hr 


Alloy R,, °F Strength, Psi 
0.5 pet Ti-0.02 pct C 2500 22,000 
0.5 pet Zr-0.035 pct C 2900 29,000 
TZC (1.25 pct Ti-0.15 pet Zr- > 3000 34,000 
0.15 pet C) 


strength of these alloys are included in Table II(c). 
The data again testify to the beneficial effect of 
carbon on both the recrystallization temperature 
and rupture strength of these alloys. Correspond- 
ing to the increase in carbon content, the electron 
micrographs show an increase in the number of 
carbide particles. This combined with the small 
carbon solubility in Mo, provides further evidence 
that carbide dispersion contributes to the strength- 
ening of Mo alloys. 

In the examples shown in Fig. 1, note that the 
carbide particles remained small even in the TZC 
alloy which contained 0.15 pct C. This provides an 
interesting comparison to the 0.15 pct Zr-0.15 pet C 
alloy shown in Fig. 2. These two alloys had 
the same carbon content but differed in the al- 
loying metal-atom concentration and hence in the 
‘‘metal/carbon’’ or M/C ratio. In the TZC alloy, 


(c) TZC: 1.25 pet Ti-0.15 pct Zr-0.15 C 


Fig. 1—Microstructures of Mo alloys. X5000. Reduced approximately 38 pct for reproduction. 
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Fig. 2—Micro- 
structures of Mo- 

0.15 pet Zr-0.15 

pet C alloy. Note 

, the much larger 

carbides than 

- those present in 

. the TZC alloy 

_ shown in Fig. 1. 

X500. Reduced 

approximately 38 

pet for reproduc- 

tion. 


there was enough Ti for the carbon to form the 
stable TiC. The growth of this carbide is hindered 
by the required simultaneous diffusion of Ti and C. 
In contrast, the Zr/C ratio in the 0.15 pct Zr- 

0.15 pct C alloy is one, which is much less than the 
stoichiometric ratio of about 8 required to form 
ZrC. The Zr content in this alloy, even if all avail- 
able, could only tie up about 0.02 pct C, leaving the 
bulk of the carbon with no alternative but to form 
the less stable Mo2C. In this case, the much 
greater availability of Mo enabled the growth of 

the carbide to depend only on the rapid diffusion 

of carbon. Asa result, Fig. 2 shows that the Mo2C 
particles formed in the 0.15 pct Zr alloy are much 
larger in size and hence fewer in number than the 
TiC particles found in the TZC alloy. In view of 
this unfavorable carbide dispersion, the 0.15 pct Zr 
alloy would be expected to be inferior in strength 

to the TZC alloy. The data, indeed, show that under 


the rupture-testing conditions of 2200°F and 30,000 


psi, the 0.15 pet Zr alloy survived only 16 hr, as 
compared with the 144 hr life of the TZC alloy. 

Simple thermodynamic considerations thus 
clearly point out the importance of the “‘metal/car- 
bon’’ ratio to the effectiveness of carbide disper- 
sion in Mo-base alloys. In order to attain effective 
strengthening, it is first necessary to increase the 
carbon content to above the 0.03 pct level now pres- 
ent in the 0.5 pct Ti-type alloys. In this respect, 
it will be appreciated that as the carbon content 
increases, so do the processing difficulties. The 
processing facilities now available probably cannot 
tolerate more than 0.2 pct of carbon. In the author’s 
opinion, a carbon content of about 0.10 pct appears 
to be the most desirable range for optimum combi- 
nation of strength and workability. Strangely enough, 
this range has so far been little explored. 

After a desired carbon level is chosen, the ef- 
fectiveness of carbide dispersion depends further 
on the availability of the metal atoms, as has been 
discussed. It is in controlling this availability that 
additions of alloying elements, such as Ti, Zr, Hf, 
and combinations thereof, which form more stable 
carbides than Mo,C, become necessary. For this 
purpose, the stoichiometric M/C ratio of the de- 
sired carbide serves, of course, as the main guide 
to the proper concentration of alloying metal addi- 
tions: twice or three times the stoichiometric 
amount appears to be optimum, whereas much 
larger additions tend to increase processing dif- 
ficulties (as in the case of 1 pct Zr) or weaken the 
matrix through excessive solutioning of the low- 
melting elements (as in the case of 5 pct Ti). 
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Arc Melting and Fabrication of Tungsten 


Several four -inch-diameter tungsten ingots were arc melted 
in vacuum or in hydrogen atmospheres. Melting pressures, melt- 
off rates, effect of atmospheres, and other pertinent factors were 
examined. Two of these ingots were extruded at 1650°C. Subse- 
quently, forging and rolling were carried out at lower tempera- 
tures. Fora 60 per cent area reduction by rolling, a one-hour 
recrystallization temperature of 1250°C was obtained. This 
temperature ts considerably lower than those reported in pre- 


viously published work, and can probably be attributed to the 


S. J. Noesen 


extreme purity of the as-cast ingots (N, H, O all less than 1 


ppm). 
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Ever since W. D. Coolidge, in 1909, described his 
process for producing tungsten metal of high density 
and good workability via the powder metallurgy tech- 
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nique, all tungsten metal objects produced commer- 
cially have been made in this same manner. Only 
recently an impending demand for large and alloyed 
tungsten shapes has pointed up some limitations of 
the powder technique. These limitations have 
prompted a search for alternate methods of produc- 
ing tungsten metal and alloys. Three limitations of 
the original powder metallurgy methods are as fol- 
lows: The size of a single piece is limited due to the 
reliance on diffusion limited, solid-state purifica- 
tion. (Since the advent of good hydrostatic pressing 
facilities, size from the standpoint of press capa- 
cities is no longer considered limiting.) Secondly, 
there are difficulties in alloying tungsten with ele- 
ments which are more active chemically (Ti, Zr, 
Cb, and so forth), in that deleterious impurities 
present in the initial tungsten powder are not re- 
moved by the conventional hydrogen or vacuum 
Sintering. Thirdly, the ultimate purity which is 
obtained by the powder technique on a commercial 
basis may not be adequate for some stringent ap- 
plications of tungsten, z.e., welded sheet applications. 
Progress is being made in eliminating the limita- 
tions inherent in the original powder metallurgy 
technique. However, the realization that tungsten and 
its alloys could become critical materials of con- 
struction if large shapes became available prompted 
the initiation of a second approach. A vacuum-arc 
melting and fabrication investigation was begun, 
using equipment and experience which had been 
accumulated on similar and successful explorations 
of molybdenum and tantalum. Our first tungsten 
ingot produced by the consumable electrode tech- 
nique in vacuum was made toward the end of 1957. 
Previous to that time, several small molten masses 
of tungsten were produced in a small, inert electrode 
(thoriated tungsten) furnace to satisfy curiosity. 


OBJECTIVES OF THE PRESENT INVESTIGATION 


It is not an objective of the present work to de- 
lineate between competing processes, but rather to - 
uncover the advantages and limitations of the vacu- 
um-arc melting process in the production of large 
fabricable bodies of tungsten and its alloys. Further- 
more, this report is intended to be a progress report 
of work under way. 

The specific objectives of the present work are as 
follows: 

1) To determine the maximum purity which can be 
obtained in tungsten by the vacuum arc melting proc- 
ess. 

2) To determine the effects of small amounts of 
noncontaminating gas addition to the melting atmos- 
phere on the electrode melt-off rate and in turn how 
this affects ingot purity. Electrode melt-off rate is 
important if vacuum-arc melting is to compete with 
electron beam melting. 

3) To determine the vaporization losses of desired 
alloying elements during meltings. 

4) To determine the optimum combination of purity 
and fabricating techniques to plastically deform large 
as-cast shapes. 


EQUIPMENT 
All vacuum-arc melting of tungsten was performed 
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using direct current with the electrode negative. The 
germanium rectifiers which were used to supply the 
power are so regulated as to maintain a constant 
current at a predetermined level. The desired melt- 
ing voltage was obtained by controlling the arc gap. 
The arc gap is maintained by means of an electrode 
drive motor which gets its signal through a thymotrol 
power supply from the relative voltage between a 
preset reference and the actual arc-melting voltage. 
This electrode drive mechanism cannot automatically 
retract the electrode. The lack of electrode ‘‘hunt- 
ing’’ in these and other experiments is attributed to 
the unidirectional action of this electrode feeding 
device. Seven thousand amperes at 40 v were avail- 
able for melting. 

A 16-in. oil-diffusion pump which was backed up by 
an oil ejector pump, and an oil-sealed mechanical 
pump comprised the vacuum system. Melting pres- 
sures were continuously read and recorded at two 
places in the system. The first was the pressure in 
the 16-in. furnace manifold. This pressure along 
with a pumping-capacity curve of the vacuum system 
was used to ascertain the quantity of gaseous im- 
purities being removed at any time during melting. 
An example of this follows. During the melting of an 
actual ingot, the manifold pressure was 1.8u. By re- 
ferring this pressure to a calibrated pumping capa- 
city curve, it was found that approximately 1000 
micron liters per sec of impurity gases (average 
molecular weight 29) were being removed. Upon 
analyzing the resulting ingot, which was melted at a 
rate of 2.23 lb per min, it was found that the oxygen 
had been reduced from 48 to 5 ppm, the nitrogen 
from 7 to 1 ppm. On the basis of gas removed per 
pound of metal, along with the melting rate, a gas 
evolution of 975 micron liters per sec was calcu- 
lated. Because of the proximity of this figure to 
the previously mentioned 1000 micron liters per 
sec, one can quickly and easily estimate the compo- 
sition of the ingot while it is being produced. 

The second pressure was measured adjacent to 
the top of the crucible. This pressure was used as 
a first approximation of the pressure which existed 
in the purification zone of the crucible. It is this 
pressure which is referred to as the melting pres- 
sure in this discussion. 

The crucible cooling was accomplished by using a 
spiral-grooved water jacket. Initially cooling water 
at 11°C, flowing at 15 gal per min, was used. How- 
ever, aS power inputs were raised to the region of 
170 kw, this cooling was found to be inadequate. A 
crucible failure was experienced with no catastrophic 
consequences. The water flow rate was increased to 
25 gal per min, and no difficulties have been en- 
countered using 200 kw of melting power. 

A moderate amount of molten pool stirring was 
found to be advantageous. The optimum field strength, 
from a standard direct-current stirring coil, was 
found to be 20 oersteds. This field strength was 
measured at the center of the empty coil. 


RAW MATERIALS AND MELTING 


All of the tungsten melted was in the form of pre- 
fabricated electrodes which were hydrogen fired. 
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Fig. 1—Tungsten melt-off rate vs arc current. 


Electrodes with circular cross sections were pro- 
duced by hydrostatic pressing. Electrodes with 
rectangular cross sections were made by the more 
conventional double-acting presses common to the 
powder metallurgy processing of refractory metals. 
Each electrode was given the same hydrogen sinter- 
ing treatment which resulted in comparable den- 
sities. Therefore, the effect of electrode density on 
the melting rate of tungsten has not as yet been 
studied. It is known, from work on tantalum and 

- molybdenum, that the melting rate at a given melt- 
ing current is extremely sensitive to electrode re- 
sistivity, which among other things, is dependent on 
electrode density. The electrodes had the following 
nominal composition: 


O, < 100 ppm 
Nz < 10 ppm 
< 5 ppm 
C < 60 ppm 


There is a minimum quantity of arc-melting power 
which is necessary to fill a given-size cold crucible 
in producing a physically sound ingot. This power 
level determines the amount of heat which the anode 
spot, i.e., the ingot’s molten surface, receives. Arc 
power in excess of this minimum level adds raw 
materials and thus impurities to the melting crucible 
at an inordinate rate which is detrimental to final 
ingot purity. In the case of tungsten being deposited 
into a 4-in.-diam crucible, this threshold power level 
was found to be 140 kw. The heat which is generated 
at the cathode, 7z.e., the electrode being melted, is 
also dependent on the arc power. However, the heat 
generated at the electrode tip, and more important, 
the melt-off rate of the electrode, is affected by 
other variables as well. In the present investigation 
it was found that the melting rate, at a given power 
level, was appreciably reduced by increasing the 
cross-sectional area of the electrode. The increased 
mass of the larger electrode is probably responsible 
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INGOT # S-7 
MELTING POWER 140 K.W. 
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FURNAGE PRESSURE 
Fig. 2—Electrode melt-off rate vs hydrogen pressure. 


for lower electrode temperature, thereby reducing 
its resistivity and consequently its melt-off rate. 
The same phenomenon has been observed in the case 
of tantalum and molybdenum. This electrode size 
effect is illustrated in Fig. 1. Under similar condi- 
tions of power and pumping, ingot S-7 whose elec- 
trode area was 1.125 in® melted at 1.51 lb per min as 
compared to 0.33 lb per min for S-39 whose elec- 
trode area was 3.03 in’. 

It was further found that the addition of diatomic 
hydrogen to the melting atmosphere also lowered the 
electrode melt-off rate at a given arc-melting power. 
Hydrogen was added to the furnace atmosphere 
through calibrated leaks and was constantly being re- 
moved along with the impurity gases by the pumping 
system. The curve of melt-off rate vs current for 
ingot S-7, in Fig. 1, shows the effect of hydrogen. 
With a pressure of 218 of hydrogen in the furnace, 
the melting rate at 4000 amp was 1.04 lb per min. 
However, when the hydrogen supply was discontinued 
and the furnace pressure was reduced to 2, because 
of impurity gases alone, the melt-off increased to 
1.51 lb per min. Ingot S-35 was melted using an 
electrode comparable to that of S-7. The melting was 
done in 200u of hydrogen, and its combination of am- 
perage and melt-off rate forms a realistic extention 
of the S-7 hydrogen curve. The effect of hydrogen is 
also shown in Fig. 2, where melt-off rate is plotted 
against hydrogen pressure. From this curve it is 
clearly evident that hydrogen added to the furnace 
atmosphere decreases the electrode melt-off rate. 

The lower melt-off rates, because of the presence 
of hydrogen, are attributed to the cooling effect that 
the dissociation of hydrogen has on the extremely hot 
cathode spots of the electrode tip. The dissociation 
of hydrogen is highly endothermic, requiring 102,700 
cal per mole.” Empirical observations lead to the 
conclusion that at least a portion of the monatomic 
hydrogen thus produced recombines at the cooler 
anode spot (ingot molten surface), giving up some 
heat of association. This shift in the relative heat 
distribution from cathode to anode is extremely 
desirable if a low melting rate is preferred. A third 
advantage in having hydrogen present, especially 
the very active monatomic form, is its strong reduc- 
ing potential. The reduction of oxygen is especially 
important in the case of tungsten. 
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Fig. 3—Tungsten electrode and two as-cast ingots. 


The melting pressures which were maintained 
throughout these experiments, except when hydrogen 
was intentionally added, ranged between 2 and 4 uy. 
The higher pressures resulted from a combination 
of increased melt-off rates and higher impurity 
contents in the raw material. 

The precise temperatures which exist at the sur- 
face of the molten anodes are not known. -However, 
it is known that this temperature, among other 
things, is dependent on the vapor pressure of the 
element under consideration. Since tungsten has a 
very low vapor pressure, its anode spot temperature 
is extremely high. Anode spot temperatures for 
high-current, short-duration arc have been calcu- 
lated for a number of elements. The temperature 
given for tungsten is 6700°K. Although this tempera- 
ture might not be a precise value for the conditions 
which exist during consumable electrode arc melting, 
it is accurate enough to predict the magnitude of the 
purification which is possible by the vaporization of 
impurities from tungsten. 


INGOT PRODUCT 


The tungsten ingots were all 4 in. in diam and had 
reasonably good surfaces. Ingots which were not 
hot-topped* contained shrinkage cavities near their 


*A procedure by which the melting power is slowly decreased to 
insure that the final solidification front advances from the bottom of the 
molten pool to the top surface of the ingot. 

tops and centrally located. Fig. 3 shows two arc- 
cast tungsten ingots along with a portion of the con- 
sumable electrode. The ingot on the left was not 
hot-topped and shows a shrinkage cavity in the cen- 
ter of its top surface. Shrinkage cavities are not 
always apparent on the surface of an ingot. However, 
with reasonable care, they are easily eliminated. 

Very pure tungsten ingots have been produced. The 

purest ingots were made when the electrode melt-off 
xate was kept to a minimum. The lower rates in- 
crease the time for purification and allow the pump- 
ing system to maintain a lower furnace pressure. 
The gaseous impurity levels of the best ingots pro- 
duced were below the sensitive range of the plati- 
num-bath, vacuum-fusion method of analysis. There- 
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Fig. 4—Electron fractograph of tungsten vacuum arc cast 
reduced 83 per cent in area by extrusion. 


fore, these analyses are reported as follows: 


OF < = 
Nz < 1 ppm 
H, < 1 ppm 


Similarly, the exact level of carbon is difficult to 
assign, for carbon analyses by the conductometric 
method are reported as: 


C=10+410 ppm 


The grain boundaries of this material look excep- 
tionally clean. Fig. 4 is an electron fractograph of a 
piece of tungsten which had received a reduction in 
an area of 83 pct by extrusion. The picture was taken 
at X2000 and shows both intergranular and cleavage 
fracture. In an attempt to detect any grain boundary 
constituent which might be present, an electron 
fractograph at X15,000 was taken. Fig. 5 is a picture 
of the same specimen showing the intersection of 
three grains whose surfaces were exposed by inter- 
granular fracture. It is apparent from the fracto- 
graph that the boundaries are devoid of any gross 
second phase. 

The hardness level of the purer ingots examined in 
this investigation in the as-cast condition, was 330 
Dpn. Atkinson‘ reports a hardness of 360 Dpn for as- 
cast, arc cast tungsten buttons and a hardness of Dpn 
340 after the buttons had been given a vacuum heat 
treatment at 2500°C for 1/2 hr. The hardness of a 
recrystallized bar prepared by the powder metal- 
lurgy technique of pressing, sintering, and swaging 
has been reported by Weiss” as 392 Dpn. 

The characteristically high temperature, in the 
case of tungsten, and the low pressure of the vacu- 
um-are process which facilitates the removal of im- 
purity elements and compounds by vaporization, are 
the sources of difficulty in preparing dilute alloys. 
Preliminary data show that alloying elements in 
large excess must be added to the raw materials to 
produce alloys of tungsten of a desired composition. 
For example, vaporization losses of 65 pct have 
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Fig. 5—Electron fractograph of an intercrystalline frac- 
ture surface, vacuum arc cast, and extruded tungsten. 


been sustained in the case of the alloying element 
zirconium, when added in low concentrations. 

An additional difficulty inherent to the vacuum- 
arc melting process, or for that matter in any fusion 
process which utilizes a cold metallic crucible, is 
the coarse columnar grains in the cast product. In 
elements such as tungsten and molybdenum, where 
the solid solubility of an embrittling element such as 
oxygen is very low, the residual oxides which occur 
on the grain boundaries are much more concentrated 
than in an equivalently pure fine-grained specimen. 
This concentrating effect is due to the low-total grain 
boundary area of a coarse-grained material. 


FABRICATION 


Ingots S-34 and S-35 were extruded on a 1250-ton 
water-actuated horizontal press. Preparatory to 
extrusion, the billets were machined to 3 1/2-in. 
diameter. The resulting slugs were about 2 1/2 in. 
long. The short length was unfortunate in that it did 
not permit determination of a true steady-state ex- 
trusion force value. The furnace temperature for 
this operation was 1650°C, the heating being accom- 
plished in a resistance-type furnace equipped with 
molybdenum windings. The atmosphere used was 
hydrogen. 

Ingot S-34 was extruded first, using an extrusion 
ratio [(initial diameter) sq/(final diameter) sq] of 
3.18/1.00, corresponding to a reduction of area of 
68 pct. The force required for this extrusion was 
420 tons, representing an axial compressive load of 
84,250 psi on the billet. The bar produced was visu- 
ally sound, except for slight nose cracking and con- 
siderable ‘‘fish-scaling’’ near the tail, Fig. 6, the 
latter apparently being a consequence of extruding a 
very predominantly columnar-grained ingot at a 
relatively small reduction of area. Extrusion, how- 
ever, evidently failed to close one or more shrink 
cavities which were present in the ingot, and which 
were to cause trouble in subsequent forging. 

Since the force required to extrude ingot S-34 was 
nowhere near the capacity of the press, it was de- 
cided to increase the percentage of reduction on the 
following ingot. The next logical step down in avail- 
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Fig. 6—Tungsten extrusion. Temperature 1650°C; extru- 


sion ratio 3.18 to 1. 


able die sizes corresponded to an extrusion ratio of 
5.5/1.0, or an area reduction of 83 pct. The tem- 
perature chosen was the same as for the previous 
ingot, 1650°C, so that there would be a basis for 
comparison of the two extrusions. This time, the 
force required was 540 tons, equivalent to an axial 
load of 108,000 psi on the billet, Again a sound- 
looking bar was produced, except for a small hole 
on the nose and the fish-scaling near the tail. 

Two pieces of ingot S-34 were cut from the ex- 
truded bar for forging. These were machined until 
free of surface irregularities, and the resultant 
diameter was 1 11/16 inches. The pieces were 
placed in a resistance-heated ‘‘Glo-Bar’’ element 
furnace. The forging temperature was 1480°C, so 
an argon atmosphere was used to protect the ‘‘Glo- 
Bars.’’ Forging was done on an air-operated, 
2500-lb hammer. 

The first piece was forged to a sheet bar 3/4 in. 
thick with no difficulty. At this point, however, a 
jagged hole appeared in one end of the sheet bar, 
evidently the result of a shrink cavity which had 
been in the original casting and had not completely 
closed during extrusion. It would seem that the 
location of the hole, halfway between the center and 
edge of the bar, rules out an extrusion pipe as a 
possible cause. The ‘‘pipe’’ defect, which is a very 
small axial hole formed as a consequence of the 
pattern of metal flow during extrusion, would have 
resulted in a hole at or very close to the center of 
the sheet bar. 

An attempt was made to forge the second piece to a 
3/4-in. sq bar. The initial flattening was accom- 
plished with no apparent trouble. However, on the 
second heat, when the piece was hammered perpen- 
dicular to the direction of previous forging, inter- 
secting diagonal cracks were opened on one end of 
the bar. The possibility exists that this type of 
cracking occurred solely as a result of the stress 
pattern characteristic of this sequence of forging 
blows. If this were the case, however, one would 
expect to see at least the inception of a similar crack 
formation on the opposite end of the bar. In this in- 
stance, no such indications were observed. In ad- 
dition, the good ductility exhibited by this material 
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makes it improbable that the forging stresses alone 
caused this cracking. Since the cracks intersect at 
the center of the bar end, it is conceivable in this 
case that they might have been initiated by a shrink 
cavity or an extrusion pipe. 

Two Slices were cut, transverse to the direction 
of extrusion, from the product of ingot S-35. These 
were rolled in an effort to obtain some recrystalli- 
zation data. The heating was accomplished in a 


molybdenum-wound resistance furnace, with a hydro- 
gen atmosphere. A 2-high, 10- by 12 in. rolling mill 


was used. 


The first slice was rolled at 1300°C and displayed 


good ductility. The edges of the piece were not 
ground prior to rolling, and some edge cracking oc- 
curred immediately, but these cracks did not propa- 
gate after the first several passes, and rolling was 
continued to 65 pct reduction of area. Data obtained 


from this material indicated that the rolling had been 


done either at or above the recrystallization tem- 
perature, since no significant decrease in hardness 
was found for annealing temperatures from 1000° to 
1600°C. 


The edges of the second slice were ground prior to 
rolling and the piece was heated to 900°C. Extensive 
edge cracking occurred again on the first few passes, 


indicating that the rolling temperature was too low. 


The temperature was raised to 1000°C, and the roll- 
ing again was carried out to 65 pct reduction with no 


further crack propagation. Samples of this material 
were annealed for 1-hr at temperatures from 1000° 
to 1600°C. Hardness checks and micrographs of 
these samples indicate the 1-hr recrystallization 
temperature for this material to be between 1250° 
and 1300°C, Fig. 7. 


CONCLUSIONS 


1) The coarse columnar grains resulting from 
arc melting represent a disadvantage in that much 


smaller amounts of interstitial impurities can cause 


grain boundary embrittlement in the cast structure, 
because of the reduced grain-boundary area. How- 

ever, this is at least partially offset by the fact that 
very low impurity levels can be obtainable by vacu- 


um-arc melting. This might be a significant advant- 


age where weldability must be considered. 


2) Present methods of chemical analysis limit the 


evaluation of the cast product. Either the limits of 
these methods must be extended by an order of 
magnitude, or the methods themselves must be sup- 
planted by other techniques of greater resolution. 

3) Tungsten, of the purity which is achievable by 
the arc melting process, can be heavily deformed 
successfully by extrusion and subsequent forging 
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Fig. 7—Arc-melted tungsten. Rockwell “C” hardness vs 
annealing temperature for 65 pct reduction of area. 


or rolling. Results of the processing to date are 
encouraging enough to indicate that, despite the dis- 
advantage of a columnar structure, it may be pos- 
sible to forge directly from the as-cast condition. 

4) From comparisons with arc-melted pure 
molybdenum at similar processing temperatures 
and extrusion ratios, the natural expectation that 
tungsten is in general stronger and more difficult 
to deform than molybdenum is borne out. 
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Deformation Mechanisms and Work 


Hardening in Rhenium 


The deformation modes of rhenium have been identified as 
those typical of the hexagonal metals, titanium, zirconium, and 
beryllium whose c/a ratios, in common with rhenium, are less 
than ideal for close packing. Slip is observed on (1010), (1011), 
and (0001) planes and twinning on (1121), (1122), and (1012) planes. 
The very high vate of work hardening is believed to be associated 
with intersecting partial dislocations on two (1010) systems which 
can combine to form sessile barriers. If the stacking fault en- 
ergy is low, as postulated by Seeger, these barriers should be 
strong and not easily bypassed by cross slipping. Such an ex- 


planation could also account for the very small temperature 
dependence of the yield stress which was observed, 


Ruenium is interesting scientifically as a mem- 
ber of the group of high melting point hexagonal 
metals; titanium, beryllium, and zirconium with a 
c/a ratio less than that for ideal close packing. 
Unlike them, however, it work hardens at a very 
high rate. This rate is greater and continues to 

a much higher degree of deformation than for nickel, 
normally considered to have a high rate of work 
hardening. 

This paper presents experimental observations on 
the modes of deformation of rhenium and, by com- 
parison with other hexagonal metals, some specu- 
lation on the cause of the high work hardening. 


MATERIALS 


Johnson, Matthey rhenium powder of both 99.9 pct 
and 99.5 pct purity, see Table I, was compacted at 
10 tons per sq in., part sintered at 1350°C in vacuo, 
and finally arc melted in a ‘“‘gettered’’ argon at- 
mosphere arc furnace to produce small buttons. 

Little difference was observed in the as-cast 
hardness or working down behavior of the two pur- 
ities suggesting that either silicon and potassium 
do not have a significant effect on the working prop- 
erties of rhenium or they were lost during arc 
melting. 


Table |. Spectrographic Analysis 


Rhenium 99.9% 99.5% 
Silicon 0.02 0.3 
Potassium 0.01 0.1 
Tron 0.002 0.01 
Sodium 0.001 0.005 
Aluminum 

Copper 

Silver 0.001 0.001 
Calcium 

Magnesium 
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SPECIMEN PREPARATION 


The cast structure was broken up by cold-rolling 
with inter-stage annealing at 1600° or 1800°C ina 
vacuum high-frequency furnace using a tungsten 
susceptor. 

Strip for tensile testing was taken from two thick- 
nesses of material 0.011 and 0.064 in. The former 
with intermediate anneals at 1800°C had a grain 
size of 900 grains per sq mm, while the latter with 
inter-stage annealing at 1600°C had a grain size of 
3600 grains per sq mm. 

A coarse grain size was obtained by secondary 
recrystallization in a half button cold-worked by 
30 pct reduction. Annealing times of from half an 
hour to several hours at 2200° to 2600°C ina 
‘‘eettered’’ argon atmosphere arc furnace’ re- 
sulted in grains of up to 2 mm diam. 
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Fig. 1—Orientation of grains in the rhenium specimen. 
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The orientation, relative to a fiducial mark, of 
individual grains in the half button specimen were 
determined by the back reflection X-ray Laue 
technique using a precision camera with an 0.2 mm 
diam collimator. The ten grains monitored showed 
a range of orientation relative to the compression 
axis of the specimen, see Fig. 1. 


METALLOGRAPHY 


To prepare a reasonable metallographic polish 
on rhenium is quite difficult because its severe 
work hardening characteristics make it difficult 
to remove scratches from previous papers. In ad- 
dition heavy polish twinning is produced. It was 
found advisable to electro-etch between successive 
emery papers down to 500 grade followed either by 
an etch/polish routine using diamond dust in white 
spirit, or alternatively electropolishing. The con- 
ditions for electroetching and electropolishing are 
given in Appendix I. 

' The electropolish is crystallographic in its at- 
tack and shows grains in relief. 


MECHANICAL TESTING 


The half button was deformed in compression 
perpendicular to the plane of rolling and parallel 
to the plane of examination. At various stages the 
monitored grains were examined by X-ray, metal- 
lographic, interferometric, and microhardness 
techniques. While this gives the modes of defor- 
mation it does not give any idea of the operative 
stresses. 

Polycrystalline strip specimens were tested in 
a rigid (Polyani) type machine at a strain rate of 
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10-? in. per in. per min. To overcome the difficulty 
of shaping the rhenium, brass end pieces were 
brazed onto the rhenium strip and squeeze grips 
used. The brazing was found possible using stand- 
ard materials if a hydrogen reducing flame was 
used for local heating. 


TENSILE TEST RESULTS 


From Fig. 2 one can see that the thicker fine 
grain strips showed the lower yield point and rate 
of work hardening which is the reverse of the be- 
havior reported by Battelle workers.* This sug- 
gests that either our method of producing the very 
thin material develops an adverse preferred tex- 
ture or alternatively there has been excessive im- 
purity pickup. 

In both cases annealing at 2000°C as well as re- 
moving work hardening lowers the flow stress below 
its original value. This is presumably due to the 
grain coarsening which occurs on recrystallization 
at those temperatures. The increase in flow stress 
between tests A3 and A4 suggests, however, that in 
very coarse grained specimens the flow stress is 
sensitive either to orientation or to impurity pickup. 
It is hoped to elucidate this point in tests on single 
crystals. 

Twinning clicks were audible during testing but 
produced barely perceptible discontinuities in the 
stress strain curve. 

Discrete X-ray Laue reflections degenerated into 
diffuse rings after as little as 1 pct elongation. 

The surface of the tensile specimen shows heavy 
twinning, intergranular cracking, Fig. 3, cross slip 
and pencil glide, Fig. 4. 
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Fig. 3—Intergranular cracking in ten- Fig. 4—Pencil glide and cross slip in Fig. 5—(1010) slip. X330. Reduced ap- 
sion. X42. Reduced approximately 28 tension. X590. Reduced approximately approximately 28 pct for reproduction. 


pet for reproduction. 28 pct for reproduction 


DEFORMATION MODES 


The slip and twinning systems were determined 
from compression tests on the large grained speci- 
mens, using single surface analysis to identify the 
traces, see Appendix II. 

There is extensive basal and prismatic slip and 
five of the grains examined show pyramidal slip. 

Although there is no direct evidence of slip di- 
rection it would be surprising if it were not the 
close-packed direction <1120> contained in each 
of the three observed slip planes. Fig. 5 shows 
(1010) slip occurring in bunches in grains E, while 
Fig. 6 shows duplex slip in grain H. At higher 
magnifications the (1011) slip is seen to be heavily 
banded while the basal slip is more uniformly 
distributed. 

There is some evidence for slip in nonclose- 
packed directions as occasionally slip traces can 
only be accounted for by intersection of (1120) 
planes with the surface. The indices are open to 


(1121) 
= 


Fig. 6—(1011) and (0001) slip. X330. Reduced approximately Fig. 7—Extensive deformation twinning. X390. Reduced ap- 
18 pet for reproduction. proximately 28 pct for reproduction. 
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suspicion, however, because of the use of one sur- 
face analysis. Similar traces have recently been 
seen on titanium. 

There is some evidence from interferometry and 
electron microscopy, that fine slip occurs at spac- 
ings of 500A although most of the slip occurs in 
bands from 1 to 2 yu apart containing slip displace- 
ments of 500 to 1500A. 

In all grains there is evidence of (1121) twinning. 
In some cases four different planes are operating. 
Fewer cases of (1012) and even fewer of (1122) 
twins are observed. 

Fig. 7 shows a region containing basal and pris- 
matic slip and twinning on (1122) and on three (1121) 
systems. The twin lamella are very narrow and do 
not spread readily, large bands usually consisting 
of a group of narrow ones. Accommodation bands 
are associated with the wider twins, especially of 
the (1121) type; the extent of the band increases 
rapidly with growth of the twin. 

Kink bands have been observed in conjunction with 
basal slip and rarely with prismatic slip. 


~ GRAIN BOUNDARY DEFORMATION AND 
CRACKING 


Grain boundary accommodation occurs at room 
temperature by slip on planes nearly parallel to the 
boundary as can be seen at places where the ori- 
entation of the boundary changes. Interferometry 
shows large slip steps continuing into the body of 
the grain for a short distance, see Fig. 8. 

Failure was always observed to be by inter- 
granular parting or tearing not necessarily in the 
regions of the highest work hardening but rather 
where there was differential hardening with no 
deformation mode parallel to the boundary in either 
grain. 


ANNEALING 


Annealing at 1650°C only produces recrystalli- 
zation at twin intersections. Some boundary ad- 
justment takes place due to the growth or absorp- 


Fig. 9A—Twin in- 
tersection recrys- 
tallization. X490. 
Reduced approxi- 
mately 28 pct for 
reproduction. 
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Fig. 8—Boundary accommodation. X590. Reduced approxi- 
mately 18 pct for reproduction. 


tion of twins, Fig. 9. This is suggestive of a very 
high twin boundary energy and has also been 
observed recently in uranium® and beryllium.* 

At this stage X-ray Laue pictures still show con- 
siderable distortion and a fine substructure in the 
grains. The hardness is not fully recovered. 

After treatment at 1800°C considerable macro- 
scopic grain growth occurs. Most of the twins are 
either absorbed or grow out into the matrix as re- 
crystallized grains. At this stage X-ray Laue pic- 
tures show that there is little remaining lattice dis- 
tortion and that the substructures have increased in 


size. 


Treatment at 2500°C renders the subgrain size at 
least equal to the macrograin size. All twin lamellae 
have lost their identity and there is considerable 
secondary recrystallization with a reduction of 
hardness to the ‘‘as-cast’’ value. 


DISCUSSION 


The occurrence of three slip planes containing the 
close-packed direction as in titanium® and beryllium® 
together with increasing evidence of sen slip in 
other hexagonal structures, magnesium,” zirco- 


Fig. 9B—Bound- 
ary adjustment on 
annealing. X590. 
Reduced approxi- 
mately 28 pct for 
reproduction. 
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nium,*® suggest that metals with hexagonal close- 
packed structure can slip on any plane containing 
the close-packed direction. The choice of plane is 
very sensitive to purity® and temperature” but the 
prevalence of nonbasal slip is greater when the c/a 
ratio is less than ideal: that is when the basal plane 
ceases to have the highest packing density. Calcu- 
lations by Foreman’® of undissociated dislocation 
energies do in fact show that while in zinc the low- 
est energy is for the basal plane, in beryllium and 
magnesium the energies on the three planes are 
approximately equal. 

Dissociation of the dislocations into partials on 
(0001) and (1010) favors these planes over (1011) 
on which they cannot dissociate. Interstitial im- 
purities are, however, more effective in raising 
the flow stress on the first two systems” due in 
part to preventing dissociation and in part to a lat- 
tice friction or pegging effect. The latter is less 
effective on the (1011) system as half the inter- 
stitial sites are coplanar with the (1011) repeat 
layers. The occurrence of the three slip systems 
in rhenium may thus be due to a high interstitial 
impurity content. 

In hexagonal metals with a c/a ratio greater than 
ideal (1012) is the preferred twin as in magnesium. 
If the c/a ratio is less than 1.633, other systems 
are observed more frequently. 

In rhenium (1121) seems to be the favored twin- 
ning system. This is interesting because in a re- 
cent theory of twinning,"? Bullough has shown that 
such a twin can be produced from (0001) [1120] slip 
dislocations. He contends that twin boundaries are 
formed when, for some reason, extensive slip is 
inhibited for the twinning dislocations, as in the 
case of rhenium. The {112X} system may also be 
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favored because of the suitable accommodation 
band allowed by (1010) slip, see Fig. 10. 

A (1010) plane lies perpendicular to the (1 121) 
twin plane, generating a bend plane and dislocation 
wall in the (1120) plane. This is so for all planes 
of the {112X} type; the angle between the accom- 
modation band and the twin increasing the higher 
the value of X. On the other hand, to produce a 
similar band for (1012) twinning would require a 
nonclose-packed slip direction, namely [101X], 
involving a slip plane of the form (112X) with a 
bend plane of (1010). This could be the source of 
the doubtful (1120) slip traces. 

The marked accommodation bands no doubt ac- 
count for the difficulty of parallel twins coalescing 
on growth as they do in titanium.’” To spread into 
the accommodation band of a neighbor would in- 
volve absorption or dispersal of the dislocation 
wall at the bend plane. 

Despite the multiplicity of slip modes there are 
still only three independent modes of deformation 
as there are only three slip directions. Taylor’s’® 
condition of five slip modes to produce independent 
changes of grain shape are not therefore satisfied. 
The increased number of systems over zinc and 
cadmium gives a greater chance of finding a slip 
plane parallel to a boundary allowing some accom- 
modation as was seen experimentally. Failing this, 
stress concentrations build up until plastic tearing 
is produced. 

Despite the high rate of work hardening the cleav- 
age stress of rhenium does not appear to be reached. 
Recent work on the ductile/brittle transition in body- 
centered-cubic materials suggests that in the ab- 
sence of dislocation locking one does not observe a 
brittle cleavage failure as the pile-up stress concen- 
trations are always relieved by slip.** The absence 
of any marked temperature dependence of the flow 
stress together with lack of evidence of any yield 
phenomena in tensile tests (although negative results 
are not conclusive) supports this hypothesis. 

The question remains why does rhenium work 
harden so markedly when other hexagonal metals, 
titanium, zirconium, and beryllium, which possess 
the same modes of deformation, do not work harden 
at a very great rate. One can argue that for rhenium 
room temperature is a relatively small fraction of 
the melting point. Nevertheless, hot hardness data 
on polycrystalline specimens’® suggest that the flow 
stress of rhenium is not very temperature sensitive 
in the temperature range 300° to 1200°K. Prelim- 
inary experiments suggest this is also true for both 
the flow stress and work-hardening rate between 
300° and 90°K. 

Such evidence is contrary to any idea that the dis- 
locations are narrow due to a high Peierls-Nabarro 
force and in fact supports Seeger’s contention?® that 
the stacking fault energy in rhenium is very low. 

It is believed that the high rate of work hardening 
is associated with intersecting prismatic slip sys- 
tems. Smith’’ has recently shown that Cottrell- 
Lomer barrier reactions occur between dissociated 
dislocations on two such systems, and that these 
barriers are the principal cause for work hardening 
in titanium and beryllium. The low stacking fault 
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energy postulated for rhenium should lead to greater 
separation of the partial dislocations and thus after 
Stroh*® to stronger barriers. By-passing or break- 
down of such barriers would then be more difficult 
leading to high rates of work hardening. 

Such a mechanism would explain why the greatest 
microhardness after small deformation is associ- 
ated with the accommodation bands to the (1121) 
twins which, as suggested earlier, consist of (1010) 
edge dislocations collected into low-angle bound- 
aries. Barrier locking of such boundaries would 
also account for the immobility of twin boundaries 
in contrast to their behavior in titanium and 
beryllium. 


CONCLUSIONS 


1) Rhenium deforms 

a) by slip on the (0001) and {1010} planes and 
occasionally on a {1011} plane. 

b) by twinning on the {1121} {1122} and {1012} 
planes. {1121} appears to be the predom- 
inant twin plane. 

2) Kink bands have been observed in conjunction 
with {1010} slip, and accommodation kink bands in 
conjunction with some of the {1121} twins. 

3) The crossing points of certain twin systems 
act as constrictions and prevent the twins from 
growing. 

4) The cracking observed is intercrystalline and 
not cleavage. To accommodate distortion in their 
neighbors, grains are displaced relative to one an- 
other if there is a slip system parallel to the bound- 
ary. If relative displacement is not possible, crack- 
ing starts. There is not necessarily a hardness 
differential across the boundary. 

5) X-ray examination and metallography suggests 
that the main body of rhenium is unaffected by an- 
nealing at 1660°C. Recrystallization at this tem- 
perature only occurs at certain twin junctions. Some 
boundaries become serrated in efforts to absorb 
twins. At 1800°C further recrystallization occurs 
from twin operated nuclei. Thirty-minutes treat- 
ment at 2500°C produces enhanced grain growth 
after complete recrystallization and twin absorption. 

6) The available experimental evidence suggests 
that the high rate of work hardening is associated 
with barriers formed by intersecting prismatic slip 
dislocations rather than impurities. 
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Electro-etch 


Appendix | 


A fresh solution 5 pct acetic acid) 
0 pct nitric acid ) in water 
Cathode platinum wire. Approximate voltage 1%. 


Electropolish 


350 ccs absolute alcohol 
175 ccs perchloric acid (density 1.54) 
50 ccs butoxy ethanol 
Cathode platinum wire. Voltage approximately 50. 
Current density 6 amps/?cm. 


The grain delineation in the electroetch can be heightened by treatment 
in boiling alkali ferricyanide. 


Appendix !1. The Appearance of Deformation Traces 


During Compression of Rhenium 


Letters refer to grains in which traces appear. Numbers in brackets 
refer to the number of families of traces identified in the grain. 


Slip Twinning Cleavage 
(0001) {1010} {1011}|{1012} {1121} {1122}}(0001) {1120} 
Before Test None CE all AD None’ A(?) 
0.8 pctcom-|BCDF ABEF C(?)D all BC 
pression 
1.6 pet com- CD DE 
pression 
2.7 pct com E(2) A(3) 
pression A(2) B(4) 
C(3) 
D(1) 
E(3) 
F(2) 
5.5 pct com-|A D(2) A(4) E 
pression C(4) 
9.4 pct F B 
A(3) 
Kink Kink 
Bands Bands 
CF E 
13.3 pet E 
After arc |GHIJ 1(2) GH G None J(?) 
annealing J H(4) 
and fur- 1(3) 
ther 7 pct 
compres- 
sion. 
allex- 
Summary all cept all None AJ(?) 
GH 
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Magnetic Anisotropy and Magnetostriction of 
Ordered and Disordered Cobalt-Iron Alloys 


The magnetic anisotropy and magnetostriction of single 
crystals of alloys between 25 and 59 wt pct Co in Fe have been 
determined in the disordered and ordered states. The mag- 
netostriction is large and positive for all alloys in both states 
of order (up to 150 X for and 40 X for 

The magnetic anisotropy becomes zero near 41 pct Co for the 


disordered state. Ordering shifts the zero-anisotropy com- 


position to about 50 pct Co. 


CoBALtT-iron alloys have for many years been of 
interest as magnetic materials because they have 
unusually high magnetic saturation values.’ This 
interest was increased recently by the development 
of Supermendur.* Supermendur is an alloy of 49 pct 
Co-49 pct Fe-2 pct V* which was found by suitable 


*All compositions are given in weight percent. 


purification and heat treatments, including a mag- 
netic anneal, to possess excellent magnetic proper- 
ties. These included a square hysteresis loop with a 
low coercive force and a high magnetization, and a 
low total loss. Two factors which are important in 
determining the magnetic hysteresis properties are 
the basic magnetic properties of magnetostriction 
and anisotropy. Alloys having zero anisotropy and 
zero magnetostriction show improved hysteresis 


© WATER QUENCHED ; DISORDERED 
-----x 20°C/HR; ORDERED 
= fo 
x (0) 
9 
100 
2 
fo} FeCo 
a Lx 
Fe.Co ° 
5 
q 
= 
G 
0 20 40 50 60 
iin WEIGHT PERCENT COBALT IN IRON 
-50 | 


Fig. 1—The saturation magnetostriction (,) in the [100] and 


{111] crystallographic directions for the cobalt-iron alloys. 
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properties.* Since very meager data*~* are available 
in the literature on the single-crystal anisotropy and 
magnetostriction of the cobalt-iron alloys, the 

present program was undertaken to determine these 
two properties in the disordered and ordered states. 


EXPERIMENTAL TECHNIQUES 


Ingots of the cobalt-iron alloys containing from 
25 pct to 59 pct Co in iron were vacuum melted 
from electrolytic iron and cobalt of 99.9 pct purity. 
The ingots were cooled at a rate of about 1°C per 
hr through the transformation temperature (950° to 
980°C dependent on the alloy content) for the growth 
of large grains. From. these grains, single-crystal 
disks were fabricated with either the (110) or (100) 
plane parallel to the faces of the disk. The crystals 
were given two heat treatments to produce either the 
ordered state (cooling rate of 20°C per hr from 
850°C) or the disordered state (water quench from 
850°C). Since the iron-cobalt alloys order very 
rapidly, the water quench may not have produced 
complete disorder in all cases. 

Due to the method of growth, the crystals were not 
perfect. Most of the samples had low-angle bound- 
aries and a few had some small included grains. 
These imperfections could and probably did affect 
the accuracy of both the magnetic anisotropy and 
magnetostriction measurements. Much of the scatter 
in the data may be attributed to the crystal imper- 
fections. The methods of determining the spontane- 
ous saturation magnetostriction and the anisotropy 
have been previously described. 


MAGNE TOSTRIC TION 


The magnetostriction in the [100] and [111] direc- 
tions (Ajo, and ,,; respectively) is illustrated in 
Fig. 1 for the disordered state. Both Ajo. and Aun 
became large positive values as cobalt was added to 
iron. The state of order did not have a large effect 
on the magnetostriction. The effect of order did not 
appear too consistent in these data. Tentative curves 
are shown in Fig. 1 for the ordered magnetostriction 
near the FeCo composition; here A199 appeared to be 
lowered and A,,, raised as the degree of order was 
increased. These results agree qualitatively with the 
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meager data of several previous investigations” 
but disagree with the previous measurements on one 
crystal.” Calculation of polycrystalline magneto- 
striction for randomly oriented material from Aro0 
and 4,1," yields values which are in good agreement 
with measurements on polycrystalline cobalt-iron 
alloys; 

Due to the large values of magnetostriction in 
these alloys, unusually good polycrystalline magnetic 
properties might not be expected. Among several 
sources of strain deleterious to magnetic properties, 
strains due to magnetostriction associated with 90° 
domain boundary movements are important. For- 
tunately, these cobalt-iron alloys respond to a 
magnetic anneal.” The latter heat treatment in a 
magnetic field greatly reduces the number of 90 deg 
domain boundaries; thus, the magnetostrictive strain 
associated with movement of these boundaries is 
reduced. 


ANISOTROPY 


Fig. 2 illustrates the first anisotropy constant, 


Ki, for the disordered and ordered states. Consider- 


_ing K, for the disordered state, as much as 30 pct 
Co in iron had little effect in lowering K,. From 30 
to 60 pct Co, K, dropped precipitously to large nega- 
tive values. The easy direction of magnetization 
changed from the [100] to the [111] near 41 pct Co. 
The exact zero-anisotropy composition for the dis- 


ordered state is somewhat in doubt due to the scatter 


in the data. 
The effect on K, of ordering the alloys was great 
at compositions near FeCo and very small near 


Fe,Co,*if really significant. From about 37 to 59 pct 


*Recent work’® has indicated an ordering reaction to exist at Fe,Co 
as well as FeCo. 
Co, K,; was changed toward larger positive values. 
The composition at which K, became zero was 
shifted almost 10 pct to about 50 pct Co. The data 
for the three crystals containing less than 37 pct Co 
consistently indicated that the anisotropy was de- 
creased with increased order. Previous anisotropy 


measurements’’® agree qualitatively with the present 


data, but this is the first data to clearly indicate the 
order-disorder effect. 

The present data would indicate that the excellent 
magnetic properties of Supermendur are partly due 
to the zero anisotropy occurring in the ordered or 
partially ordered state at about equal weight per- 
centages of iron and cobalt (and the fact that these 
alloys respond to a magnetic anneal). Supermendur 


has about equal weight percentages of iron and cobalt 


and is heat treated in a magnetic field with a critical 
cooling rate which produces a fairly high degree of 
order.” Supermendur does not have a preferred tex- 
ture so that this could not be responsible for the 
magnetic properties.” However, the relatively high 
purity of Supermendur has been shown to be im- 
portant in obtaining its excellent magnetic proper- 
ties. 


SUMMARY 
1) The saturation magnetostriction, both Ayoo and 
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Fig. 2—The first anisotropy constant for the cobalt-iron 
alloys. 


A111, Was large and positive for all cobalt-iron alloys 
investigated in both states of order. 

2) The magnetic anisotropy became zero near 41 
pct Co for the disordered state and near 50 pct Co 
for the ordered state. 

3) The excellent magnetic properties of Super- 
mendur are associated not only with its high purity’ 
and the magnetic anneal” but with the zero aniso- 
tropy. 
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Effects of Radiation-Generated Helium and Tritium on 


the Properties of Aluminum-Lithium Alloys 


Property changes produced by irradiation of Al-0.4 wt pet Li 
alloys at 270°C to a burnup of 0.155 pct of all atoms are described. 
Metallographic evidence of the formation of internal pores and the 
concentration of gases at grain boundaries is shown. Some con- 


clusions are drawn concerning desirable property characteristics 


for resistance to radiation swelling. 


R apiatIon induced gases are of great practical 
significance in nuclear engineering since they af- 
fect the behavior of fissionable fuels and control 
rod materials. In fuels the gases xenon and krypton 
are the major offenders, producing serious em- 
brittlement at low irradiation temperatures and 
gross swelling at high irradiation temperatures. 

In control rod materials containing boron, the pro- 
duction of helium from the B’° (n, a) Li’ reaction 
produces similar reactions. 

Since the trend in reactor design is for operation 
at increasingly high temperatures, the phenomenon 
of high-temperature swelling by these induced gases 
has been the subject of considerable recent study. 
The objectives of such work have been to obtain en- 
gineering information and quantitative data on the 
effects in specific fuels and control rods and to ob- 
tain further understanding of the mechanism of gas 
damage so that more intelligent corrective steps 
can be made. Analogue systems are often useful 
for the latter objective and in this case alloys con- 
taining Li are suitable in view of the reaction 
Li’ + m ~ He* + H®. Both products are gases and 
no serious radiation problem is produced to com- 
plicate post irradiation handling. Considerable 
caution is, of course, necessary in any operations 
in which tritium release is possible. 

The present program was initiated to provide a 
detailed study of the effects of He + H® generated 
by irradiation in Li-bearing alloys. The results 
on Mg-Li solid solution alloys have been reported 
elsewhere.’ This paper presents information on 
irradiation of an Al-0.4 pct Li alloy in which the 
lithium was present as highly enriched Li® in order 
to maximize the radiation burnup. 
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PROCEDURE 


The original intent in the selection of the alloy 
content was to have Li in solid solution at all tem- 
peratures. It became apparent, however, that the 
solubility of Li in Al was substantially lower than 
that reported in the original reference consulted.” 
This was substantiated by the work of Nowak*® who 
reported solubility of less than 0.01 pct Li at 100°C. 
The alloy used (0.4 pct Li) was therefore two phase 
at room temperature. The irradiation temperature 
was estimated to be about 270°C, and at that tem- 
perature all or almost all of the Li would be sol- 
uble under equilibrium conditions. The precise 
state of the alloy under irradiation is not known. 

Aluminum used was 99.996 pct purity (max. im- 
purities Si 0.002 pct, Mg 0.001 pct, Fe 0.0005 pct, 
and Cu 0.0005 pct). The lithium was obtained from 
Oak Ridge National Laboratory; 96.1 + 0.1 pct of 
the lithium was Li°, but chemical impurities were 
0.25 pet Ca, 0.05 pet Fe, 0.02 pct Na, 0.02 pct Cu, 
0.01 pct Sr, and 0.01 pct Ba. The two metals were 
melted in an alumina crucible in a resistance 
heated furnace in an atmosphere of helium. A 1-in. 
ingot was cast in an iron mold, machined to ‘/s-in. 
round, hot swaged (350°C) to 0.080-in. round, cold 
swaged to 0.060-in. round, and finally cold drawn 
to 0.040-in. round. Four-inch wire lengths were 
then cut and annealed at 250°C for 4 hr in helium. 
Irradiations were carried out in a VT hole in the 
Argonne CP-5 reactor. The wires were held in an 
aluminum jig, sixteen wires per capsule, and were 
maintained in a helium atmosphere for maximum 
heat transfer. Eight wires of pure aluminum and 
eight of Al-Li alloy were placed in each capsule. 

Argonne Laboratory statements were accepted 
as establishing flux and exposure levels. These 
were based on previous experience and flux map- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


in 


Table |. Dimensional Changes in Irradiated Specimens 


Average Average 
Irratiation Pet Pet 

Dose Length Diameter 

Composition (nvt) Change Change 
Pure Al Controls -.03 =0.1 
5 x 0 -0.4 
” -.07 -0.2 
2? =0;5 
” 107° -.06 -0.6 
Al-0.4 pct Li Controls -.04 -0.4 
” -.05 -0.2 
5 x 10” = 
” 107° 0.0 


ping and were not separately measured for the 
samples in question. Flux levels for various cap- 
sules were from 1.5 x 10** to 2.5 x 107° nv thermal. 
Times of exposure were controlled to give total 
exposures of 5 x 10*°, 10°, 5 x 10°®, and 10” nvt 
and thus varied from about 66 hr to 27/, months in 
the reactor. 

Length and diameter, X-ray lattice parameter, 
and electrical resistance were measured on all 
samples before and after irradiation. Tensile 
properties were measured after irradiation and 
on unirradiated specimens with thermal histories 
estimated to be similar to that of the irradiated 
samples. The techniques of measurement are de- 
scribed in a previous paper’ and will not be re- 
peated here. 


RESULTS 


The dimensional measurement data are shown in 
Table I. Changes in the irradiated samples are in 
general of the order of changes in the control spec- 
imens. The diameters in Table I are the average 
changes over four to six specimens for each set of 
conditions. The change for an individual specimen 
was obtained by averaging deviations from maxi- 
mum and minimum pre- and post-irradiation 
measurements at two points on each wire. Preci- 
sion of individual measurements was about 0.3 pct. 
The reason for negative deviation of all the diam- 
eter readings except the most highly irradiated 
Al-0.4 pct Li alloy is not known. Analysis of the 
individual measurements made on the Al-0.4 pct Li 
specimens irradiated to 10” nvt leads to the con- 
clusion, however, that there is a real difference in 
their behavior as compared to pure Al or Al-0.4 pct 
Li at lower irradiations. The absence of the nega- 
tive change observed at lower irradiation levels is 
construed as indicating the earliest stages of swell- 
ing. Such behavior would be consistent with the 
microstructural changes to be discussed later. 

X-ray lattice parameter measurements were 
made before and after irradiation on one wire of 
each analysis in each capsule. No changes were 


noted beyond the experimental precision of + 0.02 pct. 


Rather surprisingly, electrical resistance of the 
Al-0.4 pet Li alloys showed a progressive decrease 
with increasing amounts of irradiation. These data 
are plotted in Fig. 1 which shows percent decrease 
of resistance as a function of burnup. The points on 
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Fig. 1—Percent decrease in electrical resistance as a 
function of burnup. 


the curve are averages for eight specimens under 
each set of conditions. No change was observed in 
the resistance of the pure aluminum samples. 
Tensile results on the Al-Li alloys are shown in 
Figs. 2 and 3 for test temperatures of room tem- 
perature, 150° and 250°C. Ductility data under the 
same test conditions are shown in Fig. 4. Pure 
aluminum specimens in the same capsules showed 
the tensile and yield behaviors in Fig. 5. The drop 
in yield strength can be explained in the following 
way. All the wire samples were annealed at 250°C 
prior to the irradiation since it was originally es- 
timated that maximum specimen temperature dur- 
ing irradiation would be 150°C and hence well below 
the annealing temperature. The low annealing tem- 
perature would ensure fine grain size which is ad- 
vantageous in mechanical property tests of such fine 
wires. However, the yield strength of pure alumi- 
num drops off very rapidly in the annealing range 
from 250° to 300°C. Thus if the actual irradiation 
temperature were slightly above 250°C, thermal 
annealing would produce a drop in yield while 
maintaining engineering ultimate tensile strength 
because of accompanying increase in ductility. 


Al-0.4% Li WIRES 


YIELD AND TENSILE STRENGTH cee 
AT ROOM TEMPERATURE AS A > 4 
Lag FUNCTION OF RADIATION EXPOSURE os 
ENSILE 
TEN 
is} 


STRESS (psi X 10°) 


1 i 


1 
2 3 4 5 6 7 
DOSE (nvt 10”) 


Fig. 2—Room-temperature yield and tensile strength of 
irradiated Al-Li wires. 
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Fig. 3—150°C and 250°C yield and ten- 
sile strength of irradiated Al-Li wires. 
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Yield strength data on Al wires from the same 
batch as those irradiated are shown in Fig. 6 for 
annealing temperatures of 250°, 300°, and 350°C, 
Marked on the curves are the irradiation temper- 
atures which would have been necessary to produce 
the yield strengths actually observed in the irradi- 
ated pure aluminum specimens in one week. The 
temperature calculated from the room-temperature 
data is 263°C; that from the 150°C test data is 
277°C. Therefore, it is deduced that the actual ir- 
radiation temperature of the pure Al wires was 
about 270° + 10°C. 

That temperatures of this level are logical can 
be simply demonstrated. If we assume each wire 


BURNUP (°%, OF TOTAL ATOMS) 


10 


in the capsule to be a cylindrical source generating 
heat, the temperature drop from wire to surround- 
ing aluminum container (the heat sink) can be cal- 


F In — 
culated from the equation T; — T2= KO . Here 


T1 is the absolute temperature of the wire source, 
T, the temperature of the heat sink, 7, the radius 
of the source, 72 the radius of the sink, F the heat 
generation per centimeter per second, and K the 
thermal conductivity of the conducting medium 
(helium). 

If we assume a y heat generation of 20 w per g 
in Al, the heat generation rate is 0.450 w per cm. 


O17 «080 
DUCTILITY OF Al-0.4% Li ALLOYS AS AFFECTED 
32;L BY IRRADIATION WITH THERMAL NEUTRONS 
AT 2x10!3 py 
24 


TESTED AT 150°C 
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| | 


Fig. 4—Ductility of irradiated Al-Li 
wires. 
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Fig. 5—150°C and 250°C yield and ten- 
sile properties of irradiated pure alu- 
minum. 
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PURE ALUMINUM YIELD AND 
TENSILE STRENGTHS AT [50°C 
AND 250°C AS AFFECTED BY 
RADIATION. 


The AT from pure aluminum wire to heat sink would 
be 220°C, and, assuming a heat-sink temperature of 
50°C, the wire temperature would be 270°C. 

The energy of an (m, a) event in Li® is 4.65 mev 
equivalent to 1.77 x 107** g cal. One centimeter of 
Al-0.4 pet Li® wire contains 7.62 x 10°® atoms of 
Li®. The energy per centimeter at a flux of 2 x 10° 
nv calculates to be 0.131 w per cm. Thus, the AT 
from the Al-0.4 pct Li® wire can be a maximum of 
29 pet or 64°C higher than the pure aluminum wires. 

The decrease in yield strength on initial radiation 
of both types of wires is thus consistent with a y 
heat flux of about 20 w per g. The increase in 
strength at the higher irradiation levels can be due 
only to thermal precipitation effects or radiation 
hardening. Thermal annealing at 150°C for 3 months 
and 275°C for 8 weeks did not produce any strength 
increase, so the strength increase in the irradiated 


Fig. 6—Yield strength of pure aluminum 
as a function of annealing temperature. 
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samples must be unequivocally caused by radiation 
produced gases or radiation induced precipitation. 
Metallographic observations have been of consid- 
erable help in revealing details of the structural 
changes accompanying irradiation and post irradia- 
tion annealing. Fig. 7 shows a series of X100 and 
X1000 micrographs including an unirradiated con- 
trol sample and specimens irradiated at 10°°, 
5 x 10°°, and 107° nvt, respectively. The highest 
radiation level is equivalent to 0.155 pct burnup of 
total atoms. At 10’° nvt (~0.016 pct burnup) no 
voids are visible in the microstructure. By 5 x 10'° 
nvt (0.08 pct burnup) voids are clearly visible and 
are 1 to 3 uw indiam. There appears to be the be- 
ginning of formation of finer voids (~ 0.1 yu) in the 
grain boundaries. By 10” nvt (0.155 pct burnup) a 
substantial number of voids has appeared and the 
grain boundaries are frequently clearly delineated 


EFFECT OF THERMAL ANNEALING 
ON HIGH PURITY ALUMINUM USED 


IN IRRADIATION EXPERIMENTS 


IRRADIATED VALUE 263°C 
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by them. Gross grain boundary defects have also 
appeared in which grain boundary separation has 
occurred for distances of 10 » or more. These 
grain boundary defects can readily account for sub- 
stantially lowered ductility. 

Post irradiation annealing experiments were run 
on a number of 7/2-in. lengths of the irradiated 
0.040-in. wire. Definite increases in diameter 
were produced, the amount in general increasing 
with annealing temperature. The data obtained are 
shown in Fig. 8. Microstructural examination 
showed that in general the defects formed were 
similar to those produced by radiation alone. An- 
nealing at 410°C, however, resulted in observation 
of voids in the 10°° nvt irradiated specimens which 
showed no voids after radiation alone. After 10” nvt 
plus a 410°C anneal the grain boundary outlining ap- 
peared stronger and the average and maximum void 
sizes were greater. Annealing at 550°C resulted in 
the creation of grain boundary ruptures several 
thousandths of an inch long as well as numerous 
large voids 500 to 700 uw indiam. Unirradiated and 
irradiated structures are shown in the sequence of 
photomicrographs in Fig. 9. 

To determine the relationship between swelling 
and gas emission from the sample, an experiment 
was carried out in which emitted tritium was 


BL ANNEALED 600 °C 


ANNEALED 500°C 


(a) 


Fig. 7—Micrographic series showing 
voids produced by irradiation. (a) X100; 
(6) X1000. Reduced approximately 23 
pet for reproduction. 


(b) 


10 2°nvt 


measured in a windowless counter while a piece 

of irradiated specimen (107° nvt) was heated. Fig. 10 
plots heating cycle and counts per minute on the 
same time scale. The sample was separated from 
the counter by about 10 ft of copper tubing, and gas 
flow over the specimen and through the counter was 
0.1 cu ft per hr. A lag of about 15 min between a 
temperature increase and observed counts on the 
emitted tritium is, therefore, evident. These data 
show that tritium is emitted from the specimen at 
temperatures as low as about 250°C, while by 450°C 
the rate of emission is substantial. The true count- 
ing rate after 450°C was higher than indicated since 
saturation of the counter occurred. A repeat run on 
a less highly irradiated specimen (5 x 10°° nvt) 
showed qualitatively similar behavior but with much 
lower total gas release. Some gas therefore comes 
off at temperatures below those at which swelling 
occurs. The major increase in gas emission oc- 
curs, however, at approximately the same temper- 
ature at which swelling begins. Thus swelling ap- 
pears to be associated with high gas mobility. 


DISCUSSION 


If the data discussed above are considered to- 
gether, the picture that emerges is as follows. The 
gas atoms as initially produced remain either in 


Fig. 8—Change in diameter of irradiated 
Al-0.4 pet Li® wires annealed at various 


DIAMETER INCREASE (%) 


ANNEALED 400°C 


temperatures. 
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(a) 


Fig. 9—Microstructures of irradiated 

Al-0.4 pet Li alloys after post-irradiation 
annealing at 550°C-4 hr. (a) X100; 

(5) X1000. (b) 


CONTROL nvt 


5x10! nvt 


STRUCTURE OF Al-0.4% Li ALLOYS ANNEALED AT 


substitutional or interstitial solid solution. Their 
_ presence, as would be the case with normal alloy- 
ing elements, produces solution hardening and ac- 
counts for the increased strength levels at the 
higher irradiations. Since no voids are present 
initially which can trap the radiation induced gas 
and are large enough to swell because of internal 
gas-_pressure, the onset of gross swelling is de- 
layed until supercritical size voids are formed 
naturally. Such a point appears to have been just 
about reached at the highest irradiations, and the 
appearance of dimensional increase might be ex- 
pected at still higher levels of irradiation. 

The pronounced decrease in ductility is probably 
in part that naturally associated with higher strength 
levels. Almost certainly, however, the most severe 
drop at the highest irradiation is related to grain 


boundary weakness caused by voids concentrated in ~ 


the boundaries as shown by the sequence of photo- 
micrographs in Fig. 7. That these are voids and 

not etched-out LiH® precipitate is indicated by the 
lack of angularity and their presence as voids under 
even the most careful polishing without etchant. This 


EMISSION RESULTING FROM FURNACE 
HEATING OF AN IRRADIATED AL-0.4% Li ALLOY. 
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Fig. 10-Tritium emission resulting from furnace heating 
of an irradiated Al-0.4 pct Li® sample. 
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does not rule out the possibility that LiH® precipitate 
or even additional Al-Li compound precipitation in- 
duced by irradiation may play significant roles in 
the property changes accompanying radiation. These 
phenomena must be considered in the case of each 
property change. 

The decrease in electrical resistance is most 
reasonably explained on the basis of depletion of Li 
from the matrix. Since the lithium depletion is pro- 
portional to burnup, it is possible to plot resistivity 
as a function of Li concentration as is done in 
Fig. 11. In this figure no loss of Li is assumed be- 
cause of LiH® formation. Such a reaction would, of 
course, tie up an equal amount of Li if it occurred 
quantitatively. The shape of the curve of resistance 
decrease is hard to explain on either basis of Li 
removal. It is also difficult to rationalize decreas- 
ing resistivity with the increased hardness and pre- 
sumed lattice strain accompanying high irradiation 
levels. The lack of lattice parameter change as 
measured by X-ray is consistent with the decrease 
in electrical resistivity, but is also inconsistent 
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Fig. 11—Electrical resistance of irradiated Al-0.4 pct Li® 
wires as a function of Li content. The decrease in Li con- 
tent is produced by radiation burnout. 
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with the strength increase. The lattice parameter 
of aluminum is almost completely insensitive to Li 
content and no effect is therefore expected on pa- 
rameter because of Li depletion by burnup. 

As shown in Fig. 9 specimens which were an- 
nealed 4 hr at 550°C after irradiation showed no 
grain growth, while unirradiated specimens simi- 
larly annealed showed very large grain growth. This 
behavior may be explained as follows. The solu- 
bility of lithium in aluminum at 550°C is 3.3 wt pct, 
substantially greater than the amount present in the 
alloy. Thus, at the annealing temperature either all 
of the precipitate goes into solution or is in process 
of solution. In the case of complete solution only 
small hindrance to grain growth would be expected. 
Even if only partial solution is obtained, secondary 
grain growth is apparently encouraged by the solu- 
tion process.* During the process of irradiation, 
however, insoluble gas bubbles of helium and/or 
tritium are formed at the grain boundaries. These 
bubbles are small in size and large in number and, 
being insoluble, act as grain growth inhibitors to 
high temperatures. 

Since Al-Li compound does not inhibit grain 
growth in the absence of radiation, it does not 
seem a logical cause for the grain growth inhibi- 
tion produced by irradiation. A precipitate of LiH® 
is another possible cause, but since its presence 
in quantity at the grain boundary would require dif- 
fusion of both Li and H® at 275°C and since there is 
no metallographic evidence for its presence even 
at high burnups, it seems a less likely culprit. The 
conclusion therefore is that the gases at grain 
boundaries are responsible for inhibition of grain 
growth. Since grain growth inhibition is present 
from the earliest irradiation level (5 x 10°* nvt or 
0.0085 pct burnup of total atoms), it is also con- 
cluded that collection of the gases at grain bound- 
aries occurs relatively early in the irradiation 
process. 

It would be highly advantageous to have a clear 
reason as to why the Mg-Li alloys previously 
studied’ suffer substantially greater swelling than 
do the Al-Li alloys at equivalent gas concentra- 
tions. Three possibilities may be considered. First 
it is possible that higher solubilities exist for He or 
H® or both in Al than in Mg. Second, the Al alloys 
may have a higher resistance to creep-type defor- 
mation caused by gas pressure in internal voids. 
Third, there may be a difference in the number of 
existing nucleation sites in the alloys before 
irradiation. 

In considering the first possibility one finds that 
the solubility of hydrogen in solid magnesium is 
about 0.002 pct, while the solubility in aluminum is 
less by a factor of 10 or more.* If these same re- 
lationships hold for tritium, as seems probable, 
then the tritium produced is more readily soluble 
in the magnesium than the aluminum. Much less 
information is available on the solubilities of helium 
in magnesium and aluminum. It is generally as- 
sumed that no solubility exists. Helium, for ex- 
ample, is used as a sparging gas for magnesium, 


and residual helium is not reported after such a 
process. 
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Yield strength at 250°C for the Al-0.4 pct Li 
alloy is about 4500 psi. At the same temperature 
the Mg-13 pct Li alloy previously studied had a 
yield strength of 1100 psi and the Mg-4 pct Lia 
yield strength of 3800 psi. It is therefore consist- 
ent that the weakest material showed the greatest 
swelling for equivalent amounts of generated gas. 
Although the strength difference between the 
Al-0.4 pct Li alloy and the Mg-4 pct Li alloy is 
not great, it may be significant that the strength 
of the Al base material increases during irradia- 
tion. By the maximum irradiation doses given in 
these tests, the yield strength of Al-0.4 pct Liis 
about 7000 psi or nearly twice that of the Mg-4 pct 
Li alloy, which did not change in yield strength 
during irradiation. It therefore seems probable 
that not only is initial yield or creep strength im- 
portant for resistance to swelling, but of equal im- 
portance is the change in these strength properties 
accompanying the irradiation. 

Finally, the cleanliness of the Al-0.4 pct Li alloys 
used in the tests described here was substantially 
better than that of the Mg-Li alloys previously 
tested. Gross pores produced in the Mg-Li alloys 
by irradiation were located along lines of preexist- 
ent stringers or voids. The absence of such pre- 
nuclei in the Al-Li alloy may be of real significance 
in its improved performance. 


CONCLUSIONS 


It has been shown that the gases He and H® pro- 
duced by (n, a) reaction on Li® in Al-0.4 pct Li al- 
loys produce internal porosity but only minor 
swelling on irradiation to 0.155 pct burnup of all 
atoms at a temperature of at least 270°C. These 
alloys are, therefore, substantially more resistant 
to swelling than Mg-Li alloys irradiated at similar 
temperatures to equal burnups. The greater re- 
sistance of the Al-Li alloys to swelling can be as- 
cribed to greater strength at temperature and the 
substantial increases in strength which occur dur- 
ing irradiation. The greater initial cleanliness of 
the Al alloys may also be important in their radi- 
ation stability. It is suggested that the changes in 
strength accompanying the irradiation of uranium 
fuel alloys should be considered in evaluating their 
resistance to high-temperature swelling and that 


care be taken to avoid gross initial defects in such 
fuel alloys. 
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The Mechanism of Beneficial Effects of Boron and 


Zirconium on Creep Properties of a 


Complex Heat-Resistant Alloy 


A microstructural investigation was pursued to establish the 
mechanism of the pronounced benefits of traces of boron and zir- 
conium on creep properties of a 55 Ni-20 Cr-15 Co-4 Mo-3 Ti- 
3 Al alloy at 1600°F. The mechanism of improvement of creep 
properties was found to be a pronounced stabilizing effect of 
traces of boron and zirconium on the grain boundaries of the 
alloy. The alloy with low boron and zirconium was subject to 
vapid agglomeration of Mz23Cg and y' in the grain boundaries, 

followed by depletion of y' and intergranular microcracking at 
the grain boundaries transverse to applied stress. Brittle frac- 
ture then occurred by linking of microcracks. However, additions 


of zirconium, boron, and boron plus zirconium decreased this 
tendency in that order, allowing longer creep exposure and higher 
creep deformations before fracture occurred. 


V ERY little information has been published de- 
scribing the mechanism by which trace amounts of 
boron or zirconium improve the creep properties 
of complex nickel-base heat-resistant alloys, al- 
though the effect is now well recognized.’ * Because 
the phenomenon is so important to properties and 
the effects are so striking, a study was made of the 
mechanism in a 55 Ni-20 Cr-15 Co-4 Mo-3 Ti-3 Al 
alloy. It was believed that such a mechanistic ap- 
proach would increase knowledge in theory of alloy- 
ing and give a more basic understanding of alloy 
design to resist creep. The basic premise of the 
study was that boron or zirconium would alter the 
microstructural characteristics controlling creep 
and fracture to the extent that the effects could be 
identified by light and electron microscopy and by 
electron diffraction techniques. 

Characteristic of the microstructure of the 
Ti + Al-bearing nickel-base alloys is the dis- 
persed precipitation of the intermetallic compound 
Ni, (Al, Ti), the y'’ phase, which is generally con- 
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sidered to be the major source of high creep re- 
sistance.” In addition, carbide phases have been 
identified® *° and these can alter creep properties 
markedly.’’ Since both the y’ and carbide transfor- 
mations have been found to control properties, 
careful attention was paid to the effect of boron 
and zirconium on these transformations. 


Table |. Chemical Analyses of Experimental Heats With 
Creep-Rupture Properties at 1600°F and 25,000 psi 


Minimum Reduc- 
Second Stage Rupture Elon- tion of 


B, Zr, Creep Rate, Life, gation, Area, 
Heat Pct Pct Pct per Hr Hr Pct Pct 
Vv 0.0002 <0.01 0.0160 45 2 1 
0.0060 52 2 1 
V+Zr 0.0004 0.19 0.0036 147 5 5 
0.0095 134 6 8 
V+B 0.0089 <0.01 0.0018 429 10 11 
- 394 7 8 
V+B+Zr 0.0088 0.01 0.0004 666 17 16 
0.0003 627 12 13 
Range of Other Alloy Constituents, Bal. Ni 
Cr Co Mo Ti Al Si 
18.8—20.9 14.8-15.1 3.9-4.2 3.1-3.2 3.1-3.3 0.1-0.2 
Mn & S Je) Mg Fe Cu 
0.13 Max 0.08-0.10 0.008 Max 0.007 Max <0.01 <0.30 <0.10 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


VOLUME 218, APRIL 1960-277 


T T T T 
Heat Stress (psi) 
0. 10) 20,000 = Rupture - 
Vt+Zr 22,500 Heat V+B 
V+B 28,000 
0.09 30,000 
0, 08 T T Rupture - = 
| | Heat V+ B+ Zr 
q 
0, 
Interrupted 
0, 06 Specimens 
a ..0,.05—- Rupture - Heat 
V+ Zr 
3 
0, 
0, =i 
0, 
Rupture - Heat V 
0, 
0 50 100 150 200 250 300 
Time, hr 


Fig. 1—Average creep curve of specimens stress aged in 
equal strain and strain rate series at 1600°F. Creep de- 
formations at which specimens were interrupted or rup- 
tured are indicated. 


Suitable experimental materials were available 
with well established chemistry and creep prop- 
erties, Table I, These materials represented the 
observed extremes in the influence of zirconium, 
boron, and boron plus zirconium. These were pre- 
pared in an investigation’ which demonstrated that 
trace amounts of boron or zirconium purposefully 
added or introduced inadvertently by reaction with 
crucible refractories were most important melting 
practice variables. 


EXPERIMENTAL PROCEDURES 


The stock used for the study had been vacuum in- 
duction melted using virgin laboratory grade metals. 
The 10-lb ingots had been hot-rolled from 2150°F to 
%,-in. sq bars, solution treated at 2150°F for 2 hr 
and air cooled. 

The general procedure was to expose specimens 
at 1600°F under conditions of either no stress 
(stress-free-aging), partial creep-to-rupture 
(stress aging), or creep-rupture. The comparative 
microstructural features were then established by 
optical and electron microscopic techniques. The 
y' and carbide phases were identified by extraction 


replica-electron diffraction methods. The pertinent 
details of the methods are outlined in the following 
sections. 


Exposure Conditions—In addition to inspection of 
microstructures in the initial condition, as solution 
treated 2 hr at 2150°F and air cooled, examination 
was made after the following exposures at 1600°F: 

1) Equal strain and strain rate series—stress- 
aged under stresses selected to give similar time- 
elongation curves pictured in Fig. 1; to show re- 
sponse to equal creep strains in approximately equal 
exposure times. 

2) Equal stress and time series—stress-aged 
165 hr at 20,000 psi; to show response to equal 
stresses and times (unequal deformations resulted 
from unequal creep rates). 

3) Ruptured series—ruptured at 25,000 psi; to 
detect further details of the fracture mechanism 
(exposure times and total deformations were un- 
equal as shown in Table II). 

4) Aged series—aged 7/2, 1, 4, 10, 100, 188, and 
500 hr; to show response to temperature effects 
alone. 


Stress-Aging and Stress-Rupture Testing—Speci- 
mens of 1-in. gage length of 0.250-in. diam were 
stress-aged with extension being measured with an 
optical lever extensometer with a sensitivity of 
0.000005 in. per in. A uniform time of 4 hr of pre- 
heating at 1600°F prior to the application of load 
served both to minimize temperature variations 
along the gage length and to age harden the mate- 
rials uniformly to peak hardness. 

Microstructural Examinations— Preparation for 
light or electron microscopy was by mechanical 
polishing or electropolishing followed by electro- 
lytic etching by the method of Bigelow, Amy, and 
Brockway.” For electron microscopic examina- 
tion, collodion replicas shadowed with palladium 
were prepared with polystyrene latex spheres of 
3400A diam for indicating magnification and di- 
rection of shadowing. 


The results of preliminary examinations indi- 
cated that certain microstructural features should 
be evaluated on a quantitative basis. These in- 
cluded grain boundaries where adjacent matrix 
material had been depleted in y’, microcracks in 
grain boundaries, ‘‘nodules’’ composed of mix- 
cane of massive y’ and carbides, and dispersion 
of y’. 


Table Il. Properties of Specimens Stress Aged at 1600°F. 


Condition Heat V Heat V + Zr Heat V+B Heat V+B+Zr 
Depleted’ Depleted Depleted Depleted 
Grain Micro-* Grain Micro- Grain Micro- Grain Micro- 
Boundaries cracks Boundaries cracks Boundaries cracks Boundaries cracks 
Equal stress and time 264 314 72 9 16 none none none 
165 hr at detected detected detected 
: psi (1.2 pet strain) (0.6 pct strain) (0.15 pct strain) (0.04 pct strain) 
Ruptured series: 192 374 916 145 
25,000 psi 211 378 330 


(Ruptured in 45-52 
hr with 2 pct elon- 


gation) gation) 


(Ruptured in 134 
hr with 6 pct elon- 


(Ruptured in 429 
hr with 10 pct elon- 
gation) 


(Ruptured in 626- 
666 hr with 12-17 pct 
elongation) 


*Grain boundaries where depletion was detected at 1000D, number in 0.008 sq in. 


*Microcracks detected at 1000D, number in 0.008 sq in. 
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Heat V +Zr. 


Fig. 2—Microstruc- 
| tures after 1.2 pct 

* creep deformation 
at 1600°F in 165 to 
214 hr (equal strain 
and strain rate 
series). X1000. 


) mately 21 pct for 
reproduction. 


Heat Vv +B 


The depleted grain boundaries, microcracks, and 
nodules were counted at 1000 diam in an area of 
0.008 sq in. This area was adjacent to the fracture 
surface in ruptured samples and at the center of 
the gage section in sae ae creep tests. 

As suggested by Baillie, f pe was 
measured by the surface density of y’ particles in 
electron micrographs. An area large enough to 
contain at least 100 particles was surveyed at 
12,000 diam. 

Phase Identification—The extraction-replica tech- 
nique of Fisher was used for identification of pre- 
cipitates by electron diffraction. 

Specimen preparation before extraction of in- 
tragranular particles was the same as for electron 
microscopy. For the special case of intergranular 
particles the microfractographic techniques of 
Plateau, Henry, and Crussard*® proved very useful. 
Specimens were cooled in liquid nitrogen and then 
fractured through the grain boundaries using a 
hammer and chisel. The fracture surface was then 
etched with the same procedure used for electron 
microscopy. 

Before extraction of both intragranular and in- 
tergranular precipitates, carbon replica films were 
deposited on the Se baer surfaces by the methods 
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of Bradley*® and were backed by thicker supporting 
films of collodion. The surfaces were then etched 
electrolytically in a solution of 2 parts phosphoric 
acid (85 pct) to 8 parts water until the compound 
replica films separated from them. The films were 
transferred to the surface of clean distilled water 
and allowed to wash by diffusion, picked up on nickel 


screens, washed again, and the collodion backing 


films dissolved from the carbon films with amyl 
acetate by the method of Jaffe.’” The replicas were 
then shadowed with aluminum to provide an internal 
standard for interplanar distances. Electron micro- 
graphs and electron diffraction patterns were ob- 
tained from the particles by selected area electron 
diffraction techniques on the electron microscope. 


RESULTS 


In Heat V, which was nearly free of boron and 
zirconium, there was rapid precipitation of con- 
tinuous networks of y’ and Mo3 Ce, at the grain bound- 
aries during creep at 1600°F. The y’ was depleted 
from the matrix adjacent to the grain boundaries 
transverse to the direction of applied stress. Mi- 
crocracks then developed at the interfaces between 
the M23 Ce. particles and the depleted matrix and 
grew to initiate premature brittle fracture. In 
Heat V this process was detected in the primary 
creep stage. It was retarded by traces of zirco- 
nium, boron, and boron plus zirconium in that order 
of effectiveness so that in Heat V+ B+ Zr the 
latter steps of the process were delayed until the 
tertiary creep stage. In addition, boron caused the 
formation of carbides within the grains. Other than 
the depletion effect previously noted, there was ap- 
parently no significant influence of boron and zir- 
conium on the y’ reaction at 1600°F. No significant 
differences in structural characteristics were found 
before exposure and few existed after fracture. Thus 
the role of zirconium and boron was to delay pre- 
cipitation at the grain boundaries with the conse- 
quent delay of fracture initiation by microcracking. 

The details on which this mechanism is based and 
the correlation with creep properties at 1600°F are 
detailed in the following sections. 

Agglomeration at Grain Boundaries—A network of 
carbides enveloped by y’ formed at the grain bound- 
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Heat V, typical agglomerated grain 


boundaries. grain boundary. 


| Fig. 3—Electron 
micrographs of 
specimens after 
1.2 pet creep de- 
formation at 1600°F 
in 165 to 214 hr 
| (equal strain and 
strain rate series). 
X12,000. Reduced 
approximately 21 pct 
for reproduction. 


Heat V + B + Zr, with alignment of y’. 


aries of all heats during exposure at 1600°F. Figs. 2 
and 3 illustrate the general observation that zirco- 
nium, boron, and boron plus zirconium have in- 
creasing retarding effects by showing the decreasing 
agglomeration present in Heat V to V+ Zr, V + B, 
and V+ B+ Zr after 1.2 pct creep deformation in 
the equal strain and strain rate series depicted in 
Fig. 1. Microfractographs of the specimens from 
Heats V and V +B, Fig. 4, further illustrate that 
the carbides in Heat V were much larger and more 
extensive than in Heat V+ B. Electron diffraction 
patterns from these extracted particles indexed for 
the complex carbide, M23;C.s. The y’ associated with 
the carbides in the grain boundaries was easily 
recognized from etching characteristics. 

Depletion of y' at Grain Boundaries— Subsequent 
to the appearance of M23 Cg, and y’ in the grain 
boundaries, the matrix along one face of grain 
boundaries transverse to the applied stress be- 
came depleted of y’. The number of such depleted 
grain boundaries was related to creep deformation, 
Fig. 5, for samples from the equal strain and strain 
rate series. The effectiveness of zirconium and 
boron in reducing the depletion for limited strain 
and time is evident. 
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Heat V + Zr, depleted and cracked 


After exposure for 165 hr at 1600°F under 20,000 
psi (equal stress and time series), the retarding 
effect of zirconium and boron was even more evi- 
dent, Table II, While 264 depleted boundaries were 
found in Heat V, only seventy two were found in 
Heat V + Zr, sixteen in Heat V + B and none in 
Heat V+ B+ Zr. Despite the retardation, the 
amount of depletion was comparatively high for all 
heats after rupture in varying times at constant 
stress (ruptured series, Table II). 

When aged without stress up to 500 hours at 
1600°F the carbides were always enveloped by y' 
and fine y’ particles always extended up to the 
grain boundaries. 

Microcracks—Following agglomeration of M23 Ce 
and y’ and depletion of y’ along one face of the grain 
boundaries, microcracks formed during aging under 
stress. These appeared as dark lines in the grain 
boundaries transverse or nearly transverse to ap- 
plied stress, Fig. 6. Confirmation that these were 
microcracks was found in the electron microscope 
replicas. ‘‘Fins’’ were present where the collodion 
had filled the microcracks, appearing as black 
streaks in the electron micrographs, Fig. 6. The 
microcracks formed at C.-depleted matrix in- 
terfaces or between tips of carbide particles. Sev- 
eral separate microcracks were often detected in 
one grain boundary with no preference for triple 
points. The separate cracks appeared to link to- 


gether as creep progressed, thus causing fracture. 


The number of cracks for a given creep strain 
and exposure time (equal strain and strain rate 
series, Fig. 6) diminished from Heat V to Heat V 
+ Zr, V+ B, and V+ B+ Zr, in that order. The 
area surveyed showed five microcracks in Heat V 
at the end of first-stage creep with only 15 pct of 
the rupture life expended. Only two could be found 
in Heat V+ B+ Zr at 80 pct of the rupture life 
early in third-stage creep. 

The difference in tendency to form microcracks 
was shown to a pronounced degree by the equal 
stress and time series exposed to 20,000 psi for 
165 hr. There were 314 microcracks in the area 
counted for Heat V, 9 in Heat V + Zr, and none in 
Heats V+ Band V+B+ Zr. 
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Microfractograph of intergranular 
fracture surface of Heat V after 1.2 
pet creep deformation in 165 hr at 
1600°F. All selected area diffraction 
spots indexed as Mg,Cg. X8000. 


Microfractograph of intergranular 
fracture surface of Heat V + B after 
1.2 pet creep deformation in 188 hr 
at 1600°F. All selected area diffrac- 
tion spots indexed as Mo3C,. X8000. 


Evidence that microcracking is not permanently 
prevented by boron and zirconium was found in the 
ruptured series (Table II), where longer exposure 
times to higher creep deformations gave consider- 


able microcracking even in Heat V+B+ Zr. 
Intergranular Precipitation of Carbides—In addi- 


tion to reducing the rate of carbide formation at the 


mental heats. 


duction. 


Fig. 4—Extraction 
replicas with phases 
from the experi- 
Ex- 
tracted particles 
appear black. Re- 
duced approximately 
21 pet for repro- 


(has 
Extraction replica of intragranular 
vy’ from Heat V + Zr after aging 10 
hr at 1600°F. All selected area elec- 


tron diffraction spots indexed as y’. 
X36,000. 


Extraction replica of intragranular 
carbide from Heat V +B after 1.2 pct 
creep deformation in 188 hr at 1600°F. 
Most selected area electron diffrac- 
tion spots indexed as M,C; a few as 
My3Cg. X8000. 


grain boundaries, boron caused carbides to pre- 
cipitate within the grains, Fig. 2. Zirconium did 

not cause this. While short plate-like carbides 
formed in samples aged without stress, when stress 
was present they were more elongated in form with 
a tendency to be present on preferred matrix planes. 
7 There was some tendency for concentration around 


An extraction replica, Fig. 4, from Heat V+ B 

4 after 1.2 pct creep strain in 188 hr (equal stress 
and strain rate series) gave electron diffraction 
patterns which index for MgC with a smaller indica- 
tion of Mo3Cs. There was some indication of the 
disappearance of the intragranular carbides and the 
appearance of increased amounts of M23 Cz in the 
grain boundaries as the time of creep exposure 
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Fig. 5—Effect of creep deformation at 1600°F on depletion 
of grain boundaries of experimental heats. Equal strain 
and strain rate series. Micrographs of typical depleted 
grain boundaries are shown for electropolished specimen. 
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Intragranular y’—Extensive general precipitation 


Fig. 4. 


of y’ was evident after aging. In addition to etching 
characteristics, electron diffraction of particles 
extracted in replicas was used to identify the y’, 
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Micro-cracks, per 0.008 square inches 


0 1 2 3 4 5 6 7 8 9 10 ll 12 
Deformation by creep, percent 
Fig. 6—Effect of creep deformation at 1600°F on micro- 
cracking of experimental heats. Equal strain and strain 
rate series. Micrographs of typical microcracks are shown. 


Because y’ is considered to be so important to 
creep strength, the influence of boron and zirconium 
on the amount, form, and stability was carefully 
studied. Surface density measurements of particles 
showed no significant effect from these elements 
at 1600°F at the time levels used in this study, 

Fig. 7. Hardness changes, Fig. 8, during aging 
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Fig. 7—Effect of aging time at 1600°F on y' particle den- 
sity in experimental heats. Stress aging was at 20,000 to 
30,000 psi. 


were very similar for the four heats, except for 
the higher hardness for Heat V+ B + Zr which 
was probably due to higher Ti + Al content. 

Creep strain did not modify the density of y’ 
particles but did modify the distribution. Some 
preferential agglomeration on or between slip 
planes was evident after creep straining, (Fig. 3, 
Heat V+B+ Zr). This was most pronounced in 
the boron-containing materials which underwent 
high creep deformations before fracture. 

‘‘Nodular’’ Precipitate— ‘‘Nodules’’ of an uni- 
dentified precipitate were observed in all four 
heats after aging, Fig. 2. They appeared to be 
mixed carbide and y' and were often associated 
with Ti(C, N) particles. Creep strain increased 
the number of nodules, especially in Heat V, and 
boron and zirconium reduced the number. Other 
than general similarity to other effects noted, no 
direct relationship to creep properties was de- 
veloped. 


Fig. 8—Effect of aging at 1600°F on 
hardness and y’ dispersion of experi- 
mental heats. Typical electron micro- 
graphs at 12,000D are shown. 


Aging time, hours 
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Boron Content after Creep Exposure—A check 
was made on deboronization during creep on a 
specimen from Heat V + B which ruptured in 
428 hr at 25,000 psi. Chemical analysis of the 
surface layer 0.010 in. thick showed 0.0079 pct B 
while the center contained 0.0090 pct. The origi- 
nal stock contained 0.0089 pct B. All these values 
are within the limits of analytical accuracy and are 
considered to show no significant difference. If de- 
boronization occurred it must have been confined 
to surface layers less than 0.010 in. thick. 


DISCUSSION 


The mechanism of rupture by creep for the ex- 
perimental alloy at 1600°F is depicted in the 
sketches of Fig. 9. Further support for the finding 
that boron and zirconium improve creep properties 
by retarding the steps in this mechanism was ob- 
tained by the correlations of Figs. 10 and 11. In- 
creasing rupture life and ductility at 1600°F and 
25,000 psi are correlated with decreasing tendency 
for grain boundary depletion and microcracking as 
detected in specimens after creep exposures of 
1.2 pct deformation (equal strain and strain rate 
series). 

It is to be emphasized that the role of boron and 
zirconium is to retard the structural changes which 
initiate microcracking. Carbide and y’ agglomera- 
tion at grain boundaries, depletion of y’ adjacent to 
transverse grain boundaries and the microcracking 
in transverse grain boundaries eventually became 
similar in the presence of boron and zirconium to 
that which developed in their absence except that 
longer times and more strain were required. How- 
ever, so far as is known, the boron and zirconium 
materials maintain superiority even at low stresses 
for long exposure times. 

The carbide precipitation within the grains in- 
duced by boron may have increased creep resist- 
ance as well as retarded the agglomeration of M23:Cz. 


Micro-cracking 


Depletion 


Fig. 9—Schematic representation of the steps in the 
mechanism of stress-rupture of the experimental alloy 
at 1600°F. Axis of tension is vertical. Intragranular 
Agglomerated y’, Agglomerated Ma- 
trix depleted of y’, 6) Microcracks at M23C,-depleted 
zone interfaces. 


in the grain boundaries. The information is not 
sufficient to establish the influence on creep. How- 
ever, it seems possible that a reaction similar to 
strain aging may have operated to precipitate the 
carbide on slip planes in stacking faults to retard 
dislocation movements. A strain aging-type reac- 
tion would not be wholly unexpected in nickel-base 
alloys since serrated stress-strain curves have 


Depleted grain boundaries, per 0,008 square inches 
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1000 T T T T 
4 Code 
Micro-cracks 


Fig. 10—Relation of rupture life at 
1600°F and 25,000 psi to microcracking 
and depletion tendencies of experi- 
mental heats when stressed to give 1.2 
pet deformation in 165 to 214 hr. 


Average rupture life, hours 


=f 4 Depleted grain 
boundaries 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


100 150 200 250 300 350 


Micro-cracks, per 0,008 square inches 


VOLUME 218, APRIL 1960-283 


Pe Initial Condition Agglomeration 
600 & 
400 A 
200 
100 
80 
60 
O 
40 
20 
10 
0 50 


Depleted grain boundaries, per 0, 008 square inches 


0 100 200 300 400 
16 T 
Code 
14 4 
Micro-cracks 
4 Depleted grain 
4 
boundaries 


Average elongation, percent 


0 
0 100 200 300 400 
Micro-cracks, per 0,008 square inches 


Fig. 11—Relation of elongation at 1600°F and 25,000 psi 

to microcracking and depletion tendencies of experimental 
heats when stressed to give 1.2 pct deformation in 165 to 
214 hr. 


been reported for 80 Ni-20 Cr alloys.’® It is felt 
that further research might prove substantial strain 
aging promoted through the influence of boron on 
the distribution of carbon and other odd-sized 
elements. 

The absence of a detectable influence of boron 
and zirconium on y’ other than the depletion along 
transverse grain boundaries indicates that they did 
not otherwise influence the y’ reaction at 1600°F at 
the low levels used in this study. As suggested by 
Buckle and Poulignier,*® the alignment of y’ within 
the grains during creep is considered to be an in- 
dicator of deformation in that region. The more 
pronounced alignment in the boron materials prob- 
ably resulted from the absence of deterioration of 
grain boundaries and the resultant accommodation 
of creep strain within the grains rather than at 
grain boundaries. 

Of the several possible causes considered for the 
observed effects of boron and zirconium on agglom- 
eration at grain boundaries, the most plausible in- 
volves the theory of equilibrium segregation. It is 
compatible with the theory that boron and zirconium 
segregate preferentially to grain boundaries, heal 
the voids and reduce the tendency of carbon, tita- 
nium, and aluminum to segregate. The promotion 
of intragranular carbide by boron is in agreement 
with the segregation theory, since it could result 
from the higher carbon content within the grains 
created by the lack of carbon segregation. Pub- 
lished articles™™ offer theoretical or experi- 
mental support for this hypothesis. Another pos- 
sibility that should be considered is that of changing 
the distribution of carbon by substitution of boron 
and zirconium in carbides. 

Role of Carbon—The apparent harmful effect of 
M23 Ce in the grain boundaries of the alloy makes 
the role of carbon in nickel-base alloys of great 
interest. 

One might conclude from the results that the rel- 
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atively carbon-free alloy would be free of the grain 
boundary carbide agglomeration and, therefore, 
have properties equivalent to Heat V + B + Zr. This, 
however, is not the case. It has been shown in un- 
published work at this laboratory that both rupture 
life and ductility increase as carbon is increased 
from less than 0.01 to 0.04 pet in the boron and 
zirconium-free alloy. Therefore, it seems that 
carbon can also have a beneficial role in the alloy. 
The reason for this effect is not at all clear at this 
time but it could be one of several mechanisms in- 
cluding improved degassing, solid solution strength- 
ening, participation in age hardening by the yp? Lok 
prevention of other embrittling grain boundary 
reactions. 

Generality of Results—In the Ti + Al hardened 
nickel-base alloys and in other precipitation hard- 
ening heat-resistant alloys, it is expected that boron 
and zirconium will generally be found to suppress 
agglomeration in grain boundaries, depletion at the 
grain boundaries, and microcracking during creep 
service. While this mechanism should be generally 
applicable, the details of the effects can be expected 
to vary with several factors, including prior history, 
creep stress and temperature, and composition of 
the base alloy. 

The mechanism applies to the pronounced effects 
of the first traces of the two elements. Probably 
other mechanisms account for the steady, but less 
spectacular, increases in properties with larger 
additions. 

There are implications of the data about alloy de- 
sign for high-temperature service. First, the im- 
portance of proper ‘‘stabilization’’ of carbon is ap- 
parent. Secondly, the required balance between 
intragranular and intergranular creep resistance 
is apparent. Not only is it important to design al- 
loys for high intragranular creep resistance by such 
devices as solid solution strengthening or age hard- 
ening; but also, it is necessary to maintain the 
strength of grain boundaries to prevent concentra- 
tion of creep at grain boundaries. Therefore, alloy 
design becomes a complex pattern of adjusting in- 
tragranular hardeners such as Ti + Al with proper 
amounts of grain boundary stabilizers such as boron 
and zirconium. 
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Permeability and Diffusion of Hydrogen 


Through Palladium 


Palladium has a large capacity for the dissolution or occlusion 
of hydrogen; the gas also diffuses very rapidly through the metal. 
Palladium thimbles are widely used in the laboratory for purifica- 
tion of hydrogen by diffusion. The use of palladium filters could be 
extended to several large-scale applications if greater stability of 


the permeation process could be attained. In this paper a number 


M. van Swaay 


of aspects contributing toward this goal are discussed, and new 


data on solubility and diffusivity are given. 


P ALLADIUM sheets of 0.005, 0.010, or 0.020 in. 
thickness were prepared by three procedures: 
casting and rolling, sintering palladium powder, 
and sintering palladium powder to which 0.1 pct 
thorium oxide had been added. Half-inch diam cir- 
cular specimens were cut and clamped in a Stain- 
less steel holder provided with knife edges to seal 
the palladium sheet with soft copper gaskets. The 
seals were tested for leaks at 10-° mm Hg. No dif- 
ficulties from this source were encountered even 
after many temperature cycles in the system. The 
holder was silver-soldered to Kovar-glass seals 
and attached to the system through glass ball joints. 
Each joint was sealed with Apiezon wax and was 
adjacent to a cold trap. In several experiments the 
holders were fused directly into the system, elimi- 
nating the ball joints, to show that the wax did not 
affect the filter. Three filter holders were sup- 
ported in holes in a stainless steel cylinder, which 
also acted as a temperature equalizing block inside 
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the resistance wound furnace. The measuring 
thermocouple was inserted in one of the holders. A 
potentiometric controller with control thermocouple 
on the furnace heater winding maintained + 0.2°C. 

Electrolytic hydrogen was purified and stored as 
shown in the flow diagram, Fig. 1. It could be ad- 
mitted to either or both sides of the palladium speci- 
mens. Only a-mechanical pump was used, for even 
high pumping speeds would not bring the pressure 
on the off-gas side of the filter below 10 to 50y Hg 
owing to the rapid hydrogen flow through the filters. 

A series of steady-state permeability studies al- 
lowed identification of several conditions of perme- 
ability loss. A constant fore pressure was main- 
tained while the low-pressure face was pumped. 
After enough time had elapsed for a steady flow to 
be established the pump was cut off, and the rate of 
pressure increase in a thermostated bulb was meas- 
ured to determine the flow rate. 

The time delay method of Daynes””® was adopted 
since it offered the possibility of determining solu- 
bilities and diffusivities. For each measurement 
both sides of the filter were evacuated for 15 min, 
which gave about 10°*mm Hg residual pressure. Hy- 
drogen was admitted to one side or the other of the 
filter at a fixed pressure. The pressure on the off- 
gas side was observed as a function of time. A 


VOLUME 218, APRIL 1960-285 


ELECTROLYTIC 


‘COLD TRAP 


STORAGE 5 LITER 


HYDROGEN 
MEMBRANE IN_ FURNACE 

AXIAL CROSS-SECTION chip 
| 
FLASK WITH T 

—— THERMOCOUPLE GAUGE\ 

ASSEMBLED 


Fig. 1—Flow diagram of permeability ap- 
paratus and cross section of filter holder. 
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typical result is shown in Fig. 2. In practice it is 
sufficient to determine a single point on the straight 
section of the curve, together with the slope at that 
point. The slope is the permeability. The intercept, 
L, the time lag, can be found by extrapolation to zero 
pressure rise. Since the off-gas pressure is very 
low (10°* to 2 x 10° ‘mm Hg) compared with the fore 
pressure (> 50 mm Hg) during the measurement, it 
is assumed that the hydrogen solubility at the low- 
pressure side of the filter is negligible compared 
with the solubility, C,), at the high-pressure side. 

L is related to the diffusivity, D, the permeability, 
P and C, by the equations 


Cy = K,PL [1] 
D=K,/L [2] 
if the hydrogen in the palladium at each interface is 
p 
S50 
SLOPE = P 
a 
25 
a 
500 1000 1500 


TIME (SECONDS) 


Fig. 2—Variation of hydrogen back pressure in a typical 
time delay permeability experiment. 
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at the concentration in equilibrium with the applied 
pressure. This condition can only be fulfilled if the 
surface reactions are fast compared with the dif- 
fusion process. K, and Kz are constants determined 
by the dimensions of the equipment and by the units 
in which the various parameters are expressed. It 
is assumed that the hydrogen present in the filter at 
the start is negligible compared with the amount dis- 
solved when the steady state is reached and that the 
diffusivity is independent of concentration. 


RESULTS AND DISCUSSION 


A) Permeability Loss with Increasing Tempera- 
ture—A palladium filter subjected to continuous flow 
of hydrogen at a fixed temperature in the steady- 
state system reached a constant permeability in a 
few days. A subsequent rise in temperature resulted 
first in an increase in permeability followed by a 
Slow loss. The loss applied to all lower tempera- 
tures as well. Cycling the temperature led to no 
further change in the value of permeability at a given 
temperature if the highest temperature previously 
attained was not exceeded. In the graph, Fig. 3, the 
curved portion (1) obtained when raising the tem- 
perature for the first time could not be reproduced 
in any Subsequent cycle. Straight sections (2,3) and 
(5,6) could be retraced if the filter was not heated 
beyond the highest temperature previously attained. 

It might seem that the observed loss of permeabil- 
ity could be explained by recrystallization. However, 
microscopic observations showed no recrystalliza- 
tion below 400°C, whereas the permeabilities de- 
creased with time at 300°C. Furthermore, the loss 
in permeability was the same for thoriated and non- 
thoriated samples. The former had the expected 
smaller grain size. 

The solubility of hydrogen in palladium at pres- 
sures below one atmosphere obeys Sievert’s law’, 
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[3] 


where p is the applied hydrogen pressure and gisa 
pressure-independent parameter. It was expected 
that for these low concentrations D would be nearly 
independent of concentration. Thus the permeability 
should increase with the square root of the fore- 
pressure in time lag experiments: 


P =hvp [4] 
where h is a pressure independent parameter. While 


some of the early runs agreed with these predictions 
the majority obeyed equations: 


Cy = ap” [5a] 
D = cp [5b] 
P = [5c] 


where m and n have values between 0.3 and 0.4, 
varying slightly with each experiment. 

Juenker* has shown that if a slow reaction at the 
fore-pressure face allows the concentration, c,, 
there to build up according to 


the relaxation time, ¢, of this process reappears in 
the time lag experiment as an extra delay ¢t. Inser- 
tion of values of ¢ to make the solubilities agree with 
the accepted results of others, reduced the value of 

d log D/d log p to less than 0.2, where D is the ap- 
parent diffusion coefficient, Eq. [5]. The introduction 
of a surface slow step removes the requirement that 


d(log c) , d(log D) _ d(log P) [7] 
d(log d(log p) (log p) 


so that d log P/d log p may vary with pressure. At 
very low pressures the rate controlling surface re- 
action may be proportional to p. At high pressures 
the diffusion process, proportional to p’”, may be- 
come rate controlling. An empirical equation con- 
verting these conditions and providing for a transi- 
tion has been proposed by Salmon and Randall.* 


ae Ayp [8] 
1+ 


where y is the surface sorption coefficient which 
determines the conditions for transition between the 
rate controlling processes, d is the filter thickness, 
and A is the geometrical area. The effect of a slow 
step on the low pressure face similar to that de- 
scribed by Eq. [6] has not been calculated success- 
fully. 

Lombard and Eichner® found permeabilities to de- 
crease by a factor of three when samples were kept 
under vacuum overnight. High permeability was re- 
covered when hydrogen flowed over and through the 
barrier for a few hours. Lombard and Eichner ob- 
tained permeabilities proportional to p°*. They ob- 
served that hydrogen filtered through a palladium 
membrane passed more rapidly through a second 
membrane, while the residual hydrogen permeated 


less readily. Oxidation and reduction temporarily 
improved the permeability. 
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Fig. 3—Change in permeability as a result of temperature 
cycling. 


Wagner’ found that after heating a palladium wire 
to 750°C for 1 hr followed by slow cooling to 200°C 
the rate of absorption of hydrogen was proportional 
to the square root of the pressure. 

Davis’ found that reproducible permeabilities 
proportional to the square root of pressure could be 
obtained by avoiding any possibility of contamination. 
By the controlled addition of petroleum ether to the 
hydrogen it was possible to obtain any value of 
(m+n) in Eq. [5c] between 0.5 and 1.0 by varying the 
time and temperature of exposure to the contami- 
nated gas. Poisoning the high-pressure face led to a 
low average concentration in the filter (as deter- 
mined by electrical resistivity); poisoning the low- 
pressure face gave a high average concentration, ap- 
proaching the value in equilibrium with the fore- 
pressure. Poisoning the off-gas side had the greater 
effect on the permeability. The high permeabilities 
could be recovered by oxidation in air or oxygen 
followed by reduction in hydrogen, or by cathodic 
sputtering. Pure palladium maintained under an 


- inert atmosphere or vacuum for several days lost 


none of its avidity for hydrogen. 

In this investigation oxidation followed by hydrogen 
reduction restored initial high permeabilities and 
the square-root dependence on hydrogen pressure 
except in one instance in which a contaminant, CCl, 
proved to be neither oxidizable nor reducible in the 
restricted temperature range available with our 
equipment. The sintered palladium without thoria 
proved to be very susceptible to poisoning and did 
not respond as well as the other materials to the 
decontamination treatment. 

Darling® found that high permeabilities could be 
maintained by adding oxygen to the hydrogen and 
passing an excess of the gas over the filter surface 
continuously. He concluded that an inert layer of 
impurity gas rather than surface poisoning was re- 
sponsible for loss in permeability under static ap- 
plied pressures. 

Although an inert gas layer may have affected 
Darling’s results it seems clear that the other ex- 
periments were affected by surface poisoning. The 
observations given in Fig. 3 are consistent qualita- 
tively with the following model. If there exist sur- 
face sites which have low activation energy for ad- 
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sorption of contaminant molecules and high heats of 
adsorption they will be occupied at relatively low 
temperatures and will not desorb even for consider- 
able increases in temperature. If a spectrum of sites 
with increasingly higher activation energies for ad- 
sorption exists, an increase in temperature will re- 
sult in the filling of more sites by contaminant mole- 
cules. If these sites, preferred for adsorption of 
contaminant, are also preferred for some important 
step in the adsorption, dissociation, or dissolution 

of hydrogen on the fore-pressure face, or exsolution, 
recombination or desorption on the back-pressure 
face, then it is to be expected that the loss in perme- 
ability at any temperature will be determined by the 
time the filter spent at the highest temperature in the 
presence of the contaminant. However, surface traps 
may be emptied by a large increase in temperature 
through desorption or decomposition of the contam- 
inant. It is not known what fraction of clean surface 
in what physical condition is necessary to keep up 
with the diffusion transport of hydrogen through 
palladium of given thickness at given temperature. 

It is evident that the sensitivity to surface contami- 
nation as it affects the pressure dependence or per- 
meability can be reduced by working with thick pal- 
ladium filters. 

Barrier’ reported that the time-lag method yields 
values of D of the right order of magnitude even 
though contamination causes P to be low by a factor 
of 10°. However, it was found in this investigation 
that contamination led to deviations in the calculated 
values of D before P was seriously affected. At low 
degrees of contamination the surface reaction may 
only be rate determining when the concentration 
gradient controlling diffusion is large. This is re- 
flected in an increase in time lag*. When the steady- 
state condition, from which the permeability is ob- 
tained, is established, diffusion may be the slow 
process again. At higher degrees of contamination 
the permeability P decreases and D becomes rela- 
tively insensitive to the degree of poisoning. 

B) Permeability Loss with Decreasing Tempera- 
ture—The low-temperature permeability loss was 
described earlier”® with suggested precautions for 
avoiding it in practical applications. Therefore, 
only a brief discussion is given here. 

When repeated permeability measurements were 
made in small temperature steps below 200°C it was 
observed that the permeability remained constant 
with respect to time of holding at each temperature 
until the temperature reached 155 + 2°C at 1 atm ap- 
plied pressure. At this temperature or below the 


| 
O 40 120 160 200 290 280 320 
TIME (HOURS) 
° 


Fig. 4—Permeability as a function of temperature. 
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permeability slowly decreased with time as shown in 
Fig. 4, eventually becoming too small to measure. 
The value could not have been greater than 107° of 
the initial value. The permeability recovered slowly » 
by evacuation or heating in hydrogen at temperatures 
near 200°C. 

The pressure and temperature conditions for loss 
in permeability correspond so closely to those ob- 
served for the formation of the intermediate 8 
phase!‘ Pd-H that this is considered to be the 
cause of the permeability change. Although the 8 
phase was not located, it was assumed that it formed 
a layer on the fore-pressure face which grew inward, 
maintaining a plane interface with the @ phase. 
Smith and Barrett** observed such behavior when 
palladium was electrolytically charged with hydrogen 
on one face. 

The mechanism by which the 6 phase decreases the 
permeability is obscure. Even though beta has the 
same structure, fcc, as the @ solid solution, a larger 
lattice parameter, and contains more hydrogen, 
Duhm” claimed that the hydrogen just necessary to 


stabilize the 6 phase, Pd Hog, is not mobile. Only 
excess hydrogen above the minimum value was found 
to have mobility. Schuldiner and Hoare” confirmed 
that diffusivity varies with concentration in the beta 
phase. 

Once an a-f boundary is established the position 

nae 
is the same at the interface in each phase. If hydro- 
gen diffusion is too slow in f to keep up with a, and 
if there are no slow steps at the interfaces, B should 
decrease in thickness until it passes hydrogen as 
fast as a. In order to permit a thousandfold de- 
crease in permeability the concentration gradient 
through the remaining @ phase must nearly vanish. 
Consequently @ and 6 cannot be in equilibrium 
across their common interface; that is, the a-£8 in- 
terface must be the locus of a slow transport step of 
unknown nature. 

Wagner” suggested that hydrogen should be able to 
equilibrate readily in the a-§ transformation while 
palladium should do so only with considerable diffi- 
culty. The hysteresis observed in equilibrium ex- 
periments was attributed to the metastability in- 
herent in the transformation. This phenomenon could 
explain in part the hysteresis observed here on cycl- 


can be stationary only if the hydrogen flow, 


Fig. 5—Photograph of a blistered palladium filter. 
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ing the temperature, with higher permeabilities re- 
corded on cooling through the transition range than 
on reheating. However, it cannot account for the 
isothermal permeability losses described. 

C) Mechanical Stability— Fig. 5 shows the surface 
of a specimen subjected to numerous cycles—poison- 
ing, oxidation, reduction. Blistering was observed 
only in this case. Other samples treated in similar 
fashion showed only small scale surface roughening. 
No further study of this phenomenon has been made. 

Filters in service often develop a very distorted 
shape although not subject to external stress; pin- 
holes or cracks may follow. Smith? and others” at- 
tributed changes of this sort to the a-f phase trans- 
formation. Darling® showed that cycling samples in 
1 atm of hydrogen between 100° and 250°C produced 
distortion and blistering. 

D) Solubilities and Diffusivities—Taking only time- 
lag experiments in which permeability was propor- 
tional to the square root of pressure, solubilities and 
diffusivities were calculated. Solubilities of 2.36 and 
1.65 at. pct were found for 231° and 334°C. These 
compare with 2.31 to 2.48 at 200°C, 1.56 to 1.60 at 
300 °C, and 1.19 to 1.23 at 400°C reported by earlier 
investigators (see Davis’ for a summary). 


D = 1.3 X *Gm?/sec. [9] 


These results are about an order of magnitude lower 
than previous measurements by similar methods. 
However, the nuclear magnetic resonance results of 
Torrey et al. (unpublished) extrapolate to intersect 
these results.* Eq. 9 extrapolates to intersect the 


*Torrey and Kohane find D = 3.0 x 1074e—559°/RT sq om per sec. 
Because of a restricted temperature range Prof. Torrey believes the 
activation energy might be in error by as much as 10 pct. Applying our 
activation energy to NMR data he calculates D, = 1.1 x 10-* sq cm per 
sec. in excellent agreement with our value. However, the NMR measure- 
ments were believed to have been made on B Pd-H. 


NMR results of Norberg.” It is evident that further 
study is necessary to establish the correct values 
from this astonishing variety. 
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Experiments have been carried out to study the effect of an 
applied stress on strain aging in steel. It was found that the stress- 
induced strain aging reaction proceeds rapidly in the temperature 
range of 0° to 60°C. The variation of stress-induced strain aging 


activation energy for the stress-induced strain aging was found to 


with plastic strain, aging time, and temperatures is reported. The J. O. Brittain 


be 10,000 cal per mol for the steel used in this investigation. Sl 


VARIOUS observations!~® have been made of the in- 
fluence of an applied stress upon the yielding of iron 
and steel. However, there have been only cursory 
studies of the effect of an applied tensile stress upon 
strain aging in iron and steel.”* The following rep- 
resents the results of a preliminary study of strain 
aging as influenced by the application of an external 
tensile load during the aging process. 
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For the most part, previous experimental work on 
strain aging can be classified into two parts. First, 
the experimental technique involved a direct deter- 
mination of mechanical properties of a suitable 
specimen that has been plastically deformed to a 
constant strain and aged generally at a temperature 
of the order of 200°C, with the aging times varying 
from about 1/10 to 2 hr.°~® The second classifica- 
tion of strain aging experiments involves an indirect 
determination of strain aging by means of physical 
property such as electrical resistivity or internal 
friction as a function of the aging time at a constant 
temperature and strain.°-” The latter results have 
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Fig. 1(2)—Load extension curve showing stress-induced 
strain aging. 


been used to follow the kinetics of the strain aging 
reaction. Thomas and Leak” have compared the 
kinetics of strain aging as determined by the rate of 
return of the yield point and internal friction. It was 
concluded that a comparison of the data for strain 
aging rates obtained by the two techniques is justi- 
fied. In general, the results of these experiments 
have confirmed the theory that Cottrell locking ** is 
the basis of the strain aging and the interstitial dif- 
fusion of carbon and/or nitrogen is the rate control- 
ling process. It should be noted, however, that in 
general these techniques are not capable of following 
the first stages of the strain aging reaction. 

The present investigation is an outgrowth of an ob- 
servation’”*® that the load extension curve of iron 
and steel could be influenced by momentary interrup- 
tion of the loading of a specimen. Specifically, if the 
loading cycle of a specimen deforming plastically un- 
der monotonic loading conditions was interrupted for 
a short period of time, then upon continuing the load- 
ing cycle the specimen deformed discontinuously be- 
fore returning to the original load-extension curve. 
The experimental work in this report is concerned 
with a study of the variation of strain aging with 
stress, strain, time, and temperature, 7.e.: 


Ao 
where 
o, = tensile stress applied during the aging process 
€p = plastic strain 
t = aging time 
T = aging temperature 
0, = flow stress where load was interrupted, 
Fig. 1(0) 
Oy = yield point after aging, Fig. 1(0) 
Ag= o,- of 


The strain aging parameter Ao/a; = oy— a//oF is 
Similar to that employed by Low and Schwartzbart’ 
but differs by a factor of unity from the parameter 
o,/0, used by others,“ 

It should be noted that the magnitude of the upper 
yield point is dependent upon specimen geometry and 
alignment, grain size, temperature, strain rate, and 
composition, and generally is not a good quantitative 
measure of strain aging. However, the technique 
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Fig. 1(4)—Portion of load extension curve stress-in- 
duced strain aging. 


employed here has the advantage of first achieving a 
good initial alignment of the specimen that is further 
improved by plastic deformation before the strain 
aging measurements commenced. Inasmuch as the 
specimen is not unloaded between measurements the 
alignment remains unaffected by the aging treatment. 
The yield point measurements are, therefore, a use- 
ful quantitative measure of the rate of strain aging 
under the conditions of constant temperature, com- 
position, grain size, and essentially constant strain 
rate as employed in the work reported here. 


EXPERIMENTAL PROCEDURE 


The tests performed in this investigation were 
carried out on specimens of an AISI 1018 steel. 
(0.19C, 0.89 Mn, 0.05Si, 0.018 P, 0.03558, 0.07Cu, 
0.002 N) which were treated as follows. Tensile 
specimens with a reduced section of 0.1 by 1.25 
in. were machined from 3/16 rounds. Specimens 
were heat treated for 1/2 hr at 930°C followed by a 
wet-hydrogen treatment of 72 hr at 720°C. This 
treatment was sufficient to remove the strain aging 
characteristic of the material but a very small yield 
point persisted. The decarburized specimens were 
recarburized to 0.01 + 0.002 C by holding for 20 min 
in a n-heptane-hydrogen atmosphere at 720°C. The 
carburized specimens were held for 1 hr at 720°C in 
a dry atmosphere and cooled by lowering them into 
the end of the reaction tube which protruded from the 
furnace. The heat treatment resulted in an ASTM 
grain size of 6 to 7 and a lower yield stress of 25,000 
+ 2000 psi. 

Mechanical tests were performed in an Instron 
testing machine at a constant head motion of 0.005 
in per min at the aging temperatures. Specimens 
were preloaded to about 75 pct of the lower yield 
point and aligned through self-aligning grips by 
superimposing a slight vibrating motion to the sys- 
tem. The specimens were loaded monotonically until 
homogeneous flow was initiated and then the loading 
was interrupted to age the specimens. The relaxa- 
tion process was such that the load approached its 
final value in about 5 sec, so that for all practical 
purposes, aging was carried out at the lower load 
indicated on the load-extension chart. Following the 
aging treatment the specimen was reloaded, the time 
to reach the load at which the test had been inter- 
rupted was again approximately 5 sec. This pro- 
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cedure of interrupting the loading cycle and aging un- 
der stress was repeated periodically through the 
test. The extension increment between the aging 
treatments was at least that extension required to 
reinitiate homogeneous flow. Fig. 1(a@), indicates a 
typical load extension curve resulting from such an 
interrupted loading, aging, and reloading procedure. 
Strain aging was carried out at 19, 28, 38, 49, and 
60° 4 1°C for aging times of 5, 10, 15, 25,50, 100, and 
300 sec. One specimen was also tested at 0°C. Aging 
time is here defined as the time between the inter- 
ruption of the loading cycle and start of the reloading 
cycle. The stress and plastic strain data reported 
here were obtained from load-head movement charts. 


EXPERIMENTAL RESULTS 


In order to ascertain the effectiveness of the wet- 
hydrogen treatment in removing carbon and nitrogen 
a number of specimens were tested after treating in 
wet-hydrogen. Fig. 2 is a comparison of the stress 
induced strain aging characteristics of a specimen 


Extension 


tested in the as wet-hydrogen condition (72 hr - 
720°C) for aging periods up to 3 hr at 60°C, as com- 
pared to the strain aging of a carburized specimen 
aged for periods of 5 and 10 sec at 60°C. There is no 
question concerning the effectiveness of the wet-hy- 
drogen treatment in eliminating the strain aging re- 
action. 

The experimental observations have been analyzed 
in terms of the upper yield point, the lower yield 
point, and the lower yield-point elongation that result 
from stress-induced strain aging treatment. Inas- 
much as the results of the analysis of the three 
parameters were similar and since the precision of 
the upper yield-point data is somewhat better than 
the two other parameters, only the results of the 
analyses of the upper yield point are presented in 
this paper. 


EFFECT OF PLASTIC STRAIN 


The variation of stress-induced strain aging as a 
function of plastic strain, time and temperature is 
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Fig. 3—Strain aging at 19°C vs plastic 
strain. 
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Fig. 4—Strain aging at 49°C vs plastic 
strain. 
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indicated in Figs. 3 and 4. In all cases, within the 
experimental error, the strain aging under conditions 
of stress-relaxation is a linear decreasing function 
of the plastic strain where the plastic strains are 
within the region of uniform deformation, 7.é., prior 
to plastic instability. Additional data, not shown 
here, clearly demonstrates that the capacity of steel 
to strain age continues well into the region of plastic 
instability. Least-square lines have been drawn 
through the experimental points and the subsequent 
analysis of the strain aging reaction is based upon 
these lines. 


it 
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Fig. 5—Strain aging vs aging time. 
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EFFECT OF AGING TIME 


The variation of strain aging with time fits a curve 
of the form t” where n is usually reported to be 2/3. 
However, the data shown in Fig. 5 indicates a linear 
function for strain aging. The difference in the time 
law may be due to the early stage of the reaction fol- 
lowed in this work in that the data reported here was 
obtained in times generally less than that used to at- 
tain thermal equilibrium in internal friction and re- 
sistivity measurements. Similar results are obtained 
for data treated at plastic strains of 0.08 and 0.12. 
Additional work will be undertaken to follow the 
kinetics of the reaction from shorted times to times 
substantially greater than 300 sec. 


EFFECT OF AGING TEMPERATURE 


The effect of temperature on stress-induced strain 
aging is summarized by the isochronal lines of Fig. 6 
for strain aging at a plastic strain of 0.04. Similar 
plots are obtained for data treated at strains of 0.08 
and 0.12. There are two significant features to be 
noted in Fig. 6. First, the extremely rapid rate of 
stress aging at the higher temperature. Second, the 
data indicates that stress-induced strain aging in this 
steel would be observed at temperature down to about 
—10°C. This latter observation and, in fact, all ob- 
servations herein reported, are contrary to the 
view™ that strain aging due to carbon has not been 
observed below 100°C. With steel containing nitrogen 
as the interacting solute element, it is anticipated 
that stress-induced strain aging would be observed 
at temperatures appreciably below — 10°C. 


DETERMINATION OF THE ACTIVATION ENERGY 


With the present data and analysis of strain aging 
at a constant plastic strain, the strain aging can be 
treated as having been carried out under an essenti- 
ally constant stress. The stress level for aging at 
the 0.04 plastic strain was constant within about 5 pct 
of 32,000 psi at all temperatures investigated. 

Treating the data as a constant-stress aging re- 
action it is possible to obtain an activation energy 
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Fig. 6—Strain aging vs aging tempera- 
ture. 


for the aging by plotting the logarithm of the rate of 
strain aging (at a plastic strain of 0.04) vs 1/T, 
Fig. 7. Since the exponent v for the time law was 
found to be equal to one, the rate of strain aging is 
actually the slope of the least-square lines of Fig. 5. 
The least-square line of the data plotted in Fig. 7 
results in an activation energy for the stress-in- 
duced strain aging reaction of about 10,000 cal per 
mol,_A similar analysis of data treated at plastic 
strains of 0.08 and 0.12 resulted in activation ener- 
gies of 9400, and 8500 cal per mol. 


DISCUSSION 


The technique of using yield-point measurement 
and internal friction measurement to follow the 
kinetics of strain aging is complementary in that 
the yield-point measurement can be considered as 
showing the rate of arrival of solute atoms at dis- 
locations whereas internal friction measurement 
gives the rate of removal of solute atoms from solu- 
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Fig. 7—Rate of strain aging vs 1/T. 
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tion.”° Thus the effect of an applied stress upon 
strain aging can be analyzed at least for this pur- 
pose of indicating an acceleration or deceleration of 
the reaction by a comparison of the half times for 
strain aging as determined in this investigation and 
Similar work performed elsewhere. 

Table I lists the half times of the strain aging re- 
action from the indicated source together with the 
estimated half time of the stress-induced strain 
aging. The results of a series of investigations’? ”° 
show that a completion of the strain aging reaction 
occurred with an increase of the yield point of about 
20 pct. Thus the estimated half time for the stress- 
induced strain aging in the present work is the time 
for an increase in the yield point of 10 pct. Since the 
rate of strain aging varies with many factors includ- 
ing structure and composition, the increase in rate 
of strain aging under the applied stress indicated in 
Table I leaves something to be desired so far as a 
comparison is concerned. However, there seems to 
be no doubt that the application of a tensile load dur- 
ing strain aging has resulted in an acceleration in 
the rate of strain aging. 

The activation energy of 10,000 cal per mol found 
in this work is of some concern in that previous 
work®’”’"” has generally resulted in a value of about 
20,000 cal per mol for strain aging. It may be that 
the alloy content of the steel has influenced the strain 
aging through a modification of the C-Fe site inter- 
actions as has been proposed in the Fe-C-Si, and 


Table I. Half-Times for Strain Aging 


Strain Tempera- Half-Time 


Property Material Pct ature °C Min Reference 
Internal Friction Puron Fe 10 Sis 90 12 
Internal Friction Fe Wf 49 700 10 
Yield Strength Fe 1 45 70 11 
Vhn Fe 45 45 400 9 
Yield Strength Recarburized 

Wet-H Treated 
Steel 49 5* This work 


*The results of (6,9, 10) show that a saturation of the strain aging 
reaction occurred with an increase in the yield point of about 20 pct. 
This estimated half-time is the time for an increase in yield point of 
about 10 pct. 
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Fe-N-Si and Fe-N-Mn systems, although no 
such effect was found during quench aging in the 
Fe-C-Mn system.” A second possibility is that the 
rate controlling processes in the early stages of 
strain aging is the diffusion of C along dislocations. 
Additional work is planned to clarify this point. 

The results presented above do not provide a basis 
for an unambiguous determination of the role of 
stress in accelerating strain aging. Paxton’ inter- 
preted his results as indicating that the increase in 
the upper yield due to aging under an applied tensile 
load was achieved by minimizing the stress concen- 
trations encountered in the tensile test. This ex- 
planation seems quite unlikely to play any role in the 
measurements obtained in this work since the align- 
ment technique and plastic prestrain would minimize 
the stress concentrations before the aging treatments 


were initiated. The original suggestion* of an in- 
crease in the effectiveness of the carbon atoms in 
anchoring the dislocations in the bowed position has 
been reconsidered by Haasen™ and applied to a simi- - 
lar study of the effect of stress-induced strain aging 
in zinc single crystals. 


CONC LUSIONS 


1) Strain aging in a recarburized steel has been 
shown to be stress, strain, as well as temperature 
and time dependent. 

2) An activation energy of about 10,000 cal per 
mol has been found for stress-induced strain aging. 
3) The source of the increase in rate of strain 
aging under an applied stress has not been deter- 

mined. 
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Preliminary Internal Friction Measurements 


in Chromium 


Low frequency-internal friction measurements on annealed 
chromium have shown a marked increase in damping below ~ 40°C 
which is strongly strain amplitude dependent. An interpretation of 
these results is given in terms of the motion of antiferromagnetic 
domains assumed to exist below ~ 40°C. A time effect on internal 
friction was measured after slight overstraining. After heavy de- 
formation a permanent, five-fold increase in internal friction was 
observed at ~ 45°C and the character of the internal friction vs 
temperature curve markedly changed. Full recovery of damping 
was not attained until after heating to 800°C. A qualitative in- 


terpretation of some of these effects is given. 


Tre aim of this preliminary investigation was to 
study the internal-friction characteristics of chro- 
mium containing comparatively small quantities of 
interstitial solutes in the fully annealed and heavily 
worked condition. 

Marked anomalies in a number of physical proper- 
ties of chromium at temperatures near 40°C have 
been observed’ and an investigation by neutron dif- 
fraction® has shown that chromium at room tem- 
perature is weakly antiferromagnetic with a Néel 
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temperature at approximately 200°C. No irregular- 
ities in the degree of antiferromagnetic ordering 


have been observed at ~ 40°C, the transition tem- 


perature, and a complete explanation of this transi- 
tion in chromium is still awaited. Recently Weiss? 
has suggested that an ordering effect of nitrogen in 
the face-centered interstices of the bcc lattice of 

chromium could be responsible for the superlattice 
detected below 200°C in the neutron diffraction ex- 


periments. 


EXPERIMENTAL MATERIAL AND METHOD 


Specimens 10 by 0.030 in. diam were prepared 


from ingots of arc-melted electro-deposited chro- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


30 


FREQUENCY~ ICPS. 
20 4 
\ 
uJ 
J 
ra) 
Q 
= 
8 
a 
-200 -100 100 200 300 400 500 


TEMPERATURE [°c] 


Fig. 1—Internal friction as a function of temperature 
(specimen annealed 1150°C). 


Table I. Analysis of Chromium* 


Element Percent by Weight 

Mg <0.0002 

Pb 0.0002 

Si <0.0005 

Al 0.0005 

Fe <0.0005 

Cu 0.0002 

Ag 0.0001 

Ti trace 

Cc <0.0005 

O, 0.013 

N 0.0009 

H, <2.0 ml per 100 g 


*All metallic elements determined spectrographically. 


Specimen History 


Arc melted electrolytic chromium ingot (1.5 in. diam.) > extruded bar 
(0.5 in. diam.) + swaged rod (0.2 in. diam.) > wire drawn to 0.030 in. 
diam. starting at 300°C, final 3 pct reduction at 150°C. Total reduction 
in area, 98 pct. 


mium by extruding, hot swaging and then wire 
drawing at 300°C. Details of impurity content and 
processing are given in Table I. 

The apparatus used for the measurement of in- 
ternal friction was similar to that described by Ké,* 


giving background damping not greater than 7 X 10: %, 


The temperature difference along the specimen dur- 
ing measurements was not greater than 2°C for all 
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Fig. 2—Internal friction as a function of strain amplitude 
(specimen annealed 1150°C). 


temperatures. Heating to 800°C was done in situ in 
an atmosphere of helium while high-temperature an- 
nealing at 1150°C was done externally in vacuo. All 
Specimens were slowly cooled after annealing. After 
treatment at 1150°C for 2 hr the grain size of the 
specimen was 1X 10°* to 5X 10°*mm and transmis- 
sion X-ray examination of the center of the wire 
revealed a weak {110} texture. 


RESULTS 


i) Effect of Temperature and Strain Amplitude— 
Internal-friction measurements made at a frequency 
of 1 cycle per sec on an annealed (1150°C) specimen 
are shown in Fig. 1. Below 37°C a marked increase 
in logarithmic decrement occurs and measurements 
below this temperature were observed to be mark- 
edly strain amplitude dependent at shear strains of 
the order of 107°. Similar measurements* made in an 


*We are indebted to Dr. D. R. Miller of Melbourne University for these 
results. 


evacuated apparatus with a background damping an 
order of magnitude lower than in the above tests did 
not indicate the presence of a possible damping peak 
above 37°C that may have failed to show in the above 
tests. 

Further tests made to determine the magnitude 
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Fig. 4—Decay of internal friction induced by overstraining 
to 8.6 X 10-5 in oscillating torsion for 2 min. (Log. dec. 
values before test marked at zero time; specimen annealed 
1150°C). 
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‘Fig. 5—Decay of internal friction after various times of 
overstraining to 8.6 x 1075 in oscillating torsion. (Specimen 
annealed 1150°C). 


ofthe strain amplitude dependence in the range 

0.4 x 107° to 8.6 x 107° at various temperatures 
spanning the transition temperature of ~ 40°C are 
shown in Fig. 2. Damping was not completely inde- 
pendent of strain within the measured range until the 
temperature was raised to the region 100° to 200°C. 
The percentage increase in logarithmic decrement 
on increasing the strain amplitude from 0.4 x 107° 
to 8.6 X 107° is plotted as a function of temperature 

ii) Time-Effect after Overstraining— The effects 
of overstraining the annealed specimen in oscillating 
torsion at 8.6 X 10°° for short periods was to induce 
a higher value of internal friction if the specimen 
was retested quickly at low strain amplitude e.g. 

1.3 X 107° and the decay of this increase is shown in 
Fig. 4. Similar measurements but after longer times 
at the higher strain amplitude (8.6 x 10°*) are shown 
in Fig. 5 and indicate an increase in the above effect. 

iii) Effect of Heavy Plastic Deformation— The 

measurements of internal friction made on a speci- 
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Fig. 7—Effect of heating on internal friction of plastically 
deformed chromium. (Continued from Fig. 6). 
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Fig. 6—Effect of heating on internal friction of plastically 
deformed chromium. (Measurements above room tem- 
perature made on heating). 


men reduced in area by 97 pct is shown in Fig. 6 
(top curve). At the transition temperature an ar- 
rest and change in slope of the curve was observed 
and below ~ 10°C the logarithmic decrement meas- 
urements showed hysteresis. The strain amplitude 
dependence at 0° and 20°C is shown in Fig. 8. After 
overstraining to 8.6 X10~° no time-effect was ob- 
served. 

iv) Effect of Annealing the Deformed Specimen— 
The temperature dependence of internal friction both 
before and after heating to various temperatures up 
to 800°C is shown in Figs. 6, 7, and 9. These results 
showed that the values of internal friction measured 
at room temperature passed through a minimum and 
a maximum value before full recovery to the value 
for the annealed (1150°C) condition was reached. A 
feature of all these curves was that the value of in- 
ternal friction was invarient with testing tempera- 
ture in the vicinity of 45°C and this temperature was 
selected as a reference point where the effect of the 
annealing temperature on internal friction could be 
plotted. See Fig. 10. 
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Fig. 8—Effect of strain amplitude on plastically deformed 
chromium. 
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Fig. 9—Effect of heating on internal friction of plastically 
deformed chromium (measurements made on heating). 


The damping after short times at the higher tem- 
peratures was extremely high e.g. 0.72 at 800°C, 
some 700 times greater than the room-temperature 
value (see Fig. 9) but decreased with longer times 
at temperature. It was also observed that small 
amounts of permanent deformation could be induced 
by strains of 10° simply in making the measurement 
of internal friction indicating strain amplitude de- 
pendence and almost complete absence of an elastic 
stress range. This effect disappeared with increas- 
ing time at high temperatures. 

The strain amplitude dependence at various tem- 
peratures after heating to 800°C for approximately 
10 min, Fig. 11, showed amplitude independence 
above 50°C and no time effect after overstraining to 
8.6X10-°. The overall increase in internal friction 
at 100°C is consistent with the temperature depend- 
ence of damping above 50°C, shown in Fig. 6. 


DISCUSSION 


The transition at ~ 40°C in chromium could be ex- 
plained on the basis of antiferromagnetism deduced 
from the neutron diffraction measurements, if the 
Néel temperature were at 40°C and not 200°C. Weiss 
has questioned the antiferromagnetic interpretation 
and suggested that the superlattice detected could be 
explained if an ordering of nitrogen occurred within 
the chromium lattice but the nitrogen content of his 
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Fig. 10—Internal friction measured at 45°C as a function 
of annealing temperature on plastically deformed chromium. 


sample conflicted with this interpretation. That 
nitrogen is fundamental to the transition is apparent 
from the absence of a break at 32.5°C in preliminary 
measurements of the temperature coefficient of 
lattice parameter when the nitrogen is reduced from 
190 ppm® to 3 ppm.° However, the absence of hys- 
teresis in internal friction and in other physical 
measurements in both the annealed and heavily 
worked conditions at the transition temperature and 
the very similar resistivity vs temperature curves ~* 
observed in the 40°C region after a) slow cooling 
and b) very rapid quenching from 1000°C to —70°C’ 
seem to preclude an ordered arrangement of nitrogen 
in chromium as the reason for the transition, but 
rather to imply an electronic change involving nitro- 
gen and chromium. To reconcile the above points 

it seems reasonable to suppose that nitrogen may 
act as an intermediary in an antiferromagnetic 
ordering process within the chromium lattice. 

The internal-friction measurements showing the 
marked amplitude dependence below 40°C, Figs. 2 
and 3, suggest that damping in the fully annealed 
condition arises from static hysteresis® and because 
of the temperature correspondence of this change 
with anomalies in other physical properties it seems 
unlikely that static hysteresis, if operating, could 
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Fig. 11—Internal friction as a function of strain amplitude 
on plastically deformed chromium after heating to 800°C. 
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result from structure sensitive effects e.g. the 
movement of dislocation loops. 

A well known source of amplitude dependent 
internal friction is the magneto-mechanical effect. 
Bozorth® has proposed a domain structure for anti- 
ferromagnetics composed of zones of opposed spin 
alignment along certain crystallographic directions. 
These domains have a net moment of zero, are not 
redirected by an external field and manifest in- 
herently low magnetic susceptibilities. However, 
through the magnetostriction effect these domains 
may be brought into alignment by a stress.” On 
this basis the marked increase in damping meas- 
ured below 40°C, Fig. 1, would correspond to a 
region where a domain structure becomes effective. 

The results in Figs. 2 and 3 showing the small 
but definite strain amplitude dependence at 50°C 
and 100°C but not at 200°C appear to be consistent 
with a Néel temperature of 200°C* but the difficulty 


*Measurements of magnetic susceptibility’ and electrical resistiv- 
ity’”” have not shown the expected discontinuity at 200°C. 


remains in attempting to explain why the onset of 
marked amplitude dependence should be at ~ 40°C 
and not 200°C. A possible reason for this disparity 
could be that the anomaly at ~ 40°C is basically 
connected with the onset of a domain structure which 
largely disappears above 40°C although spin align- 
ment persists up to 200°C. 

_ Damping due to magneto-elastic static hysteresis 
is high at low frequencies but disappears at high 
frequencies where insufficient time is available for 
appreciable domain wall movement to occur. Damp- 
ing losses due to this mechanism in chromium below 
~ 40°C would therefore not be expected in measure- 
ments made at high frequencies and this has been 
observed by Fine ef al.’* in internal-friction meas- 

urements on electro-formed chromium at resonant 
frequencies. Their results between —150° and 170°C 
showed a sharp peak at 37°C but no increase in 
logarithmic decrement below 37°C. The peak at 37°C 
corresponds with the precipitous drop in the dynamic 
modulus**** and evidently is related to the onset of a 
deviation in electronic structure inferred from elec- 
trical resistivity measurements” at this tempera- 
ture. Measurement of the Hall coefficient of chro- 
mium”* has indicated a positive value with a steep 
slope in the curve in the vicinity of 37°C. 


i) Time Effect in Annealed Chromium— The ab- 
sence of a damping peak in annealed chromium, if 
due to nitrogen, is not unexpected since room tem- 
perature equilibrium solubility estimated from the 
Caplan et al.” expression is almost negligible, viz. 
10 ** wt pet N and after slow cooling from 1150°C, 
almost all of the nitrogen would be ejected from 
solution and immobilized. By nitriding and quenching 
from 1000°C to retain nitrogen in excess ot the equi- 
librium value, Bungardt and Preisendanz”™ were able 
to measure an internal-friction peak at 180°C at 1 
cps. It is interesting to note that in the present ma- 
terial containing 0.0009 wt pct of N, marked strain 
aging and yield point effects*® were present. 

The origin of the time effect, Figs. 4 and 5, is not 
clear. Magnetic and elastic after-effects observed 
in ferromagnetics are associated with interstitial 
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impurities and connected through magnetostriction, 
the activation energy for both processes being that 
for diffusion of the particular impurity. However, 
given the possibility that some interstitial could be 
made available to the chromium lattice at high strain 
amplitudes—possibly from the loosely bound solute in 
the peripheral regions of the dislocation strain fields 
—to participate in an effect similar to that in ferro- 
magnetics, the data of Bungardt and Preisendanz™® 
indicate that a diffusion controlled process involving 
nitrogen, would be many orders of magnitude greater 
than the time effect measured. Hydrogen (~ 1 ppm) 
would be a possible alternative because of the ex- 
pected higher diffusion rate. At present the origin 

of the ‘‘kinks’’ in these decay curves remains equally 
obscure. 

ii) Effect of Deformation on Internal Friction— 
The salient features of the internal-friction meas- 
urements made on heavily deformed chromium in 
relation to those of the fully annealed material are 
a) a five-fold increase in internal friction (at 45°C) 
b) the strong temperature dependence of internal 
friction increasing with increasing temperature c) 
the arrest and change in slope of the internal fric- 
tion vs temperature curve at 45°C d) strain ampli- 
tude dependence at strains > 2 x 107° and the ab- 
sence of a time effect e) the hysteresis loop below 

Of these results a) and b) are very similar to the 
measurements of Ké” made on 95 pct cold-reduced, 
high-purity Al, and damping in this condition is at- 
tributed by Nowick,® following Ké and Zener™ to the 
viscous (anelastic) behavior of interlocking disloca- 
tions which are present in high concentrations in 
distorted bands surrounding crystallites. The marked 
temperature dependence, five-fold increase in in- 
ternal friction at 45°C and amplitude independence at 
relatively low strains does not appear to be incon- 
sistent with the interpretation of damping having its 
origin in a mechanism of this type. 

The arrest at ~45°C and change in slope in the 
internal friction vs temperature curve of the de- 
formed specimen below this temperature (top curve 
Fig. 6) is evidently a consequence of the deviation 
in electronic structure. A change of slope with 
temperature at a Somewhat lower temperature has 
been reported in the lattice parameter of annealed 
chromium containing 190 ppm N°, and in the elastic 
modulus of chromium containing higher nitrogen.’??4 

iii) Effect of Annealing on Internal Friction— The 
difficulties of separating out the respective roles of 
point defects and dislocations in room-temperature 
internal-friction measurements during the early 
stages of recovery have been discussed by Nowick”” 
and in view of the lack of complementary data no 
attempt will be made to interpret the initial drop in 
internal friction between 45° and 300°C in Fig. 10. It 
should, however, be noted that similar results have 
been reported on 99 pct cold-reduced pure Ag”* and 
some indication of a minimum is observed in com- 
merical aluminum (2S) material.”° 

With respect to the minimum at about 300°C in 
Fig. 10 a study of the sharpening of X-ray lines and 
metallographic observations™ has shown that the 
start of recrystallization occurs at 300° to 350°C 
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and it Seems not unreasonable to relate the minimum 
in Fig. 10 to the early stages of recrystallization, a 
state where most of the lattice strains and distortion 
will have been removed.” 

The increase in logarithmic decrement on heating 
above 350°C could then be related to an increase in 
the distance moved by the oscillating dislocation 
loops since the mutual interaction of dislocations 
will diminish as recrystallization and grain growth 
progresses. After heating to higher temperatures a 
reduction in dislocation density will surely occur 
and increase the ratio of impurity atoms to the num- 
ber of dislocations present. At some point in this 
annealing process, effective pinning of potential dis- 
location loops for the particular experimental con- 
ditions will occur and subsequent to this a decrease 
in internal friction is to be expected as the length of 
operative segments becomes smaller. 


SUMMARY 


1) Chromium metal shows a marked increase in 
logarithmic decrement below ~ 40°C. Values below 
this temperature are markedly strain amplitude de- 
pendent and complete independence of amplitude is 
not attained until 100° to 200°C. The existence of 
antiferromagnetic domains is invoked to interpret 
these facts. 

2) In the fully annealed condition a time-effect of 
unknown origin was measured after slight over- 
straining. 

3) Heavy deformation of chromium produces a 
five-fold increase in internal friction measured at 
45°C and markedly changes the character of the 
internal friction vs temperature curve. Internal 


friction measured at 45°C vs annealing temperature 
passes through a minimum at 300° to 350°C anda 
maximum at 500° to 600°C before full recovery at 
800°C occurs. A qualitative interpretation of some 
of these results is given. 
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Further Studies of GPI Zone Formation in 


Al-2 At. Pct Cu 


From variation in Young’s modulus and Vicker’s hardness 
during GPI zone formation in Al-2 at. pct Cu the following was 
observed: 1) the presence of grain boundaries does not have any 
perceptible effect on the aging reaction; 2) the modulus change is 
orientation dependent; 3) the activation energy for zone growth is 


confirmed to be 11 + 1 kcal per mole; 4) reaging after reversion 


C. Chiou 


is preceded by an incubation time that varies with temperature. 


An analysis is applied to the present data and to data of other 


H. Herman 


workers and kinetic laws dependent on the quenching rate are de- 


termined. 
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In Al-base Cu alloys the decomposition product of a 
supersaturated solid solution at low temperatures 
(for example 25°C) and the first product at moderate 
temperatures (for example 150°C) are Guinier- 
Preston zones of the first kind (GPI).* These zones 
are nonideal and are thought to consist roughly of 
sheets of Cu atoms up to 150A in diam and one or two 
atoms thick.! The kinetics of the reaction, Qs; — @; 
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+ GPI (ass refers to the supersaturated solid solu- 
tion and a; to the solid solution in meta-stable equi- 
librium with GPI) has been followed by measurement 
of electrical resistivity,” evolution of heat,” hard- 
ness,° and the dynamic Young’s modulus.* 

Immediately after quenching from the solution 
temperature the reaction proceeds at the maximum 
rate; the rate decreases with elapsed time. The re- 
action is approximately half-completed in a short 
time, 3 hr at room temperature.* Because of the 
long exposures involved, X-ray diffraction has not 
been suitable for studying kinetics. Furthermore, 
small zones cannot be detected by the small-angle 
scattering techniques which have usually been used.° 
The resistivity data is difficult to interpret since 
the resistivity first increases on zone formation and 
then decreases.® The resistivity at 1000 hr of 
elapsed time is roughly the same as the value a few 
minutes after quenching.°® Hardness is a destructive 
test; making the indentation increases the rate of 
aging. 

To date the best kinetic data for aging times 1/4 
hr and longer has been obtained using heat evolu- 
tion? and dynamic Young’s modulus.* For times less 
than 1/4 hr it has not been possible to use these 
properties; only electrical resistivity data is avail- 
able. 

Currently, quenched-in vacancies are thought to be 
responsible for the rapid kinetics of zone formation; 
the activation energy of 10 to 12 kcal/mole is at- 
tributed to motion of vacancies. The transmission 
electron-micrographic studies of Nicholson and 
Nutting’ appear to rule out any important role for 
dislocations in the growth process. 

The present investigation reports the effects of 
varying the solution treating procedure and hence 
the concentration of quenched-in vacancies on the 
growth kinetics of GPI. Further, while previous 
studies of kinetics have dealt exclusively with poly- 
crystalline specimens, single-crystal specimens 
were uSed in the present study. 

The major property measured was the dynamic 
Young’s modulus; this was chosen because of the 
high precision possible and because it varies 
monotonically with time.* Vicker’s hardness 
(1000 g load) was also investigated. 


Fig. 1—Orientations of single crystals. Indicated in the 
case of rod specimens (SE1, SE2 and SE3) are the longi- 
tudinal axes and in the case of sheets (SH1 and SH2) for 
hardness measurements are the directions normal to the 
surfaces of the sheets. : 
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EXPERIMENTAL PROCEDURE 


The dynamic method of measurement of Young’s 
modulus has been previously described.* It em- 
ploys longitudinal vibrations excited and detected 
electrostatically. The specimens.were rods 1 1/4 
to 1 1/2 in. long. The cross-sectional dimensions 
are given in the legend for Fig. 5. As aging pro- 
ceeds the specimen’s fundamental natural frequency 
of longitudinal vibration (resonant frequency) in- 
creases. The fractional change in resonant fre- 
quency (AF/F) is related to the fractional change 
in Young’s modulus (AM/M) 


AM _ 9 AF 

The fractional change in length is negligible.® All 
resonant frequencies reported herein were cor- 
rected for variations in ambient temperature (4 1°C). 

The single crystals were prepared by the strain 
anneal method as follows: The forged rods were 
rolled to a thickness of 1/8 in. and specimens 3 in. 
long were cut. These were converted to single crys- 
tals by annealing for 5 min at 550°C, straining 1 pct 
in tension, and lowering, at a rate of about 1 cm per 
hr, into a 560°C salt pot furnace (Houghton’s 430 
Temper Salt was used). The specimens were held 
in the furnace for about 12 hr, then removed, care- 
fully cut, ground, and finally etched. The orientations 
of the single crystals used, determined by the back- 
reflection Laue method, are shown in Fig. 1. 

Solution treating was accomplished in two ways: 

a) quenching from above the solvus temperature, and 
b) reversion. Formation of GPI after a) will be re- 
ferred to as direct aging and after b) as reaging after 
reversion. 

The high-temperature solution heat treatments 
were carried out with the specimen in a Pyrex am- 
pule evacuated to about 10° mm of Hg. A vacuum of 
this quality is required to give bright annealing; the 
surface of the specimen became black if the pres- 
sure was appreciably higher than this, indicating 
that at low partial pressures of O, the oxide film 
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aging at 28°C. Specimen SE1. The solution treatments 
and quenches are as follows: A) 15 hr at 515°C and 
water quenched; B) 2 hr at 515°C and water quenched; 
C) 2 hr at 550°C and water quenched; D) 2 hr at 515°C 
and oil quenched. 
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is not as protective as at atmospheric pressure 
(the specimen does not become black if heated in 
air). The solution treatments were 2 hr. Fig. 2 
indicates that 2 hr was sufficient, since the aging 
curves for 2 hr and 15 hr are essentially identical 
(compare curves A and B). 

The variables investigated for direct aging were 
solution temperature (515° and 550°C) and quenching 
Speed (oil and water quenching). Quenching speeds 
were measured using a thermocouple inserted in a 
hole in a dummy specimen. For this purpose the 
ampules were not evacuated. The electromotive 
force from the Chromel-Alumel thermocouple was 
measured as a function of time using a Tektronix 
cathode-ray oscilloscope (type 545) and photographic 
recording. Fig. 3 shows the relative electromo- 
tive force vs time for oil and water quenching. In 
each case the quenching medium was at 25°C. Oil 
gave an average quenching rate of 25°C per sec and 
water 2000°C per sec. 

Reversion was accomplished by heating a specimen 
previously directly aged 4 or 5 days at room tem- 
perature (26 + 2°C) for 6 min at 205°C. The latter 
temperature was obtained with a bath of boiling 
benzyl alcohol. During reversion all of the GPI is 
thought to dissolve.®® 


EXPERIMENTAL RESULTS 


Direct Aging— The variation of resonant frequency 
on direct aging after quenching from 515°C into 25°C 
water is shown in Fig. 4 for two crystals of different 
orientations, Fig. 1. Over the early part of the ex- 
periment, as observed with polycrystalline speci- 
mens,* the resonant frequency is a linear function of 
the logarithm of aging time. 

The kinetics as measured by the relative change in 
Young’s modulus is not markedly affected by varia- 
tion in grain size over the range indicated in Fig. 5. 
In this figure, x’ =[(F, K)/(F — ] is plotted as a 
function of log;, time for specimens varying in grain 
size from 2 mm to Single crystal. F,, F;, and Fy are, 
respectively, the resonant frequency for time ?¢, for 
0.1 hr, and for the completed reaction. For Fig.5 F; 
and Fy were obtained by extrapolating the F-log,, 
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Fig. 3—Relative electromotive force vs time during 
quenching. (a) Water. (6) Oil. In each case the upper 
temperature is 515°C and the lower 25°C. 10mvis 
approximately 245°C. 


time aging curves. The figure indicates that grain 
boundaries do not appear to have a significant effect 
on the kinetics of formation of zones occurring at 
room temperature. The kinetics are also roughly the 
same for specimens of circular cross section 0.18 
in. diam and rectangular cross section 0.21 by 0.055 
in. 

The magnitude of the change in Young’s modulus 
does vary with the crystallographic direction as seen 
by comparison of the two curves in Fig. 4. The 
change in modulus, AM, for a particular orientation 
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Fig. 5— x’ = - F)/(Fy - F;) vs logy time in hours for 
specimens with different grain diameters, different 
cross-sectional areas, or different orientations during 
direct aging at 28°C after the water quench. Ff; refers 


to 0.1 hr. Average 
/ Grain 
Curve Specimen Diameter 
A(o) PE6 Circular (0.18 in. in diam) 2mm 
B(v) PEF Rectangular (0.210 in. by 0.054 in.) 2mm 
C(+) PEC Rectangular (0.206 in. by 0.054 in.) 8mm 
D(e), SE1 Rectangular (0.216 in. by 0.056 in.) Single 
Crystal 
E(x) SE2 Rectangular (0.217 in. by 0.057 in.) Single 
Crystal 
F(@) PE5 Circular (0.18 in. in diam) 2mm 


is related to the change in elastic constants as fol- 
lows:”° 


A(1/Myww) = A(1/Myigo) = A(1/M’) 
and 1/M!’ = [2 (S,, ) 


%, Y2and y, are the direction cosines between the 
longitudinal axis of the specimen (uwvw) and the three 
principal axes of the crystal and S,,, Siz, and S44 
have the usual meaning.“ During the direct aging 
interval, 1 to 100 hr, AM for [111] varies 0.028 pct, 
AM for [100] varies 0.419 pct, AS,, varies by 0.356 
pet, Siz varies by 1.5 pct and AS,, varies by 0.33 


[2] 


where 
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Fig. 6—Isothermal variation of Vicker’s Pyramid Hardness 

(Vph) during direct aging at room temperature (26 + 2°C) of 

two single crystal specimens, SH1 and SH2. 


A (x) SH2 quenched into 25°C water from 515°C. 
B (A) SH2 quenched into 25°C water from 550°C. 
C (o) SH1 quenched into 25°C water from 515°C. 
D(e) SH1 quenched into 25°C oil from 515°C. 


Reference to Curves A and C of Fig. 6 shows that 
the hardness change during aging is not orientation 
dependent over the range of orientation studied; 
Curve A is for direct aging of specimen SH2 and 
Curve C for SH1, both crystals having received the 
identical treatment. 

In Fig. 2 the fractional change in resonant fre- 
quency (F, — F; )/Fyy. for crystal SE1 for a variety 
of treatments is plotted against log,, time. Again 
F; refers to 0.1 hr and was established by extrapo- 
lation. F,,, refers to the mean value of F — that is, 


(F; + F, YV 2. As previously noted, increasing the solu- 
tion eatne time at 515°C from 2 to 15 hr has little 
effect. Increasing the solution temperature to 550°C 
has a greater effect, Curves B and C of Fig. 2. The 
rate of aging at a particular value of time greater 
than 0.1 hr appears to be slightly slower for the 
higher solution temperature. The hardness is some- 
what lower for the higher solution temperature (Fig. 
6, Curves A and B); the two curves are, however, 
roughly parallel. The reduction in hardness from in- 
creasing the solution treating temperature was also 
observed by Bland.* 


A (v) 
B (4) 


Fig. x 104 vs logy) time 


in hours during reaging after reversion of 
Specimen SE1. The reaging temperatures 
were A) 1°C, B) 28°C, C) 42°C, and 

D) 42°C. In Curve E, the specimen after 
the water quenching from 515°C was im- 
mediately heated to 205° C for 6 min and 
then aged. Curve F shows data for direct 
aging of the same sample and is identical 
with Curve B of Fig. 2. 
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As previously reported,” ® the aging kinetics is 
markedly influenced by the quenching speed. Fig. 2 
also includes (D) a 28°C isothermal aging curve for 
specimen SE1 quenched in oil at 25°C. The initial 
rate of aging is slower after oil quenching, but this 
is reversed at later times; the rate of aging is 
greater for oil quenching at longer times. The 
variation in hardness for the two quenches shows 
the same relation (Curves A and D, Fig. 6). In 
this case, however, the final hardness is consider- 
ably less for the oil quench. 

Reaging after Reversion—Formation of zones as 
measured by the change in Young’s modulus or 
hardness occurs much more slowly after reversion 
than during direct aging (compare Curves A, B 
and C with Fin Fig. 7). After reversion there ap- 
pears to be an incubation time before the zones 
begin to form. As shown in Fig. 7, after the incuba- 
tion time the rate of aging increases as the reaging 
temperature is increased from 1° to 42°C. Similar 
behavior was observed in polycrystalline specimens 
(data not shown). Some values of incubation times 
for polycrystalline and single crystal specimens are 
given in Table I. In a repeat run of SE1 at 42°C a 
much more rapid rate of change of modulus was ob- 
served, Curve D in Fig. 7, but even in this case the 
modulus changes much more slowly with time than 
on direct aging at 28°C, a lower temperature (com- 
pare Curve D, Fig. 7 with Curve F). 


DeSorbo ef al.,” reported that interrupting the 
quench at 200°C reduces the aging kinetics at 
room temperature, the reduction being greater as 
the holding temperature is increased. Immediate 
reheating to 205°C for 6 min after quenching also 
reduces the aging kinetics (Curve E of Fig. 7), but 
not nearly as much as the reversion treatment 
where the specimen is age-hardened at room tem- 
perature for 5 days before the 6 min at 205°C 
(Curve B of Fig. 7). Turnbull, Rosenbaum, and 
Treaftis” also have noted that immediately re- 
heating to 200°C after quenching markedly reduces 
the kinetics of zone formation. This treatment does 
not give an incubation time for the subsequent 
aging. 


DISCUSSION 


The rate of zone formation at a particular time 
in a particular experiment is determined by the 
number of growing zones, the rate of collection of 
the copper atoms at the zones, and the rate of 
diffusion of aluminum away from the zones. It is 
necessary to consider both nucleation and growth of 
zones already nucleated. 

Nucleation of GPI—GPI forms without any per- 
ceptible incubation period upon quenching from 
above the solvus temperature of the equilibrium 
phase diagram. The best evidence for this is the 
resistivity data of DeSorbo e¢ al.* The first meas- 
urements were made less than 1/2 min after the 
quench; the initial rate of resistance change is the 
most rapid. Nucleation for direct aging appears to 
be athermal. The solid solution above the solvus 
temperature is presumed to be clustered and these 
clusters are thought to become nuclei at lower 
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Table |. Incubation Times for Reaging after Reversion 
Reaging Temp., Incubation Period, 
No. Specimen =e hrs 
if PES5 1 6.0 
2 PES 1 30.0 
3 PES 28 1.4 
4 28 25 
5 PE5 42 0.8 
6 PE5 42 2.0 
7 SE1 a 1.5 
8 SE1 28 1.5 
9 SE1 42 152 
10 SE1 42 <0.52 
nal SE2 28 15 


temperatures. There is also no perceptible incu-. 
bation period for zone formation during direct aging 
in Al- Ag** and Al-Zn”™ alloys. 

If clusters present at the high temperature act as 
nuclei, then a higher solution temperature should 
result in fewer nuclei; the solid solution should be- 
come more random as the temperature is increased. 
Increasing the solution annealing temperature from 
515° to 550°C results in lower hardness values 
shortly after quenching in water, Fig. 6, and also 
lower values of Young’s modulus. Fo; }, for speci- 
men SE1 quenched from 515° and 550°C is 58,522 
and 58,496 cps, respectively. These observations 
indicate that the solid solution is less clustered im- 
mediately after quenching from the higher tempera- 
ture. 

After reversion an incubation time is noted. The 
zones, according to Preston® and Graf,® completely 
dissolve during reversion. On reaging they appar- 
ently must be nucleated again. On the basis of the 
previous discussion, this seems to imply that the 
solid solution after reversion at 205°C is more 
random than at the higher solution temperature, a 
conclusion which is difficult to reconcile with the 
idea that the equilibrium structure of the solid solu- 
tion is more clustered as the temperature is low- 
ered. Further consideration of this problem will be 
given in later work. In the case of experiment D, 
Fig. 7, the zones may not have completely dissolved. 
As previously mentioned, no incubation period is 
noted if the specimen is reheated to 200° or 205°C 
immediately after quenching rather than waiting un- 
til the zone forming reaction has essentially gone to 
completion. 

Growth of GPI—The rapid kinetics of formation of 
GPI on direct aging is most likely due to quenching- 
in of excess vacancies as initially suggested by 
Seitz.7® DeSorbo ef al.* and Federighi® have shown 
that the excess vacancies required to account for 
the rapid kinetics may reasonably be expected from 
the quenching-in process. 

Using the two-temperature aging technique de- 
scribed previously,* but with a single crystal speci- 
men and over a wider temperature range than pre- 
viously reported, the activation energy was again 
found to be in the range 10 to 12 kcal per mole. The 
data is summarized in Table II. The observed ac- 
tivation energy for growth of zones in Al-Cu, 10 to 
12 kcal per mole, is identified with motion of vacan- 
cies or vacancy-solute atom complexes. 

The vacancies involved are not single vacancies, 
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Table I]. Activation Energy for Growth of GPI 


the T, At Time, ihe ibs Q, 
Specimen Hrs CpsperHr CpsperHr Keal permole 
PE6®*5*) 28 1 0.6 26.95 3.64 12 
SEl 28 il 0.6 62.2 1253 10 
SE1 28 1 0.6 59.8 10.6 10.5 
SE1 28 ~-67 0.65 62.0 * - 
SE1 41 28 1.0 63.6 28.7 11.5 
SE1 41 28 1.0 63.6 28.7 TES 


*too small to be measured; a value for Q of 11 kcal per mole predicts 
the slope at -67°C corresponding to 62 cps per hr at 28°C to be 0.14 cps 
per hr, which is smaller than the experimental limit of accuracy. 


but are probably associated with solute atoms to 
form vacancy-solute atom clusters. Single vacancies 
are known to decay out very rapidly in pure metals; 
as a matter of fact, our quenches would not be rapid 
enough to retain many single vancancies in pure 
metals. In the case of GPI formation in Al-Cu, there 
is an enhanced diffusion rate even a number of days 
after the quench indicating rather stable clusters 

(or complexes) of solute atoms and vacancies. Fur- 
ther, nucleation of GPI and then growth on reaging 
after reversion would not be possible if only the 
equilibrium number of defects were present. 

The association of vacancies and solute atoms in 
alloys was suggested many years ago by R. P. John- 
son*’ on the basis of diffusion data in dilute alloys. 
Their possible importance in the precipitation 
process was first pointed out, to the authors’ knowl- 
edge, by Smolochowski™ in 1949. The ‘‘amoeba-like”’ 
growth model proposed recently by Hart’® where 
large vacancy-solute atom complexes are presumed 
to rapidly move in the alloy, collecting more atoms 
as they move, seems rather unlikely. 

Probably present is a distribution of vacancy- 
solute atom clusters of varying stability. Initially, 
the rate of zone formation on direct aging after oil 
quenching is slower than after water quenching; 
however, the situation is reversed at longer times. 
Presumably fewer vacancy-solute atom complexes 
are present initially after the oil quench, hence the 
slower initial rate of formation of GPI. But during 
the slower oil quench more stable complexes are 
presumed to form, and consequently their concen- 
tration at longer times is greater; the rate of decay 
of imperfections is much slower for this treatment. 

The slow kinetics after reversion is attributed to 
fewer growing zones as well as slower diffusion. 
Similarly, reheating to 205°C immediately after 
quenching reduces both the number of zones, due to 
the reversion effect, and the concentration of vacan- 
cies. But there are fewer vacancies present before 
the 205°C treatment if the specimen is first directly 
aged for 4 or 5 days. 

Requiring explanation is the observation that the 
rate of zone formation decreases as the quenching 
temperature is raised from 515° to 550°C. The 
rate of zone formation, as pointed out previously, is 
a function of the number of centers of growth and 
the rate of collection of Cu atoms at the individual 
zones. These two factors vary in an opposing manner 
as the solution temperature is changed. A larger 
concentration of quenched-in vacancies and, hence, 
larger growth rate of individual zones is expected 
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for the higher temperature solution treatment. How- 
ever, the solid solution is less clustered at the 
higher temperature and one expects fewer athermal 
nuclei. The nuclei effect then appears to be slightly 
more important here than the vacancy effect. 

Growth Law—Electron-micrographic’ and X-ray 
diffraction! studies indicate that mature GPI zones 
in Al-Cu alloys are platelets one or two atoms thick 
and roughly 50 atoms in diam. GPI then appears to 
have a constant thickness during growth. 

As pointed out by Turnbull™”’’ the kinetics will be 
influenced by decay out of lattice defects during the 
course of zone formation. Turnbull mentioned the 
possibility that the isothermal rate of zone formation 
may be proportional only to the concentration of de- 
fects responsible for the rapid kinetics. 

Regarding the zone formation process as coarsen- 
ing, Turnbull” has been able to derive a kinetic 
equation having a form similar to an empirical equa- 
tion describing the resistivity and energy release 
data. The driving force is considered to be the 
reduction in total surface tension. Agreement with 
experiment must be regarded as fortuitous if the 
enhancement of diffusion due to quenched-in vac- 
ancies is accepted; the derivation assumes the dif- 
fusivity to be constant. This would not be true if the 
concentration of vacancies is a function of time. 
The derivation involves the assumption that the 
phase inside the GP zone has the properties of bulk 
material. This is a particularly poor assumption 
for the case of GPI in Al-Cu since the zones are 
only 1 or 2 atoms thick. 

For purposes of determining a growth law for 
zones, two alternative models are considered: 

1) The growth law is that for diffusion controlled 
growth of platelets of constant thickness, but the 
diffusivity is a function of time since the number of 
vacancy-solute atom complexes is a function of 
time. 2) The growth law for early times is strictly 
determined by decay of vacancy-solute atom com- 
plexes to zones. 


1) In kinetic studies of precipitation the data is 
often analyzed in terms of a rate equation of the 
form 


(l= = exp [-('/7)"] [3] 


where x, is the fraction of solute transformed by 
time ?, z.e. 


Cy is the concentration of solute in solution at zero 
time, C;, the concentration at time ¢, and C; the final 
concentration. 

According to the Zener-Wert theory” for diffusion 
controlled growth of already nucleated platelets of 
constant thickness, a value for m of 2 is predicted. 
In a more rigorous treatment Ham” recently has 
shown that m for this case would be 2 for ¢ small 
and unity for ¢ large. T, the relaxation time, is 
usually regarded as a constant. But involved in T 
is the vacancy concentration, C,,. 


= G, exp (-Q/RT) = KC, [4] 
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where @Q is the energy of migration for the diffusing 
complex. Assume that a single kind of vacancy com- 
plex is present and that it decays as 


C, = Co exp [-(*/7')"] [5] 


where C, is the initial concentration and 7’ is the 
relaxation time for decay of vacancy complexes. 
Substituting for 7 in Eq. [3] and combining Eqs. [4] 
and [5] permits the reduction of Eq. [3] to the follow- 
ing form: 


= [6] 


2) Suppose that the zones grow by diffusion of va- 
cancy-solute atom complexes to zones and trapping 
of these at zones. This idea is attractive because it 
would help explain the rapid kinetics of the resolu- 
tion of zones during the reversion treatment (less 
than 6 min at 205°C); the vacancies associated with 
zones would be available for assisting resolution of 


the copper. 
Assuming that 
C,- C, 
x, « ——— = exp |-[-, 
[7] 
then 
G(t) = n [8] 
dint 


The experimental data may be analyzed to give 
information concerning G(¢) as a function of time 
assuming that 
x, AM, AR [9] 


Ef AFf 


where E; is the heat evolved, AF, the increase in 
resonant frequency, and AR; is the change in resist- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


2 05 IK) | 
TIME IN HOURS 


ance to time ¢, f refers to the final value and max to 

the maximum value. The relation between resistivity 

and x; can only be a valid approximation for ¢ small 

since the resistivity increases and then decreases | 

during zone formation.® | 
The data for the heat evolved on zone formation 

provided by DeSorbo e¢ al.” will be considered first. 

As noted by these authors it is not possible to per- 

form the initial measurements until 10 to 20 min 

after quenching. Consequently the data must be ex- 

trapolated to ¢ = 0, and this extrapolation may be 


inaccurate.” In Fig. 8 log 10 from the en- 


1 
1- 
ergy release data for aging at 30°C is plotted 
against log, ¢ for both quenching in water (Curve A) 
and quenching in silicone oil (Curve B). In the case 
of the water quenched specimen (Curve A) definite 
negative curvature is noted; G(f), the slope of this 
curve is plotted in Fig. 9. If Eq. [6] is correct then 
for ¢ small, thatis t <7’, the slope of Curve A 
in Fig. 8 should be m. The value 2 predicted by 
Zener-Wert™ and Ham™ seems quite reasonable, 
Fig. 9. Curve B of Fig. 8, for oil quenching appears 
quite linear, the slope being about unity. 

The frequency and resistivity data are analyzed 
in Fig. 10. In the case of the resistivity data” meas- 
urements were begun 5 to 15 sec after quenching and 
thus the extrapolation to ¢ = 0 is more certain. The 


108.1080 vs curve derived from the 


resistivity data of DeSorbo et al.” for aging at 0°C 
after water quenching, Curve A in Fig. 10, appears 
to be reasonably straight; the slope is approxi- 
mately 0.35. 

As mentioned earlier it is not possible to begin 
frequency measurements until 10 to 20 min after 
quenching. Rather than extrapolate the data to f = 0 
to establish a value for F,, which cannot be done 
with any certainty, we chose to use the value of Fo 
for the same sample immediately after reversion. 
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That this is a reasonable value for F, is indicated in 
Fig. 11 where the resonant frequency data for speci- 
mens PES and SE1 are plotted against ¢'/°. Plots of 


10g ce vs log,¢ determined in this way 


from the frequency data for aging at room tempera- 
ture are plotted in Fig. 10. Curve B is for single 
crystal specimen SE1 after water quenching; Curve 
C is for polycrystalline sample PE5 after water 
quenching. In each case the data fit a straight line 
of slope approximately 0.3. The data for Curve B, 
sample SE1, appears to have a negative curvature 
at ¢ large indicating that Eq. [7] is no longer 
strictly applicable. 

The data for oil quenching specimen SE1 and 
aging at 28°C is presented in Fig. 8, Curve C. 
Reference to Fig. 11, Curve C, where the resonant 
frequency is plotted against time in hours, shows 
that the extrapolated value F, is about 150 cps 
above that for the reversion value. This indicates 
that the slower oil quench enabled considerable 
zone formation to take place before the first read- 


A, Fig. 8, G(t), vs time. 


ings. The data for oil quenching SE1 appears simi- 
lar to that for the energy release data of an oil 
quenched specimen of DeSorbo et al.;? compare 
Curves B and C, Fig. 8. The slope of both curves 
at 1.0 hour is approximately unity. Curve C, Fig. 8, 
for oil quenched SE1, begins to deviate somewhat 
from linearity after about 2 hr. 

Consider first the case of water quenching. The 
resistivity and frequency data, at least for times 
less than a few hours, fit curves of form indicated 
by Eq. [8] rather than Eq. [6]; the reverse is true 
for the energy release data. The formal relation 
between x, and energy release is perhaps more 
straightforward, but a dangerous extrapolation to 
t = 0 is involved. While the question of the growth 
law cannot be resolved with certainty at the present 
time, we are inclined to believe that Curves B and 
C, Fig. 10, are better representations of %, as a 
function of time. On the basis of the model pro- 
posed for Eq. [8]—the zones grow by diffusion of 
vacancy-solute atom complexes to zones and the 
complexes are principally trapped at the zones— 

a value for of 1/3 is quite reasonable. 

Lement and Cohen”? have treated the case of the 
attraction of carbon atoms to growing carbide 
plates, and if the interaction energy is inversely 
proportional to the distance between the carbon 
atom and the carbide plate then a growth law with 
exponent 1/3 is predicted for x; less than 0.5; 
experimentally a value of approximately 0.30 is 
observed. If the vacancy-copper atom complexes are 
attracted to the zones by a similar force-distance 
law, then n of 1/3 would be predicted from model 2. 

If the oil quenching data is analyzed according to a 
rate equation of form of Eq. [3], an exponent of one 
is indicated, as shown in Fig. 8. Significant zone 
formation appears to take place during the slow 
quench and at the same time fairly stable vacancy- 
solute atom complexes are formed. Perhaps the 
kinetics is only slightly affected by decay of the dif- 
fusion-aiding imperfections. Also, if the diffusion 
distance is large, the attraction effect is small. 

Ham” recently has shown that for diffusion con- 
trolled growth of platelets of constant thickness, at 
large t, an equation of the form of [3] with exponent 
of one is a good approximation. It is attractive to 
consider the kinetics for oil quenching as confirma- 
tion for Ham’s theory; however, Ham’s method is 
only accurate if the distance between particles is 
roughly at least ten times the largest particle 
dimension. In this alloy the zones are roughly only 
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Fig. 10—Log; logy vs logy) time 
t 
for direct aging after water quenching. 
Property Aging 
Curve Measured Temperature 
A Resistivity” 
B Young’s 28°C 
Modulus 
(SE1) 
C Young’s 28°C 
35 3 Modulus 
(PE5) 
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150A apart, and, consequently, agreement with 
Ham’s model is only expected for zones 15A in 
diam or smaller. Since the final size is about 80A, 
the small size assumption will be valid only for 

t small. 


4 5 8 9 10 
t (HRS) [CURVE C] 


We are thus not able to explain fully the form of 
the curves in Fig. 8 for oil quenching. The data for 
water quenching, that is the observation of ” of 
1/3, seems to be explainable in terms of attraction 
of vacancy-copper atom complexes to zones. 
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The Self-Diffusion of Columbium 


The self-diffusion coefficient of columbium has been meas- 
ured over the temperature range 1535° to 2120°C, using the radio- 


active isotope Nb® as the tracer. The data for the temperature 
dependence of the self-diffusion coefficient are best fitted by the 
equation D = (12.4 + 0.8) exp [(-105,000 + 3000)/RT] cm?/sec. 


Tre increasing need for high-temperature struc- 

tural materials has stimulated considerable interest 
in the properties of columbium, since it is a strong, 
ductile metal with a high melting point—in the vicin- 
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ity of 2450°C.* One fundamental property which has 
not heretofore been measured is the self-diffusion 
coefficient. The self-diffusion coefficient plays an 
important role in theories of oxidation,” creep, 
sintering* and other phenomena. Accordingly, the 
investigation reported in this paper was undertaken 
to determine the value of the self-diffusion coef- 
ficient and its temperature dependence by the use of 
Nb”. 
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DIFFUSION PUMP 


EXPERIMENTAL TECHNIQUES 


The experimental techniques used in determining 
the self-diffusion coefficient of columbium were 
conventional® except for the preparation of the dif- 
fusion couples. At the beginning of the program it 
was anticipated that difficulties would arise in 
specimen preparation for the following reasons: 

a) the high melting temperature and chemical re- 
activity of columbium would complicate the prepara- 
tion of the radioactive isotope in metallic form by 
pyrometallurgical techniques; and b) the radioactive 
isotope cannot be deposited as a metallic layer by 
being plated onto columbium from an aqueous solu- 
tion. Consequently, a rather cumbersome but 
workable procedure was developed for depositing 
the isotope by means of vapor deposition. This 
process yielded the thin layer type of diffusion couple 
used by Johnson,° Mead and Birchenall, ” and others. 

Columbium may be vapor-plated by hydrogen 


Table |. Cb Self-Diffusion Coefficients Obtained at Several Temperatures 


Diffusion Temp, Diffusion Time, 


Hr D, cm?/sec. 
1585 135.5 7.55 x 107'2 
1585 135.5 7.05 
1640 144 8.70 
1640 144 1.26 x 107"4 
1660 170 1.10 
1660 170 1.10 
1700 309.3 2.16 
1700 309.3 1.43 
1775 92.8 8.73 
1775 92.8 x 10-12 
1800 1.90 
1800 8.0 1.16 
1800 8.0 1.28 
1910 28.0 2.80 
1910 28.0 4.76 
1925 17.8 2.03 
1925 17.8 2.37 
1980 1.9 8.96 
1980 1.9 1.14 x 10~° 
2000 1.0 1.30 
2000 1.0 1.30 
2070 2.0 0.98 
2070 2.0 1.10 
2100 1.29 
2100 1.66 
2120 1.0 2.76 
2120 1.0 
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INDUCTION COIL 


Fig. 1—Schematic diagram of vapor 
plating apparatus. 


EXHAUST 
Ly 


MECHANICAL PUMP 


decomposition of columbium pentachloride vapor at 
elevated temperatures.® Since Nb” is supplied as an 
oxalic acid solution of high specific activity, the 
first stage of the experimental procedure was to 
dilute the isotope, and convert from the oxalic acid 
solution into NbCl,. This was accomplished by 
adding 0.1 millicuries of Nb® to a solution containing 
2g of nonradioactive columbium, evaporating to dry- 
ness and igniting the residue to form Nb2Os. The 
oxide was reduced to metal by calcium reduction at 
930°C in a vitrified clay crucible under an argon 


atmosphere. The metal was then chlorinated to form 
NbCl, by heating to 200°C under a chlorine gas at- 
mosphere. The NbCl,, being volatile at this tempera- 
ture, distilled into a collecting flask sealed to the 
cool end of the reaction chamber. The first batches 
of NbCl, prepared were apparently contaminated with 
iron as evidenced by a reddish-brown coloration of 
the chloride. Immersion of the reduction cake in 
hydrochloric acid prior to chlorination removed the 
contaminant and any excess calcium, since the chlor- 
ide then formed had the bright yellow coloration 
characteristic of NobCl,. Other impurities which 
might have been picked up from the crucible are 
aluminum and silicon. The Al is dissolved by HCl, 
and silicon chloride being a liquid at these tempera- 
tures was not in evidence. 

The radioactive chloride was sealed into the vapor 
plating apparatus illustrated schematically in Fig. 1, 
and volatilized by heating to approximately 120°C. 
The vapor was carried by a flow of hydrogen over 
discs of nonradioactive metal heated to 900°C. The 
flow rate of hydrogen was approximately 2 cc per 
sec, and the pressure between 18 and 30 mm Hg. 

On contacting the hot metal surface, the chloride 
decomposed, and an adherent metallic layer formed. 
On the average, these layers were found to be about 
0.0005 in. thick. The columbium discs used were 
cut from a sintered rod fabricated by the Fansteel 
Metallurgical Corp. Typical analysis for this ma- 
terial shows 004.0 pct C, 0.24 pct Ta, 0.25 pct Ti, 
0.04 pct Fe, and 0.04 pct Si. 

The diffusion couples were annealed in pairs with 
the radioactive faces in apposition, and separated by 
short lengths of 0.010-in. tungsten wire. This ar- 
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Fig. 2—Diffusion curves of several representative 
specimens. 


rangement decreased the possibility of introducing 
error that might be caused by loss of radioactive 
material through evaporation. All the diffusion an- 
neals were conducted in a high-temperature, high- 
vacuum furnace built by the R.D. Brew Co. The 
heating elements of the furnace consisted of two 
tantalum sheets bent and welded to form a 3 by 5-in. 
hot region, which, with a power consumption of 20 
kva, reached a maximum temperature of 2120°C. 

A vacuum of approximately 1 X 10° mm Hg was 
maintained throughout the runs, which was sufficient 
to maintain clean surfaces on the highly reactive 
metal. Temperatures were measured with an optical 
pyrometer, and are believed to be accurate to + 10°C. 
Readings were taken with Several instruments for 
comparison purposes and were corrected for inten- 
sity losses occurring in the sight glass. 

After the annealing treatment, 7 to 10 slices were 
machined from the surface of each diffusion couple. 
The thickness of each Slice was carefully measured 
with a micrometer, the average thickness being 
about 0.001 in. The machined-turnings were weighed, 
and their radioactivity measured by means of a y 
scintillation counter. 


RESULTS 
The diffusion coefficients were computed from a 


® TWO COINCIDING POINTS 
10 f= © SINGLE POINTS 


| 


= 

(a) = 

io"! 

= 

4.0 4.2 © 4.4 4.6 48 5.0 5.2 
1/T°K x 10* 


Fig. 3—In D vs 1/T°k for self-diffusion of Cb. 


standard, linear plot of In A vs x* where A is the 
activity per unit weight of material, and x is the 
penetration. Fig. 2 shows such a plot for several 
representative specimens. The computed values of 
D are given in Table I. 

The temperature dependence of D was found to 
be best fitted by the usual relation: D = D, exp 
(—Q/RT) where the D, is 12.4 + 0.8 cm sq per sec, 
and @ is 105,000 + 3000 cal per mol. Also, R is 
the gas constant, and T the diffusion temperature 
in °K. The constants were computed from a least- 
squares analysis which assumes an error in meas- 
urement of both the diffusion constant and the tem- 
perature.° The error given for the activation energy 
and D, represents a two-o variation obtained by ap- 
proximating the actual estimation technique with a 
maximum likelihood estimator.” Fig. 3 is a semi- 
logarithmic plot of D vs 1/T; the solid line repre- 
sents the least-squares fit. 


DISCUSSION 


It is interesting to compare these data with what 
might have been expected on the basis of various 
theories of diffusion. Nachtrieb and Handler” 
developed a linear relationship between activation 
energy and heat of fusion, @ = 16.54H;, which seems 
to apply to many face-centered and body-centered 


Table Il. Comparison of Observed with Calculated Values of Activation Energies 


Q Obs., Tm, AH Fusion, AH Sublimation, Q= 16.5AH;, Q=38T n, Q=0.64AH,, 
Metal cal/mol °K cal/mol cal/mol cal/mol cal/mol cal/mol 
Columbium 105,000 + 3000 2740* 6,400*? 177,500*? 105,600 104,120 113,600 
Tantalum 110,000** © 3270'? 7,500*? 186,800*? 123,750 124,260 119,500 
Tungsten 135,800*° 3650*? 8,420"? 200,000'? 138,930 138,700 128,000 
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cubic metals. If we use the estimated value of 

6,400 cal per mol for the heat of fusion of Cb”, the 
activation energy for diffusion, Q, is calculated to 
be 105,600 cal per mol which agrees with the present 
data. 

Other commonly employed approximations relate 
the activation energy to either the melting point or 
to the heat of sublimation. These relations, pro- 
posed by Johnson, ® and compared against additional 
data by LeClaire’’ give the following average values: 
Q/Tn = 38, and Q/AH, = 0.64; Tmis in °K. 

Table II compares the experimental values of the 
activation energy against the values calculated from 
the approximations. The experimentally determined 
activation energies for self-diffusion in tantalum** 
and tungsten” are included in the table, since both, 
like columbium, are refractory metals. 

The observed values of the activation energies for 
all three generally fall lower than the calculated 
values; however, the values calculated on the basis 
of melting temperature and heat of fusion are within 
the range of experimental error for columbium and 
tungsten, but tantalum falls outside. It therefore 


appears that the above approximations, which were 
derived for relatively low-melting metals, may be of 


some use in estimating diffusion coefficients for the 


refractory metals. 
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Carbide Precipitation and Evolution and Depletion 


of Matrix in Heat Resisting Steels and Alloys 


Treated in Carburizing Atmospheres 


Heat-vresisting chromium steels and alloys treated at 825° or 
950°C (1517° or 1742°F) ina carburizing atmosphere exhibit an 
extensive carbide precipitation. This carbide precipitation may 
be succeeded by the FeCr o phase or by a carbide with a higher 
carbon content. Point analyses carried out with an electron mi- 
croanalyzer make it possible to study the depletion of chromium 
in the matrix after precipitation has occurred and to determine 
the chemical composition of carbides. In particular the content 
in the carbides of Fe, Ni, and W, elements which substitute Cr, 


can be accurately determined. 


Heat-resisting chromium steels and alloys em- 
ployed in the construction of gas carburizing and 
carbonitriding furnaces are subjected to a succes- 
sion of oxidizing atmospheres during heating and 
cooling and to carburizing atmosphere during iso- 
thermal stage. Such a sequence of thermal cycling 
causes embrittlement and corrosion in the furnace 
materials. 

A quantitative study of the structural changes 
induced in the furnace materials has not received 
much attention in the past. However, utilization of 
the electron probe microanalyzer and other modern 
techniques has permitted a point analysis of the 
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various phases formed and to follow their relative 
evolution. 

This paper gives results as regards the nature 
and composition of the carbide precipitation and 
the distribution of chromium in the matrix during 
only the carburizing periods. The structural 
changes subsequently produced during oxidizing 
periods will be presented eventually. 


METHODS AND MATERIALS 


Metallographic, X-ray diffraction and Castaing 
electron-probe microanalysis’ techniques have been 
employed to study carbide precipitation and evolu- 
tion and the changes in the composition of the matrix 
in heat-resisting steels and alloys. 
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Fig. 1—25 Cr-20 Ni steel. (Cr, Fe)o3Cg carbide close to 
the surface after treatment at 825°C (1517°F) under car- 
bonitriding atmosphere. Aqua regia in glycerol. X300. 
Reduced approximately 23 pct for reproduction. 


Samples of the following austenitic commercial 
refractory steels and alloys were examined: 20 Ni- 
25 Cr, 35 Ni-20 Cr, 46 Ni-27 Cr-5W, 56 Ni-12 Cr. 
These samples were obtained from cast pieces used 
in the construction of industrial gas carburizing 
furnaces which are used for treatments at 950°C 
(1742° F) in a carburizing atmosphere and at 825°C 
(1517°F) in a carbonitriding atmosphere. Two typ- 
ical analyses of atmospheres used in these tests 
are the following: 

Carburizing gas (950°C) 1.5 pct C,H, 

Carbonitriding gas (825°C) 1.5 pct C;H, 

+ 4.5 pct NH, 
added to carrier gas: 20 pct CO + 40 pct Hp 
+ 40 pct Nz 


Various samples were heat treated at these tem- 
peratures and under these atmospheres and the re- 
sults will be described in the following sequence: 

1) Carbide precipitation; 2) Occurrence of a second 
phase growing from the initial carbides; and 3) Var- 
iation in the composition of the matrix subsequent 

to precipitation. 


RESULTS 


1) Carbide Precipitation—During high-tempera- 
ture heat treatment in a stream of carburizing 
atmosphere, carbon deposited at the metal surface 
diffuses continuously inside the metal forming the 
carbides. 

Metallographic examination shows that these 
carbides precipitate first at the austenite grain 
boundaries, gradually occupying almost entire 
grain boundary surface. Subsequently, they nucle- 
ate within the matrix, either as separate precipi- 
tates which grow with time or as plates along some 
crystallographic planes such as twin boundaries as 
shown in Figs. 1 and 2 for a 25 Cr-20 Ni steel. The 
density of these precipitated particles has been ob- 
served to decrease as the distance from the metal- 
gas contact surface increases. The high precipitate 
content at the surface is shown in these Figs. 1 


and 2. 
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Fig. 2—25 Cr-20 Ni steel. (Cr, Fe)o3Cg carbide close to 
the surface after treatment at 825°C (1517°F) under car- 
bonitriding atmosphere. Aqua regia in glycerol. X1000. 
Reduced approximately 23 pct for reproduction. 


Fig. 3 shows another aspect of carbide precipi- 
tation in a sample of 56 Ni-12 Cr alloy which in- 
itially exhibited a dendritic structure. These 
precipitates have the form of a cellular network 
of carbides. 

The structure and composition of the carbides 
vary with the temperature of treatment, the com- 
position of steel and the local carbon content. We 
have found in the samples examined one or the 
other of the following chromium or iron-chromium 
carbides: (Cr, Fe).,C, cubic, (Cr, Fe),C, triclinic, 
and Cr,C, orthorhombic in the order of increasing 
carbon content. In the case of the alloy with 5 pct W, 
the W.C hexagonal carbide has also been found. 


2) Precipitation of a Second Carbide or o Phase— 


The phenomenon of carbide precipitation described 
above is often rendered more complex because a 
successive carbide precipitation with a higher car- 
bon content, or the precipitation of tetragonal o 
Two examples of this are described 


phase, FeCr. 
below: 


Fig. 3—56 Ni-12 Cr alloy. Network of (Cr, Fe)7C; carbide 
(in white) close to the surface after treatment at 950°C 


(1742°F) under carburizing atmosphere. Nital reagent. 
X750. Reduced approximately 23 pct for reproduction. 


¥ 
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Point Analyses with the Castaing Microanalyzer 
Weight Percentage 


Table I. 25 Cr—20 Ni Steel, Treated at 825°C (1517°F) 


in a Carbonitriding Gas 


Pct 
Analyzed Area Cr Fe Ni nacre 
Matrix central zone, Fig. 4 19 595 ee 100.5 
Matrix subsurface area, Fig 2 10 64.5 24.5 99 
M,,C, carbide 63 25 5 93 
Table Il: 56 Ni-12 Cr Steel, Treated at 950°C (1742°F) 
in a Carburizing Gas 
M Pct 
Analyzed Area Cr Fe Ni Mo N Analyzed 
Matrix subsurface area, 3 30 62 1.8 les 98.1 
Fig. 3 
M,C, carbide 70 22 3 0 0 95 


Table Ill. 46 Ni-27 Cr-5 W Alloy, Treated at 950°C (1742°F) 


in a Carburizing Gas 


P 

Analyzed Area, Fig.6 Cr Fe Ni W 

Original alloy 4025 1.73) 97:57 
(chemical analysis) 

Matrix between the small 17 18.3 60.8 Dek 2.0 100.2 

Matrix around large two 16 18.1 60.5 222 2.0 98.8 
(peripheral zone) 

Large precipitates: 69.5 6.7 6.2 9.8 atoal 93.3 

Large precipitates: 79.3 3.1 2 4.3 0.9 89.6 


The initial C content was 0.52 pct and increased to an average of 1.60 pct. 


temperature of 825°C (1517°F), the o compound 
FeCr usually precipitates, but its rate of formation 
is much lower than that of the chromium carbide. 
That is why, in the subsurface area of an austenitic 
25 Cr-20 Ni steel sample, treated in a carbonitrid- 
ing atmosphere, carbon causes continuous precipi- 
tation of (Cr, Fe).,C, carbide depleting the matrix 
of chromium to the point where o can no longer be 
formed, see Table I. On the other hand, at some 
distance inside the sample, the chromium content 
is still sufficient to permit the nucleation of o 
phase, which first precipitates at the grain bound- 
aries, and subsequently within the grains along 
some preferred crystallographic planes, Fig. 4. 

In these micrographs, o phase, Fe-Cr (42 to 44 
pet Cr) preferentially precipitates at the grain 
boundaries at the expense of M,,C, carbide (63 pct 
Cr-25 pct Fe-5 pct Ni). Indeed, the high chromium 


Ist stage 


2nd stage 


Fig. 5—Schematic diagram showing the development of o 
phase, FeCr, at the expense of M)3C, carbides. 
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Fig. 4—25 Cr-20 Ni steel. (Cr, Fe)23Cg carbide (in white) 
and o phase FeCr (in black) at the grain boundaries and 
inside y grains. Inner zone after treatment at 825°C 
(1517°F) under carbonitriding atmosphere. Aqua regia 
in glycerol. X1000. Reduced approximately 23 pct for 
reproduction. 


content in this carbide induces o precipitation in 
situ when the matrix is already depleted of chro- 
mium. Since the Fe/Cr ratio is as low as 25/63 in 
the carbide and must be as high as 55/45 ino, the 
balance of Fe for the formation of o must diffuse to 
the vicinity of the carbide precipitate from the sur- 
rounding matrix. This tends to give the arrange- 
ment schematized in Fig. 5 where the growing o 
phase surrounds the disappearing carbide. 

b) 46 Ni-27 Cr-5 W Alloy—In this alloy as treated 
at 950°C (1742°F), the single phase precipitate 
formed near the surface has a similar precipitation 
to that of the carbide in the 25 Cr-20 Ni steel. How- 
ever, below the surface two phases are precipitated, 
one envelops the other, Fig. 6, and the area cov- 
ered by the inner precipitate decreases as the depth 


é 
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Fig. 6—46 Ni-27 Cr-5 W alloy. Two-phase chromium 
carbide precipitates: CrgC, in the central zone and M,Cs 
in the outer zone. Beyond the peripheral zone surrounding 
the large carbides, fine precipitates of W,C are found. 
Treatment at 1000°C (1832°F) under carburizing atmos- 
phere. Inner zone. Alkaline potassium ferricyanide re- 
agent. X500. Reduced approximately 23 pct for repro- 
duction. 
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Fig. 7—Schematic diagram showing the development of 
Cr3C, carbide at the expense of M;Cr, carbide. 


eee This aspect is shown schematically in 

From studies by means of polarized-light mi- 
croscopy, X-ray diffraction and the Castaing mi- 
croanalyzer, it is possible to show that the outer 
phase is the triclinic M,C, carbide and that the 
central zone is the orthorhombic Cr3C, chromium 
carbide. It can be inferred from the variation of 
their proportions that the first carbide to form is 
M,C, which under the effect of continuous supply of 
carbon gives place to a phase higher in carbon, the 
Cr3;C, chromium carbide. The Cr3C, begins to de- 
velop in the center of the M,C,, where it finds a 
high chromium content and further causes an out- 
ward diffusion of the initial carbide-forming ele- 
ments Fe, Ni, W, and Mn into the matrix. 

Fig. 6 also shows another characteristic feature, 
namely that the region surrounding the outer M,C, 
precipitates is a peripheral zone which does not 
contain the finer W2C precipitates observed over 
the rest of the matrix. The point analyses of the 
M,C, carbide zone gives a W content of 9.8 pct 
which is about twice the amount in the matrix. 
Consequently, the peripheral zone, poor in W, does 
not facilitate formation of W,C. Table III gives 
point analyses of all these three zones and the 
matrix, from which it may be seen that the de- 
velopment of Cr,C, (central zone) in the first 
formed tungsten-rich carbide zone has caused W 
to diffuse out in the outer zone which is eventually 
ejected out into the peripheral zone. This tends to 
W contents of 4.3 pct in the central zone, 9.8 pct in 
the outer zone, and 2 pct in the peripheral zone. 

A similar example, but much less developed has 
been observed in an austenitic 56 Ni-12 Cr alloy, 
where (Cr, Fe),C, forms by treating at 950°C 
(1742° F) in a carburizing atmosphere. It is, how- 
ever, possible to see another carbide in some 
places appearing in the center of the M,C, pre- 
cipitates, Fig. 8, or may even constitute the only 
precipitates in some very localized areas in the 
surface layer. 

3) Variation in the Composition of the Matrix— 
The main consequence of carbide or o precipitation 
is to deplete the matrix in chromium. This deple- 
tion is very significant in the zone surrounding a 
precipitate. Also near the surface where numerous 
precipitates exist the total Cr content of the whole 
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Fig. 8—56 Ni-12 Cr alloy. (Cr, Fe)7C3 carbide (in dark) 
with occurrence in some of them of a second phase (in 
white). Inner zone after treatment at 950°C (1742°F) under 
carburizing atmosphere. Alkaline potassium ferricyanide 


reagent. X1200. Reduced approximately 23 pct for repro- 
duction. 


matrix diminishes considerably. It may be stated 
that, in all the grades examined, the structure of 

the matrix which is initially of the austenitic type 
(fcc lattice) did not change after the precipitation. 


Tables I, II, and III give the metal contents of the 
matrix and carbides measured at different points 
in the samples on the microanalyzer. The differ- 
ence between the sum of elements analyzed and 
100 pct relates directly to the lighter elements, 
especially carbon, which cannot be detected with 
the microanalyzer (actual lower limit of detecti- 
bility at present being Na). 

These data show the extent of the depletion of 
chromium content, from 25 to 19 pct in a 25 Cr- 
20 Ni steel and from 27 down to 17 pct in a 46 Ni- 
27 Cr-5 W alloy deep in the interior of the sample. 
In the subsurface area, the chromium content may 
be lower still: 10 pct in a 25 Cr-20 Ni steel and 
3 pct in the 56 Ni-12 Cr alloy. 

Point analyses with the microanalyzer confirm 
the well known fact that Fe substitutes Cr in large 
amounts for carbide types Cr,,C, and Cr,C3. More- 
over, these results show that the above carbides 
may contain considerable amounts of Ni and W. In 
particular, in M,Cs, a higher W content than in the 
matrix may be found although the Ni and Mn con- 
tents are lower, Table III. 

On the other hand, in the case of chromium car- 
bide Cr3C,, these substitutions appear to be very 


Point Analyses with the Castaing Microanalyzer, 
Weight Percentage 


Table IV. Fe-—30 Pct Cr Alloy, 1 hr at 1050°C (1922°F) 


Analyzed Area Cr Fe Mate ed 

Original matrix 30.70 68.55 99.25 
(chemical analysis) 

Matrix, center of the grains 28 72 100 

Matrix surrounding a 26 to 23 74 to 77 100 
precipitate <5u wide 

(Cr, Fe),C, carbide 65 26 91 
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low as seen from Fe, Ni, Mn, W contents which are 
lower as compared to the matrix, Table III. 

It was expected that the Mn content in these car- 
bides should be high since Mn is known to be a car- 
bide forming element. For example the Mn content 
in cementite may reach 2 to 3 pct for steel with 
1 pct Mn? and about 18 pct in a 12 pct Mn Hadfield 
steel.*? But the result for Mn presented in Tables II 
and III show that the Mn content in M,C, and Cr;Cz 
carbides is lower than in the matrix. 

Very often, a peripheral fringe depleted of chro- 
mium is observed around a carbide in refractory 
chromium steels and alloys. As an example, point 
analyses of the matrix around (Cr, Fe),C; precipi- 
tate in ferritic Fe-30 pct Cr alloys heat treated to 
1050°C (1922°F) for 1 hr has shown a zone of 4 to 
5 wide depleted of chromium surrounding the 
carbide. Results of a typical analysis are given 
in Table IV. 

_On the other hand, samples of the refractory steel 
studied here when treated at 825°C or 950°C for 
several hundred hr, have not shown fringes as wide 
as those indicated above for Fe-30 pct Cr alloy. 
For instance, around (Cr, Fe),,C, carbide pre- 
cipitate in a 25 Cr-20 Ni steel—(Table I) one finds 
a depletion of chromium of only 0.5 to 1 pct ina 
zone not more than 1 to 2u wide. This is explained 
by the homogeneization which occurs during this 
long high temperature treatment and also by higher 
density of the precipitates in subsurface areas, 
Fig. 2, resulting in a very low chromium content 
(10 pcet-Cr). 

In the case of a 46 Ni-27 Cr-5 W alloy as shown 
above the fringe depleted in W by the precipitation 
of M,C, carbide was eliminated by the subsequent 
development of Cr,Cz. 


CONCLUSIONS 


Treatment of heat-resisting chromium steels and 
alloys in carburizing atmospheres produces an al- 
teration in the composition of the matrix, mainly a 
depletion of chromium subsequent to an extensive 
carbide precipitation. The nature and composition 
of these carbides has been studied in detail. A pos- 
sible mechanism of transformation of one carbide 
into another or into o phase when the thermody- 
namical equilibrium is not reached is explained in 
the cases of a 25 Cr-20 Ni steel and a 46 Ni-27 Cr- 
5 W alloy. 

The practical consequences of precipitation of 
carbides or o and of the depletion of chromium of 
the matrix can be summed up as follows: 

1) Embrittlement of the material may occur be- 
cause precipitation occurring all along the grain 
boundaries and within the matrix. 

2) Increased sensitivity to intergranular corro- 
sion and decreased in oxidation resistance of the 
matrix may result because of depletion and uneven 
distribution of chromium. 
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Kinetics of Vacuum Induction Refining-Theory 


The kinetics of vacuum distillation, vacuum-melt surface re- 
actions, crucible-melt surface reactions and boiling are analytically 
investigated. No disagreement with experiment is obtained upon 
applying a rigid flow model to describe the behavior of the melt in 
the vicinity of reaction surfaces. The theory focuses attention upon 
measureable parameters rather than upon the adjustable parameter, 
stagnant layer thickness, associated with other theories. The rigid 
flow theory is thus capable of quantitative evaluation and experi- 


ments to achieve this evaluation are suggested. 


Kinetics, rather than thermodynamics, often de- 
termine the degree of refinement achieved in vacuum 
melting. There is little understanding, however, of 
the kinetic principles involved in vacuum refining. 
This paper represents an attempt to achieve this un- 
derstanding. 

There are two reactions which need to be con- 
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sidered. The first is the refining reaction. The 
second shall be called the polluting reaction. It is 
the reaction associated with the introduction of com- 
ponents of the crucible into the melt. The mechan- 
isms of both reactions are unknown. Many models 
can be constructed to describe either the refining or 
polluting reactions. For example, consider the re- 
fining reaction C + O = CO(g). One model that can 
be imagined is that the carbon and oxygen combine 
in the melt to form CO which then diffuses to a melt- 
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vapor phase interface where it escapes. Another is 
that the carbon and oxygen diffuse to the melt-vapor 
phase interface where they combine to form CO 
which then escapes. Another model is that only the 
carbon and oxygen at the melt-vacuum interface 
combine to form CO and that the reaction continues 
by the production of new interface area. Still another 
model postulates a stagnant boundary layer of some 
finite but undefined thickness and the reaction oc- 
curring by diffusion of the reactants through this 
layer to the melt-vapor phase interface where they 
combine and escape.*~* By no means are these the 
only models for the refining reaction that can be 
imagined. Arguments can be presented to justify 
each of these models; however, only experiment can 
distinguish between them. 

It is not the objective of this paper to evaluate all 
these models. Rather, the objective is to consider 
one particular model, develop the quantitative char- 
acteristics of this model and compare the predictions 
with experiment, where available. It will be shown 
that new relations are predicted. It is proposed on 
the basis of the agreement between the theory based 
on this model and the available limited experimental 
results that certain experiments be conducted. 


THEORY 


Refining Reaction—The prime assumption in this 
theory is that at a melt-gas phase interface, under 
the influence of inductive stirring, the melt can be 
considered to be moving without shear gradients. 
That is, the melt adjacent to the gas-metal interface 
moves as a “‘rigid body’’. (Local convection currents 
within this volume are assumed to be absent.) In the 
language of hydrodynamics, the slip coefficient for 
the liquid metal at this interface approaches zero. 
The analogous hydrodynamic case would be laminar 
flow in a deep, wide channel near the liquid-gas 
interface where the velocity gradient approaches 
zero. The rigid body motion for each unit of volume 
adjacent to the interface is maintained until it is no 
longer in contact with the gas phase. The thickness 
of the layer undergoing this flow needs to be suffici- 
ently large so that no reactant diffuses through this 
layer. The reactants are provided by the layer itself. 

Under the condition of straight streamline flow, 
transport normal to the velocity of flow is inde- 
pendent of that velocity. Hence, the diffusion problem 
is simplified enormously. Let us now focus our at- 
tention on an element of the melt adjacent to the in- 
terface. Further, let us consider the transport of a 
solute within this element to the melt-vacuum inter- 
face. The problem is illustrated in Fig. 1. After 
this element has been in contact with the vacuum the 
solute concentration at the interface will decrease 
from the value C,, the average concentration of the 
melt, to the value C,, the concentration maintained 
at the surface by equilibrium with the gas phase. The 
boundary conditions applicable to the diffusion of 
solute through this element are as follows: 


a) At t=0, C = C, throughout the element. 
b) Atf>0, x =0, C=C; 
t>0,x C=C 


dc 
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Fig. 1—Diagrammatic Representation of Streamline Flow 
Model. 


c) The element only exists for a time interval, t’ 
given by the ratio of y, the linear distance of 
contact between the melt and the gas phase along 
the direction of streamline flow, divided by v, 
the velocity of streamline flow, i.e. 


t'=y/v [1] 


The solution of the diffusion equation for the above 
boundary conditions is given by’”° 


oe loss of solute per unit area of melt- 
vacuum interface 


D = diffusivity of solute in melt 


This solution is applicable to the problem providing 
that the decrease in C, in time t’ is much less than C,, 
i.€., that C, is constant over the period during which 
solute is lost from the element of melt. 

In order to obtain the rate of decrease of the solute 
concentration in the melt, it is necessary to perform 
the following calculation: 


_ dC, dM dA 1 


where V_ volume of melt 


[3] 


a rate of creation of melt-vacuum interface 
at which the solution concentration is C, 
at moment of creation. 


Now, for an inductively stirred cylindrical bath ae 
is equal to the rate of disappearance of melt surface, 


dA 
at [4] 


Because of the requirement of continuity, the velocity 
of flow varies in magnitude with the radius. This 
condition is given by 


27év, = constant, where é is the magnitude of a 
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radial vector varying between 0 and 7. In this case, 


Thus, the distance y = 7/2 and the volume of bath 
equals nr’h. Substituting the appropriate values, it 
is found that 


Y 
di = 55 


| 

at 
(The velocity v in Eq. [5] corresponds to the value at 
the outer radius.) 


C,)(2 rh?) ¥? [5] 


The assumption that - 
may now be examined. 


t' = 2(C, — C,) (2 


= (Cy — C,) (2 Dr/rvh?)/? 


The following values may be substituted for the 
parameters in the latter bracket: D = 10°*cm? /sec,° 
cm,h ~ 7 cm, v = 10 cm/sec. 

These values correspond to limiting values which 
tend to maximize this quantity. With these values. 


10 (C,— C.) 


Thus, the assumption that C, is constant during the 
lifetime of any element of the streamline flow layer 
is justified. 

Comparison of Theory and Experiment— There are 
three factors which need to be known in order to ob- 
tain quantitative values of the theoretical rate con- 
stant: 2(2Dv/17rh?)*/*. Namely, the diffusivity D, the 
velocity v and the melt dimensions 7 and hk. Un- 
fortunately, these data are not available for compari- 
son with any particular experimental equivalent. 
However, it is possible to obtain an order of magni- 
tude estimate of the theoretical rate constant on the 
basis of the fact that measured diffusivities ata 
given temperature do not differ by more than a factor 
of about 10 and that visual estimates of the velocity v 
by the author in a variety of induction melting fur- 
naces ranging from 100 g to 2000 lb yield a value of 
10 cm per sec to within an order of magnitude. These 
estimates are based on observations of the rate of 
motion of particles floating on top of these melts. 
The uncertainty in the theoretical rate constant, for 
given values of the melt dimensions, is consequently 
within the factor (10x 10)'/7= 10. This magnitude of 
the uncertainty is unfortunately too large to enable 
critical evaluation of the theory in many cases. How- 
ever, in certain special cases, the uncertainty in the 
rate constant is smaller than this value. 

Vacuum Distillation— Recently data for rates of 
distillation of solutes from liquid iron have been 
published.° These data are not entirely consistent 
with each other. For example, Olette™* gives the 
following order of distillation rates Pb > Mn>Cu>Sn 
whereas Gill e¢ al.®” find that the rates are in the 
order Sn, Mn, >>Pb>>Cu. Olette has found that he 
can rationalize similar apparent internal discrep- 


316-VOLUME 218, APRIL 1960 


ancies by comparing the fraction of solute distilled to 
the fraction iron distilled. This fact suggests im- 
mediately that the partial pressure of the distilling 
solute in the gas phase next to the liquid phase is not. 
the vapor pressure in the tank but is related to the 
actual pressure of the distilled solvent at the vapor- 
melt interface. Under such circumstances, it is 
likely that the overall rate of loss of solute by dis- 
tillation is that for a series sequence of rate proc- 
esses: rate of solute expulsion from melt and rate 
of solute transport through gas phase. Both rates 
are sensitive to the boundary conditions at the melt- 
vapor phase interface. These conditions are de- 
pendent upon the initial overall boundary conditions 
and at a steady state are determined by the equality 
of the previous rates. Thus, Olette’s data are not 
well suited to be used as a check of Eq. [5]. Gill 

et al.’s data, on the other hand, are better suited to 
provide such a check because their experimental 
set-up, which provides a freeze out surface near the 
melt, minimizes the effect of vapor transport in the 
overall distillation rate. However, even in their 
case only the initial rates of evaporation may be 

so used. Unfortunately, even in this case a good 
comparison cannot be obtained. Of those solutes 
investigated by Gill et al., and which evaporate, 
diffusivity values are only available for Mn in Fe. 
However, Gill et al. only measured a minimum 
value for the rate of evaporation of manganese 

from iron. To the extent that a comparison can be 
achieved, the experimental rate constant is larger 
than 0.35 min™ and the theoretical value for Gill 

et al.’s conditions (Dy, = 107* cm/sec, v = 1.5 cm, 
h = 2 cm, v estimated as 10 cm/sec)*is 0.5 min™?. 


*These values are uncertain to within an order of magnitude (+ factors 
of three). 


It is interesting to note that Olette’s experimental 
rate constant for this process in 0.05 min™* as 
compared to the theoretical value 0.15 min~? for 
Olette’s conditions (Dy,= 10~*cm?/sec; 7 = 2.5 cm, 
h =5 cm, v estimated as 10cm/sec).* Thus, within 
the expected uncertainty of an order of magnitude, 
the theory is found not to be inconsistent with the 
data. 

It is indeed unfortunate that the data required to 
check the quantitative model of diffusion-controlled 
solute distillation are not available. It is worth- 
while noting at this point that in commercial vacuum 
induction melting the rate limiting process is un- 
known and may even vary when the use of a crucible 
cover is not consistent. 

Desulfurization—Eq. [5] should also be directly 
applicable to reactions that occur at the melt-vapor 
phase interface. One such reaction is $+20 
= SO, (g). 

This reaction is difficult to achieve in iron-base 
melts due to the relatively high value of %S in equi- 
librium with the usual levels of SO, partial pres- 
sures attainable. However, the reaction is possible 
and does occur in nickel- base melts. The equations 
that apply are: 


(% 8°)(%O°)* 
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Ke [8] 


Y 


d%S 


dt = Lz (%S— %S°) [7] 

a%O 

= (%0-%O°) [8] 

and = Vs 

( (6) [9] 

where Li = 2(2 D,v/rh?)*/? [10] 
is the reaction rate constant for com- 
ponent X. 


P,,, partial pressure of sulfur dioxide 
adjacent to melt-vapor interface. 
%S°,%O° sulfur and oxygen concentrations at 
melt-vapor interface. 
M, gram atomic weight of component X. 


There are five variables—%S°, %O°, %O, %S, 
and ¢—and four equations. For given initial con- 
ditions the dependence of the first four variables 
on time can thus be obtained. Whenever % O ex- 
ceeds the concentration in equilibrium with the 
crucible, the effect of the crucible-melt reaction 
in the above kinetics may be neglected. Also, 
whenever %O > %S, and (% S)(% O)? > (%S° ) 
(%0°)* then %S° << %S.* In this case, the rate of 

*This relation follows from the fact that M,/2M, = 32/2 x 16 = 1 and 
the probability deduced from the measurements of Grace and Derge® that 
the ratio of (D,/D,)% will vary between 1/3 and 3. Thus, from [9], 


%O° = %O0 — K(%S — %S°) where K varies between 1/3 and 3. Even taking 
the highest value, 3, if %S < %O, then %O° is just slightly smaller than 


%O. Substituting this result in %S > %S° oor 
> S° 


desulfurization is controlled by the diffusion of 
sulfur and is given by [7]. Experiments have been 
performed by Huntington at the Metals Division, 
Kelsey-Hayes Co. which correspond to these con- 
ditions. The data obtained are shown in Fig. 2. 
The desulfurization was accomplished in a mag- 
norite crucible. The matrix was an alloy of 80 pct 
Ni and 20 pct cobalt. Nickel oxide additions were 
made to produce the desired high oxygen contents. 
As shown in Fig. 2, the experimental relation is 
given by 


yields the conclusion 


% Sinitial 
Now Eq. [7] when integrated for the condition 
%S° < %S yields the relation 


%S 1 2 
lossy = 2 t 11 
% Sin‘tial arh? [11] 


For D; 3X107° cm?/sec.*, 1 <u < 10 cm/sec.**, 


*The value assumed is that reported for carbon saturated iron at 
1500°C.° 
**The velocity in this small crucible and for the particular coupling 
used appears by observation to be smaller than 10 cm per sec. 


3.2m, h= 10cm, then 2.1X10*< 
< 6.710 *sec.’. This range of values is to be 

to the experimental value of 2.4 x 

sec. '. The experimental value is within the range 
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Fig. 2—Desulfurization of an 80% Ni—20% Co alloy. Tem- 
perature 1520°C, 6-pound melt, 10 °atm. pressure. Time 
after all molten and evacuated. (Desulfurization did not 
occur in absence of oxygen). 


_ of the predicted values. Consequently, it can be 


concluded that the model proposed is not incon- 
sistent with the experimental data. Again, however, 
itis highly desirable to have a more rigorous quan- 
titative check of equaion (11) which involves meas- 
ured values of the factors on the right-hand side of 
the equation. 

Deoxidation—The deoxidation reaction C + O 
= CO(g) may also be considered in this section. How- 
ever, because most crucibles are comprised of 
refractory oxides it is difficult to experimentally 
separate the deoxidation reaction from the pollution 
(crucible-melt) reaction by means of oxygen or 
carbon analyses alone. Treatments of deoxidation of 
melts contained in oxide crucibles will therefore be 
postponed to later sections. It is conceivable that 
at some future time melts may be deoxidized in 
oxide-free crucibles. For this special case, a treat- 
ment similar to that in the previous section on de- 
sulfurization would apply. It is worthwhile to note 
that as in the section on desulfurization for 
%C>>%O, the rigid flow model predicts that the rate 
of deoxidation will be controlled by the diffusion of 
oxygen and vice versa. In both cases a first odors 
reaction will be obtained. 


VOLUME 218, APRIL 1960-317 


The kinetics predicted by the model should not be 
applied to the portion of deoxidation achieved by a 
boiling action. Although boiling is the most important 
process in the kinetics of deoxidation, the model con- 
siders only the volatilization stage of deoxidation and 
hence should be applied only to that stage of deoxida- 
tion during which boiling is absent. The kinetics of 
the boiling stage will be considered in a later sec- 
tion. 

Crucible-Melt Reaction (The Pollution Reaction)— 
Current treatment of the crucible-melt reaction as- 
sumes the existence of a static boundary layer 
through which the products must diffuse.** A static 
boundary layer undoubtedly exists. However, itis 
difficult to calculate or measure a value for the 
boundary layer thickness for the flow pattern likely 
to exist in the melt at the crucible wall. Evenifa 
good approximation of the boundary thickness can be 
calculated there is no certainty that the past and 
current use of such boundary thicknesses are cor- 
rect. That is, in the past it has been assumed that 
the effective thickness of the concentration gradient 
zone (VDt’) is the same as the thickness of the sub- 
laminar boundary layer. Indeed, it is likely that this 
situation does not exist. 

Two extremes may be noted. If (vDt’)* tends to be 


*t’ = h/20- where vd. is the average velocity in the sublaminar boun- 
dary layer. 


larger than the boundary layer thickness, the rigid 
flow model will predict a smaller solute transfer 
rate than for turbulent flow in which the eddy scale 
is much smaller than the dimension of uninterrupted 
rigid flow (h/2). If the scale of the eddies is on the 
order of the dimension of uninterrupted rigid flow 
(h/2), then the ‘‘rigid flow’’ model should accurately 
predict the solute transfer rate. If, on the other 
hand, (VDt') is smaller than the boundary layer 
thickness, the rigid flow model will predict too high 
a value for the solute transfer rate. As will become 
evident the consequence of overestimating the rate of 
the pollution reaction is the prediction of a larger 
steady-state oxygen concentration than obtained ex- 
perimentally and vice versa. This statement is based 
on the likelihood that the quantitative treatment of the 
refining reaction at the vapor-melt interface is a 
good approximation. It is therefore suggested that a 
comparison of the predictions based on the ‘‘rigid- 
flow’’ model and experiment can provide useful in- 
formation concerning the state of the boundary layer 
in practice. 

It will become evident in the following sections 
that the uncertainty in many of the experimental 
quantities probably exceeds the range of predictable 
values. Because the equations of the rigid flow 
model are relatively simple, this model has been 
used in the treatment of deoxidation that follows. 

The author does not intend to imply by this procedure 
that he believes the flow in the neighborhood of the 
crucible wall is ‘‘rigid’’. On the contrary, the flow 

is probably turbulent. This fact, however, does not 
detract from the desirability of having a simple 
quantitative model, which upon comparison with ex- 
periment will provide a frame of reference for de- 
velopment of a more accurate theory. The author 
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does not believe that the accuracy of the experi- 
mental data justifies a more accurate theory at this 
time. As will be shown, the quantitative predictions 
of the rigid flow model are in agreement with the 
experimental data within the uncertainty in these 
data. In any case it is believed that this procedure 
is a step forward compared to the previous treat- 
ments in which it is assumed that the thickness of 
laminar boundary layer and the effective thickness 
of the diffusion (concentration-penetration) layer 
are the same and the results are interpreted in 
terms of the value of this thickness. 

Simultaneous Deoxidation and Crucible-Melt 
Reaction—Consider the reactions 


1 2 

Al, 0, =3 Al+O [12] 
and 

C +O= CO) [13] 


Now according to the rigid flow model seven equa- 
tions describe the rate phenomena, as follow: 


(% (% = Ki, 

AY (% Al* — % All) 
= (% % O)— L2(% O — GO°) [17] 
1/2 

% Al) = 3 O) [18] 
Ly -%C°) = - TBO). GO-GO") [19] 

where Lin= 2{2 D,,v = + 


tThis equation corresponds to a single loop mixing pattern in which 
a given element of melt will come into contact with a length (h + 7/2) 
in a single sweep. If the mixing pattern is a double loop this expression 
for the rate constant _must be replaced by the following: 


| 


In the latter case there are mixing lengths: h/2, h/2 and r/2 


L% = 2 (2D,v/arh?)¥? 


With seven equations and eight unknowns (% Al*, 
%O*, SO, GC, GO°, and it should be 
possible to express each of the first seven variables 
as a function of time, the last variable. A rigorous 
solution of the equations is possible, but difficult. 
For relatively high carbon melts, an approximation 
can be made which greatly simplifies the problem. 
In this case, and for high vacuums it is reasonable to 
assume that %0° < %O. For this special case, the 
problem is simplified to the extent of having four 
equations and five unknowns, namely [14], [16], [17], 
and [18] and %Al*, ZO*, %Al, %O, and t. 

Two classes of information may be achieved by 
solving these equations. One is a knowledge of rates 
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Fig. 3—Concentration-time graphs for carbon deoxidation 
of a high-carbon melt in an alumina crucible in vacuum. 
Inset shows on expanded scale the time dependence of %O, 
and %Al in the ‘‘asymptotic’”’ stage during which the carbon 
content decreases slowly. 


of change of %Al, %O and %C and the other is a 
knowledge of their concentrations near the beginning 
of an ‘‘asymptotic stage’’ in the concentration—time 
behavior of these solutes. The meaning of the 
‘asymptotic stage’’ is illustrated in Fig. 3. As 
shown schematically, the initial rapid rate of change 
in %O approaches a very small but finite rate, which 
is maintained until the %C is nearly exhausted. 
When the latter occurs, the equations require an in- 
crease in %O°, %O and %Al until %0° = %O = %O* 
and % Al = %Al*, that is, an approach to equilibrium. 
This behavior is illustrated in Fig. 4. At the state 
defined by 
%O0° < %O. However, it is only in low carbon 
melts that this state would be reached in the 
ordinary deoxidation cycle. In high carbon melts, 
the ordinary deoxidation cycle encompasses only 
the beginning of the ‘‘asymptotic stage’’. It is be- 
lieved that the compositions at the beginning of the 
‘asymptotic stage’’ correspond to the compositions 
achieved in vacuum induction melting of high carbon 
melts. It is worthwhile, therefore, to try to obtain 
the values for these compositions predicted by the 
rigid flow model. 

It will first be assumed that in the ‘‘asymptotic 
stage’’ the rate of oxygen concentration change is 


Hence, from 


=O, it is no longer true that 


small enough to neglect, z. é. 
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Fig. 4—Concentration-time graphs for carbon-deoxidation 
of a low-carbon melt in an alumina crucible in vacuum. 


Inset has expanded concentration-scale and condensed 
time scales. 


[17] and the condition of a high carbon melt in high 
vacuum (%0° < % O) 


v2 
7) % O* [20] 


= = cm. %O* 
: + Lg” (2h+ + 7}/ 


tThis ratio applies to the case where the mixing pattern yields an 
uninterrupted sweep of length h + r/2. Where the double loop pattern 
Wh 


2h + 


Substitution for %O in [18] and for %O* using [14], 
yields an equation for %Al in terms of %Al*, namely 


exists this bracket should be replaced by 


% Al = Gas 


[21] 
where 
_2 My Di? 


3M, Dip 


-) K, 
Differentiating [21] to obtain “A ana substitution 


for the latter and %Al in [16] yields a differential 
equation in %Al* and ¢. Integration yields the result 


* 
_ art/*) +2 Pip LAl pt 


where subscript 7 denotes the value at zero time. 


The initial value of %Al*, that is %Al*, is precisely 
given by 


[22] 


Ki % Al} PAI; 
2 Di i” 9 Ma, 
23 
% Al; 3 Die M, 3 Dv [23] 


Hence, [22] defines %Al*as a function of time. Thus, 
by [21] %Al is defined as a function of time, by [14] 

% O*is likewise defined, and by [20] %O is similarly 
defined. For most measurements in the ‘‘asymptotic 
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stage’’ the total time of refining varies between about 
1 hr and 5 hr. The concentrations corresponding to 
1 hr of refining will now be calculated. A first step 
is an estimate of the range of values for P and LAl. 
It is believed that the ratio D,/Da,) is likely to be 
larger than unity but smaller than the maximum dif- 
fusivities ratio measured [13].° The value of D, will 
be estimated to lie between 107* to 107° sq cm per 
sec® —that is, within the same order as that for car- 
bon diffusivity in iron. Finally, the equilibrium con- 
stant K,, is obtained from Gokcen and Chipman’ as 
equal to 4.6 x 10°°. Fischer and Hoffmann’ have re- 
cently measured %O and %Al as a function of time 
for a high carbon melt in which %O, = 1.4x10°°% 
and %Al; = 710° %.. The melt dimensions were 
about 7 = 4.3 cm andh= 8.6 cm. With the ranges 
estimated and for the initial conditions given above, 
it is predicted that at 1 hr of refining the concen- 
trations would have the following valuest 


/tThese values are calculated on the basis of a single loop flow pat- 
tern. However, because the results for the double loop pattern overlap 
these values the conclusion is insensitive to the nature of the mixing 
pattern. 


4.4x107* < GO < 6.4.x 107* 

= 9.3 x 10°* 
1.11077? < %Al* < 2.0107? 


Also, the rate of increase of aluminum concentration 
is predicted to be 


6.6x10°%/nr < 107? 
The experimental values observed by Fischer and 
Hoffman are 


%O=1%x10 
% Al= 3X 1077% 


d%Al 
at 


The agreement between the predicted and observed 
results is impressive although it is not necessarily 
meaningful. Before considering the relatively minor 
deviations between predicted and observed param- 
eters, further predictions of the theory will be dis- 
cussed. 

For relatively high carbon melts, the model pre- 
dicts, other factors being constant, that at a given 
time after melting the concentrations %O, %Al, and 


a%A 
2 : should be independent of the carbon concentra- 


and = 2x1077%/hr 


tion. Fischer and Hoffman® observe that for three 
melts of initial carbon contents—0.17%, 1.03%, and 
2.08%—the concentrations are as shown below. 
Initial 


%C 0.17% 1.03 2.08 
(Ht. 4894) (Ht. 4807) — (Ht. 4808) 
(1 hr) 0.036 0.03 0.06 
%O (1hr) 0.001 0.001 0.002 
dt hr} 0.012 0.02 0.02 
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The relatively small differences between these heats 
can be explained on the basis of differences in the 
initial oxygen content and, also, the analytical re- 
producibility. For example, the oxygen content is 
reported to the nearest 0.001%. The significance of 
the difference between 0.002% and 0.001% is there- 
fore questionable. (The significance of the differ- 
ence between the predicted oxygen content of heat 
4807, 0.0005%, and the observed, 0.001%, is also 
questionable.) The point to be emphasized, how- 
ever, is not the minor differences but the major 
agreement. 

The question might be raised whether even more 
impressive agreement between theory and experi- 
ment could be obtained if activities replaced concen- 
trations as driving forces. It is conceivable that the 
answer may be in the affirmative. However, in view 
of the uncertainty in the actual values of D, and Da; 
it is not believed that further refinement is justified 
at this time. 

Parlee, Seagle, and Schuhmann‘ have recently 
measured deoxidation kinetics of iron melts in 
alumina crucibles. Their procedures differed from 
that of Fischer and Hoffmann? in that they first 
equilibrated the melt at a constant CO pressure 
and then started deoxidation by suddently lowering 
the CO pressure to a new fixed value. The equa- 
tions of the rigid flow model can be evaluated also 
with respect to these data. 

At equilibrium all concentration driving forces 
in the rate equations disappear. When the is 
changed, by [15] there will be a definite change in 
the value of %O°. This change in %O° is the value 
that should be substituted for (GO —-%O°) in [19] to 
obtain the rate of CO evolution immediately after 
the change in Poo.(This rate is not that called ‘‘7’’ 
by Parlee et al., but is the initial slope of the curve 
in their Fig. 4.) This rate is representative of the 
deoxidation reaction alone—in the absence of the 
polluting reaction. Thus, 


° AP Poo 
A%O° = A 0 
Eq. [19] yields 


[24] 


c A%O° 


= Din 


Substituting this result in the previous equation, then 


V/2 
A O°= A ° Ds M, 
% ( 15 %C ) %C°Kys Di? M, 


The data corresponding to their Fig. 4 are 


[25] 


AP., = 760 atm; = 0.0035; %C° = 0.63 
782 
V3 and = 760 atm 
Substituting, 


A%O° = 0.0009 % 


and is not sensitive to the uncertainty in the diffusiv- 
ity ratio. With this value, an estimated range 10-4 
cm “ per sec < D, < 10°cm® per sec., an estimated 
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velocity v = 10 cm per sec. and the given dimensions? 
h = 2.3 cm and 7 = 1.6 cm then the predicted CO rate 
is given by [19]. The result is 1.7 cc per min to 5.5 
cc per min as compared to 0.85 cc per min. meas- 
ured by Parlee et al.* Actually, the measured rate 
corresponds to the rate existing subsequent to about 
1 min after altering the CO pressure. (It is difficult 
to estimate a value for the rate at zero time from the 
data given.) Consequently, the comparison made is 
not strictly valid, 7.e. the A%O after 1 min is much 
less than at the start of the run. If the predicted 
range of rates is altered to correspond to this time 
of deoxidation, the new predicted values are 0.6 cc 
per min to 0.2 cc per min. Thus, it can be concluded 
that the theoretical prediction is consistent with the 
observed rate of CO evolution. That is, it is pre- 
dicted that the rate should be between 0.2 cc per min 
and 5.5 cc per min and it is. 

The rate called ‘‘v’’ by Parlee is the CO evolution 
rate in the ‘‘asymptotic stage’’. This rate is also 
capable of being predicted by the rigid flow model. 
By [19] the rate ‘‘7’’ equals the product of the initial 


rate by the factor pos ee The subscript ‘‘m’’ 


represents the value in the ‘‘asymptotic stage’’ and 
subscript ‘‘z’’ represents the initial value. By [17] 
d%O _ 


(% %O8) (% OF On) 


and 


Now by [18] and the assumption that in the initial de- 
ad%Al d%Al* 
di 
during the initial rapid deoxidation period), then 


oxidation period (i.e. Al is constant 


d(%O*-% 0) = 3 arr) 


Integrating this equation from the initial condition 
where %O* = %O; to the start of the ‘‘asymptotic 
stage’’ (denoted by subscript ‘m’) then 


3 D¥? 


%Om— %Om= 5 Dip — %Al}) 


Eq. [14] may be used to convert %A1* to %O* with the 


result that 
M. K, 3/2 Len 3/2 


%O,, = 5 Dire 
O, then a 


Substituting for %O,, into [17] with —, 


relation between %O%, %O;7, and is obtained. 
Inasmuch as the last two terms are fixed by the ex- 
ternal constraints, then %O7,is known and by the 
above equation %O,,is known. It is thus possible to 


%On-%0n and it is found that this ratio 
%Oi- %Om 
varies between 0.021 to 0.075. Thus, the predicted 
r is given by 0.85 cc per min multiplied by these 
numbers or 0.018 to 0.064 cc per min as compared 
to Parlee’s et al. experimental value of 0,066 cc per 
min. (The agreement is best for (D,/Dai) “= 3.6). 
Again, it is found that the theory predicts values of 


calculate 
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rate constants in good agreement with the data. 

The author would like to note that the derivation 
given by Parlee et al. for the time dependence of %O 
corresponds to assuming that %O* in [17] is inde- 
pendent of time. Actually the time variation of %O* 
as noted in the previous calculation is sufficiently 
large that it cannot be neglected. An equation similar 
to the equation obtained by these authors can be 
derived on different assumptions—namely, that %O* 
is proportional to %O. In this case, the interpreta- 
tion of the rate constants differs markedly from that 
associated with the assumption of constant %O* Un- 
fortunately, a rigorous evaluation of the present 
theory relative to the further data of Parlee et al. 
requires the rigorous solution of the seven simul- 
taneous equations. 

Simultaneous Deoxidation, Distillation and Cru- 
cible- Melt Reactions— These three reactions com- 
prise the most complex situation and are described 
by eight equations. A typical example is 


MgO = Mg +O [26] 
Mg = Mg (8) [27] 
C + O=CO(g) [28] 
The eight equations are 
(%Mg*) (%0*) = Kae [29] 
= Ke [30] 
[31] 
(%C°\(GO") 
12(%0*-%O) L3(%0-%0°) [33] 
HBC) 12(%C [34] 
1/2 1/2 
(%Me*—%Me) = 0) [35] 
Mg 
1/2 1/2 
(%C-%C°) = (% %O°) [36] 


These equations are more tractable than the pre- 
vious set. In this case, the equations predict that a 

at at 
This state can exist as long as carbon is relatively 
high. When the carbon decreases to the point where 
% O° can increase, the stationary state ceases and 
there is then an approach to equilibrium. In the 
stationary state, the concentrations, except that for 
carbon, remain constant. For low carbon heats, the 
stationary state is not long lived. Rather than a 
stationary state it represents the state of minimum 
oxygen content. 


stationary state exists in which 
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Fig. 5—Predicted carbon-oxygen interdependence during 
vacuum induction melting in magnesia crucibles. 


The predicted relation between the carbon and 
oxygen contents in the stationary state is obtained by 
substitutions in [36] and is given by 


% Cn = 


+l %0,+ AP (GOR +4G/F)Y? [37] 
where 
“M, Di? 
B = 
2 (2h + + 2Vr 
pe [_ 
Vr 
t 
_ 
(2h. 4 +4. \ Oh + 
Me 
G= Ke, (1—E£) 


*Single loop mixing pattern. 
tDouble loop mixing pattern. 


(subscripts m denote stationary state values) 

The asymptotic solution to Eq. [37] is schemat- 
ically illustrated as the full line aob in Fig. 5. The 
line 0b represents the asymptotic value in %O, ap- 
proached as %O° approaches zero. The line ao 
represents the last two terms in Eq. [37]. The sig- 
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nificance of this solution is as follows. It is pre- 
dicted that any initial carbon and oxygen content ly- 
ing between boc such as point 1 will follow the path 
indicated as a function of time. Similarly, other 
typical paths for each cross-hatched region of initial 
composition are shown. The initial rate determining 
step for the regions corresponding to points 1, 2, and 
3 is the deoxidation step. Along line ao the rate de- 
termining step is that for diffusion of the crucible 
products (Mg and O)into the melt. The equations 
predict that the quickest way of approaching point 0 
is to have an initial composition along the line oc. 
However, this technique has the predicted disadvant- 
age that the rate of pollution is high in the vicinity 

of point 0. Hence, according to the model it would be 
necessary to pour immediately as the point 0 is 
reached. On the other hand, the time in the station- 
ary state for path (1) is predicted to be long. There 
are several other predictions. For example, for any 
initial composition high in the range aoc, the path of 
which intersects line oa at relatively high oxygen, 
the minimum oxygen concentrations will correspond 
to the path intersections on line oa. Other predic- 
tions are the value of (GO minimum) and the carbon 
content corresponding to point 0. These values are 
given by 


% On (minimum) = i [38] 
and %C (point O) =A % O,, (minimum) [39] 


By estimating a range of values for the parameters, 
reasonable values for both these concentrations can 
be predicted. Assuming ideal solution of magnesium 
in iron then Kz, = 8.3 X 10°’. Further, because the 
diffusion of oxygen is likely to be faster than that of 
magnesium, 


Mg 


Also because carbon and oxygen are both interstitial, 
it is reasonable to assume that 


1/2 
= < v3 
De 


v3 


For most crucibles 27. Hence, C=3.24; D=2.24; 
E = 0.69. With these values, for iron melted in mag- 
nesia crucibles it is predicted that, 


2.9x 10°*% < %O,(minimum) < 5.2 x 107*% 
(ideal solution 
of Mg in Fe) 

0.0001% < %C (point 0) < 0.0007% 


Fischer and Hoffman® report values of %O for both 
0.57%C and 2.0%C steels melted in magnesia cru- 
cibles equal to 0.001%. The predicted minimum value 
of %O and its independence of carbon content is con- 
sistent with experiment. The difference between the 
predicted and experimental minimum oxygen content 
is not large enough to be significant. That is, the 
predicted value is based on the assumption of ideal 
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solution of magnesium in iron and the experimental 
is at the minimum detectable limit. 

In addition to predictions about the values of con- 
centrations for the stationary state, the model also 
predicts rates of change of composition. In particu- 
lar, the rate of decrease of carbon content along the 


line obis given by (34) with %C;, for the value of %C°. 
This rate equals 


AGC 
dt 


=— Om (minimum) [40 ] 
It was estimated previously that D, varies between 
10°* to 10°* sq cm per sec. For the crucible dimen- 
sions used by Fischer and Hoffman (7 = 4.3 cm, 

h = 8.6 cm) then 


bros 72, hy 


and 0.007 %/hr < < 0.037 %/hr 


The observed rate varies between 0.00+%/hr and 
0.04%/hr. Again, the theory is in quite satisfactory 
agreement with the data, although less scatter in the 
data would provide a better evaluation. 
is that it 
should be independent both of time and carbon con- 
tent. Unfortunately, the data of Fischer and Hoffman 
are not sufficient to test this prediction. 

Effect of Crucible Purity—Most refractories used 
in vacuum induction melting in current practice con- 
tain some silica. For example, the magnesia cru- 
cible used by Fischer and Hoffman contained 1 pct 
silica. The effect of silica on both the steady-state 
oxygen-carbon interdependence and the decarburiza- 
tion rate may be calculated. Inasmuch as silicon 
evaporates from iron at high vacuums, it will be as- 
sumed that the steady-state also comprises the 
steady-state for silicon, as well. To take into ac- 
count the fact that silica occupies only a fraction of 
the melt-crucible interface, the factor L¢, must be 
replaced by f ¥*LX,, where f is the area or volume 
fraction of silica in the crucible. With this substi- 
tution the steady-state concentration at high carbon 
equals 


An interesting prediction about 


2 pi? 
1 


For f = 0.01, K = 3X 107°, Dg, = 1.5 10-* sq cm per 
sec., < D, <10 per sec, h = 27, 
then 


0.0045 < GO, < 0.005 


The predicted effect of even 1 pct silica in magnesia 
is to increase the steady-state value by about a fac- 
tor of ten. It is possible therefore that the difference 
obtained between the predicted %O,, for a pure mag- 
nesia crucible (<0.0005 pct) and the observed value 
(= 0.001 pct) can be completely accounted for by the 
silica content of the experimental magnesia crucible. 
If this is in fact true then it should be possible to 
further reduce the oxygen content of iron if it is 
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vacuum induction melted in ultra-pure fused mag- 
nesia crucibles. 


Analysis of the Carbon-Oxygen Boil—The first 
manifestation of the deoxidation reaction which in- 
volves the formation of carbon monoxide at the ex- 
pense of the carbon and oxygen in the melt is a boil. 
The possibility that the carbon monoxide bubbles are 
homogeneously nucleated in the body of the melt is 
nil. An analysis of this problem given in Appendix I 
reveals that a partial pressure of about 10% atm of 
carbon monoxide would be required in a 1 pct C 
steel to produce a nucleation rate of one bubble per 
sec at 1 cm below the melt surface. Such high par- 
tial pressures of carbon monoxide obviously do not 
exist in steels that contain only about 0.1 pct O. In- 
deed, a 1 pct C steel having 0.1 pct O can only de- 
velop a CO pressure of about 25 atms.?® 

Where and how can the CO bubbles form? There 
are at least two possibilities. Violent inductive 
stirring, by the development of vortices, may pro- 
vide the energy to nucleate cavities in the melt into 
which the carbon monoxide may accumulate as a 
consequence of the surface reaction between the 
carbon and oxygen. A more likely source of 
‘‘nucleation’’ resides in the cavities already present 
in the crucible at the crucible-melt interface. If the 
form of these cavities is such as to prevent wetting 
of the cavity-crucible surface by the melt, then 
there will exist a host of nucleation sites at which 
carbon monoxide can accumulate. The existence of 
such unfilled cavities depends upon the contact 
angle between the melt and the crucible wall and 
the shape of the cavities. Contact angles between 
iron and nickel containing titanium and various 
oxides have been reported by Kingery.** From these 
data it can be concluded that there are many unfilled 
cavities in the crucible walls. It is suggested that 
carbon monoxide enters these cavities by the reaction 
between carbon and oxygen at the melt-cavity inter- 
face. Further, it is suggested that these small ele- 
ments of melt-cavity interface can be treated in the 
same way as the melt-vapor phase interface has 
been treated in deriving Eq. [5]. Carrying out this 
treatment in detail, Appendix II, the following result 
is obtained: 


5 1/2 = 


where Nds number of bubble sites per unit area of 
crucible surface having radius between 
Ss and s + ds. 


mn diameter of maximum size cavity along 
crucible wall. 


a 


oxygen concentration in equilibrium 
with carbon in iron and carbon monox- 
ide pressure equal to external pressure 
plus the pressure of half the depth of 
metal in crucible. 


oxygen concentration in equilibrium 
with carbon in melt and carbon monox- 
ide pressure at bottom of crucible (full 
head of melt). 
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This result cannot-be applied directly to a determi- 
nation of the rate of loss of oxygen by boiling because 
it represents only the contribution of the bubbles at 
the cavities to the total oxygen loss. The bubbles 
rise up through the melt. They also expand and in- 
crease their surface area. Consequently, the right 
hand side of the equation must be modified. With the 
assumption that the total gas-melt area of the free 
bubbles is much larger than that of the bubbles at- 
tached to the wall and proportional to the latter then 
the following equation is obtained 


[42] 


5 1 
dCo =~ my (#222) 


Because [42] contains an unknown parameter m itis 
not possible to make quantitative predictions as with 
[5]. However, it is predicted that mixing velocity, 
and to a greater extent the size and number of cav- 
ities in the crucible wall, should markedly affect the 
rate of deoxidation during the boil. Experiments to 
evaluate this suggestion are believed to be justified. 
As emphasized in Appendix II, the lowest limit on 
oxygen which a ‘‘full boil’’* can achieve is that which 


*A ‘full boil’’ is defined to be one in which all the melt is traversed 
by bubbles. 


is in equilibrium with the carbon content of the melt 
and a carbon monoxide partial pressure equal to the 
pressure in the chamber plus half the depth of metal 
in the crucible. A partial boil has a smaller deoxi- 
dation rate than a full boil. In practice it is known 
that the boil disappears rapidly. Consequently, to a 
good approximation C, at 0.2 pct C, a vacuum of 
10°° atm and a bubble size larger than 1 mm diam 
is 0.0025 pct or 25 ppm O. The limit C, to which the 
boil can reduce the oxygen content for a melt depth 
of 50 cm is relatively insensitive to pressure varia- 
tions in the vacuum chamber when the pressure is 
below about 0.05 atm. This statement is in agree- 
ment with Samarin’s observations.° The explana- 
tion given above differs from Samarin’s in that he 
uses a thermodynamic argument and a kinetic argu- 
ment is used in my treatment. Because the oxygen 
content of 0.2 pct C steels can be reduced to about 

. to 10 ppm in MgO crucibles, it is apparent that 
surface deoxidation is important in attaining the 
minimum possible oxygen levels. The carbon boil’s 
function is to reduce the oxygen content to the C, 
limit in the minimum possible time. The surface 
deoxidation’s function is to further reduce the 
oxygen content. 


_ DISCUSSION 


This paper started with the objective to develop 
and evaluate a new model (the rigid flow model) for 
the kinetics of vacuum induction refining. It was 
believed that the old models were inadequate to 
describe the refining reaction at the melt-vacuum 
interface. The new model was developed specifically 
for this reaction. It has been applied not only to the 
refining reaction but to the melt-crucible reaction as 
well. No marked disagreement between the predic- 
tions of the theory and experiment have been ob- 
tained. A very stringent limitation on the model is 
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that it makes quantitative predictions with no built-in 
adjustable parameters. Unfortunately, although these 
parameters are measurable, there are insufficient 
data to provide a quantitative check of the theory. 
Order of magnitude estimates of the values of these 
parameters yield numbers which are within factors 
of three of experimental numbers. Better agreement 
should not be expected in view of both the uncertainty 
of specific values to assign to some of the param- 
eters in the theory and the reproducibility of both ex- 
perimental rate measurements and concentrations. 

The foregoing statements should not be implied to 
mean that it is proposed that the theory should ex- 
plain all the kinetics of vacuum induction refining. 
Far from it. The objective was to develop a better 
theory than existed previously and to evaluate the 
theory experimentally. At the present writing the 
theory appears to have promise. Much more experi- 
mental evaluation will be required before the range 
of application of the theory will become known. 

One of the prime functions of a theory is to predict 
new relations. In this sense the theory has been suc- 
cessful. In fact, there are sufficient predictions to 
provide experimentalists with many happy hours in 
attempts to disprove or prove the theory as the 
case may be. Actually, the experiments will neither 
prove nor disprove the theory but will suffice to 
define the range of application of the theory. For 
example, it is conceivable that in certain cases the 
diffusion step may not be the rate limiting step ina 
sequence of steps. That is, the resistance in the gas 
phase or the resistance of the chemical reaction may 
be greater than that offered by diffusion of the re- 
actants. In this case, the model obviously does not 
apply, nor should it be applied. Among the predic- 
tions made are the quantitative effects of melt di- 
mensions and velocity of mixing on the refining 
rates. These two factors are capable of experi- 
mental variation and control and the theory should 
be subjected to these tests. Other predictions are 
the refining paths in a C-O plot for various initial 
carbon and oxygen concentrations in magnesia cru- 
cibles. There are still other predictions which will 
become known to the expert reader upon reflection. 


SUMMARY OF RESULTS AND CONCLUSIONS 


On the basis of the rigid flow model it is predicted 
that vacuum distillation will obey a pseudo first or- 
sn reaction eeu with a rate constant given by 

2(2 Dv/1rh*)¥? , where D is the diffusivity of the 
aie that is being distilled, uv is the velocity of 
streamline flow, 7 is the radius, and h the depth 
of the melt in the crucible. All the factors in this 
rate constant can be separately measured; hence, 
this prediction is quantitative. The same expres- 
sion for the rate constant is predicted for reactions 
that occur at the vacuum-melt interface. In the latter 
case, the diffusivity is that for the slower moving 
component involved in the surface reaction. The 
predicted value of the rate constant for the desul- 
furization reaction, S + 20= SO2(g), in a nickel- 
cobalt alloy is between 2.1107? and 6.7 1074 
sec! as compared with the experimental value of 
2.410" 4 sec”. The uncertainty in the value of 
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the diffusivity of sulfur in this alloy can adequately 
account for the discrepancy between predicted and 
observed rate constants. 

The reaction kinetics are complex when at least 
one component is involved in two or more simul- 
taneous chemical reactions. Examples, such as 
the simultaneous deoxidation of the melt and cru- 
cible reduction, are treated in detail in the text. 
Several predictions are made among which are the 
complete reaction kinetics associated with the car- 
bon deoxidation of iron in both alumina and mag- 
nesia crucibles. The quantitative predictions are in 
excellent agreement with measurements recently 
made by Parlee, Seagle, and Schuhmann‘ and Fischer 
and Hoffmann.® 


Not only are rate constants predicted by the 
theory, but also the ‘‘asymptotic stage’’ concen- 
trations of oxygen and aluminum in molten iron 
during the process of carbon deoxidation of iron 
in an alumina crucible are predicted. Also, the 
‘“steady-state’’ oxygen concentration in magnesia 
crucibles is predicted. All these predictions are 
quantitatively in agreement with experiment. 

An analysis of the carbon boil is given. It is 
shown that there is a sharp cut-off in the boil de- 
oxidation rate when the boil transforms from a 
full boil to a partial boil. For a given carbon con- 
tent this sharp decrease in deoxidation rate oc- 
curs at a certain oxygen content that is sensitive to 
the depth of the melt in the crucible but insensitive to 
the vacuum below about 0.05 atms. 

It is concluded that there is sufficient agreement 
between theory and experiment to justify a syste- 
matic and detailed experimental evaluation of the 
rigid flow model and associated kinetics of vacuum 
induction refining. 
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APPENDIX I 


Homogeneous nucleation theory yields the following 
result for the rate of nucleation of bubbles in a CO 
boil. 


. 
RT = number of bubbles per second 
[1-1] 


where V volume of bath 
S* radius of critically sized bubble 
Wx work of formation of critically 
sized bubble 


Q activation free energy in the dif- 
fusion of oxygen through the melt 
fs vibrational frequency of atoms in 


liquid state 
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Also, 


3 P +h p 


[1-2] 


*This equation is accurate for all ratios of Poo /P + ph. When the 
latter ratio approaches unity expansion of the denominator in [1-2] yields 


the relation W* = 1657/1 Poo —(P + ph)]?. For the latter case, 


s* = 2y/[P.. —(P + ph)] which is the relation used by Samarin.’° The 
latter relations are appropriate for the situation corresponding to the near 
cessation of boiling. 


where vy energy of interface between melt 
and bubble 

ve pressure above melt 

p density of bath 

h head of metal above bubble 

P.. partial pressure of CO corre- 
sponding to carbon and oxygen in 


bath at bubble depth 


Substitution of reasonable values in [1-1] and [1-2] 
yields the result that observable nucleation rates re- 
quire excessively large values of the ratio P.,./(P+ ph): 
For example, the maximum possible choice of 


4 
Wf m™S*° is about 10”; other reasonable values are 


£ 10” sec* 

Q 20,000 cal/mol 

y 500 ergs/cm? 

P= O 

T = 1700°K 
(These values are chosen deliberately to minimize 
value of P., required for a given N.) For N to 
equal 1 bubble per sec, the partial pressure required 
in the presence of 1 pct carbon at a head of 1 cm of 
iron is much greater than 10* atms. To achieve this 
partial pressure of CO would require the presence of 
at least 50 pct O concentration in the bath, an obvious 
impracticality. 

Heterogeneous nucleation reduces the oxygen con- 
centration requirements. However, the most prob- 
able sites for bubble formation are voids and cav- 
ities in the crucible walls”? that are not filled by the 
melt due to the inability of the melt to wet the cru- 
cible. At such sites the work to form a bubble is 
minimized; hence, the rate of formation of bubbles is 
maximized at such sites. Bubbles will form easiest 
at the largest cavities. Thus, cavity size determines 
the limiting oxygen concentration that can be reached 
at any given carbon concentration. Another site for 
nucleation at which bubbles probably form is the 
negative pressure region created by a vortex”. Be- 
cause nucleation at the site is not easily amenable 
to analytic treatment, it must be neglected in the fol- 
lowing. However, this neglect should not imply lack 
of importance of this method of nucleation in prac- 
tice. 


APPENDIX II 


Kinetics of the Carbon Boil—It will be assumed 
that the rate of diffusion of oxygen is the factor 
limiting the rate of CO formation at a CO bubble. 
Two cases may be considered: one in the absence 
of a convective flow, the other in the presence of a 
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convective flow. The latter condition exists during 
induction vacuum melting; hence, we will consider 
this case only. 

To a first approximation, the problem may be 
considered as an example of rigid flow refining. 
That is, CO is transferred from a given differential 
volume of the melt to the bubble only during the 
time of contact between this volume of melt and the 
bubble. Thus, following Eqs. [2] to [5], the rate of 
loss of CO from this differential volume to a single 
bubble during its time of contact with the bubble is 


6 =(C, -—C,)? VDt'/7 2sv 
where 2s diameter of bubble. 
Vv velocity of flow of melt tangential 
to crucible surface. 
ras 2s/v, time of contact of a dif- 
ferential volume in melt and 
bubble. 
In the above equation C, is considered to be con- 
stant and to have the meaning described in Eq. [2] 
with the additional requirement that it refer to the 
concentration of oxygen. Now C, is a variable de- 
pending upon the depth of the melt at the bubble, the 
radius of the bubble and the pressure above the melt 
in the chamber. It is given by 


C, = O°= (P+ ph +27/s)/%C- Ks 


[2-1] 


[2-2] 


To obtain the total rate of formation of CO to all the 
bubbles it will be necessary to integrate the product 
of [2-1] and the distribution function Ndh ds. The 
latter quantity is the number of bubbles per unit area 
of crucible having a radius between s and s + ds. 


dM 
at 

| 

J % C: Kis 


[2-3] 


Integration, collection of terms and division by the 
volume of melt yields 


2N 


[2 C.-C.) (Co - Cs) 


[2-4] 


Ndhds number of bubbles per unit area of 
crucible surface having radius 


where 
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between s and $+ ds. 

maximum cavity diameter in 
crucible wall 

Cs oxygen concentration in equilibrium 
with carbon in iron and carbon 
monoxide pressure equal to ex- 
ternal pressure plus half the depth 
of metal in crucible plus the pres- 
sure 47/3s,,. The latter quantity is 
small enough to be neglected. 
radius and depth of bath in crucible 
oxygen concentration in equilibrium 
with carbon in melt and carbon 
monoxide pressure at bottom of 
crucible (full head of melt) 4y/3 s,. 


(To obtain the above relation it was necessary to as- 
sume that N is a constant independent of s. If this 
is not the case, then the integral must be reevalu- 
ated.) 

As soon as boiling ceases to occur at the bottom of 
the crucible, the second term in the bracket becomes 
equal to zero. Also, integration must be then carried 
out to encompass only the volume of melt subjected 


hm 
Csb 


~ to the boiling action. A decrease in the rate of boil- 


ing means, of course, an increase in the time re- 
quired to achieve a given degree of refining. When 
the bottom of the crucible no longer contributes to 
the production of bubbles, the rate of boiling is de- 
creased by the ratio of 


To a rough approximation this ratio is about equal to 
1/2. Hence, the concentration of oxygen in the melt 
rapidly levels off as boiling passes from the ‘‘full 
boil’’ stage to the partial boiling stage. 
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Stabilization of Certain TizNi-Type Phases 


by Oxygen 


In the systems Ti-Mn-O, Ti-Fe-O, Ti-Co-O, and Ti-Ni-O 
the boundaries of the Ti,Ni-type phases were determined at one 
or more temperatures and the variation of the lattice parameter 
with oxygen content was determined. Densities were calculated 
from the lattice parameters and compared with measured density 
values. The results indicate that the occurrence of the phase in 
these systems can be correlated qualitatively with valency elec- 
tron concentration, and that the role of oxygen is that of an elec- 
tron acceptor. The lower limit of oxygen solubility appears to 
be determined by the valencies of Mn, Fe, Co, and Ni, while the 
maximum oxygen concentration coincides with the filling of the 


16 (c) positions of the oO} - Fd 3m space group. 


THe suggestion has been made by several investi- 
gators” that the phases having the cubic E9,-type 
structure, and known as 7-carbide-type, double- 
carbide-type and Ti,Ni-type, are members of a 
family of electron compounds. This concept has 
been given additional support by recent work® in 
which new isostructural phases involving second 
and third long period combinations were found, and 
which provided further evidence of the regularity of 
occurrence of the phase in terms of periodic table 
relationships. In this laboratory attention has been 
focused on the isomorphs containing titanium, zir- 
conium, or hafnium, and the role that oxygen plays 
in their occurrence. In some binary systems Ti,Ni- 
type* phases occur having the formula A,B where A 


*For the balance of the paper the designation Ti,Ni-type will be 
used. It is believed that this designation is the most appropriate since 
Ti,Ni as a prototype of the binary phases, and the present work sug- 
gests that the oxygen-containing phases are special cases of the 
binary phases. 
is the titanium group element. Based on previous 
work* and the present investigation, oxygen is known 
to be soluble in two of these binary phases, Ti,Co and 
Ti,Ni. It is probable that oxygen is also soluble in 
the other phases of this kind. In other binary sys- 
tems the Ti,Ni-type phase does not occur, but does 
occur in the corresponding ternary systems with 
oxygen 3-5 The experiments described here were 
performed to determine whether the occurrence and 
composition of certain of the Ti,Ni-type phases could 
be related to an electronic effect and whether oxy- 
gen’s stabilizing role is exerted through an influence 
on the electron: atom ratio. The ternary systems 
Ti-Mn-O, Ti- Fe-O, Ti-Co-O, and Ti-Ni-O were se- 
lected for study for two reasons: First, several 
schemes have been proposed for first long period 
elements which, although not in quantitative agree- 
ment, show a generally consistent trend for the 
variation of valency with atomic number. Although 
for a transition metal the term valency is difficult 
to define and is generally not a constant number 
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which can be applied to all alloys, it is usually as- 
sumed to be an index of the number of electrons 

per atom involved in metallic cohesion. Second, 

the determination of the Ti, Ni-type phase boundaries 
was facilitated by the fact that the phase relations in 
several of these ternary systems have been investi- 
gated by other workers.~ 


EXPERIMENTAL PROCEDURE 


The alloys were prepared by arc melting crystal- 
bar titanium, reagent grade TiO, and electrolytic 
manganese, iron, cobalt, and nickel. Each button 
was remelted at least three times. The metals had 
a minimum purity of 99.9 pct except the nickel whose 
purity was 99.4 pct, the major impurity in this in- 
stance being cobalt. The preparation of the manganese 
alloys was attended by the customary difficulties as- 
sociated with the vaporization of manganese. The 


- technique used in this case was to add approximately 


10 pct extra manganese to the original charge and to 
continue remelting the button until the final weight 
was in agreement with its intended weight. At least 
three alloys in each system were analyzed chemi- 
cally and the results, even for the manganese alloys, 
were in good agreement with the intended compositions. 
A few additional alloys in the Ti-Mn-O system were 
prepared by the sintering of mixed powders in evacu- 
ated quartz tubes followed in some cases by arc 
melting. For annealing, the alloys were wrapped in 
molybdenum foil and placed in fused silica tubes con- 
taining zirconium chips. The fused silica tubes were 
evacuated at room temperature to a pressure of 

1 x 10°° mm of Hg and sealed. These capsules were 
then annealed for 72 hr at an external pressure of 

5 x 10°°mm of Hg in a vacuum furnace whose tem- 
perature could be controlled to + 1°C. The success 
of this procedure in avoiding significant oxygen or 
nitrogen pickup was indicated by the bright, ductile 
condition of the molybdenum foil and by the complete 
absence of a microscopic reaction layer on the 
specimens. This method did not permit rapid 
quenching of the specimens but in no case did metal- 
lographic examination indicate that a solid-state 
transformation had occurred on cooling. Metallo- 
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graphic and X-ray diffraction techniques were used 
to determine phase boundaries. The cumulative etch- 
ing procedure described by Ence and Margolin’ was 
used in the metallographic study but identification of 
the phases was entirely by X-ray means. All X-ray 
specimens consisted of crushed powder that was not 
reannealed after crushing. Diffraction patterns were 
made with a 114.6-mm powder camera using filtered 
Cu, Co, or Cr radiation, and the lattice parameters 
of the Ti,Ni-type phases were determined from back- 
reflection lines by Cohen’s least-squares method. a 
Standard errors, calculated by the, method of Jette 
and Foote,” did not exceed +0.002A and were usually 
+ 0.001A. The lattice parameters were also deter- 
mined by a Nelson-Riley extrapolation. In every 
case the extrapolated value agreed with the least- 
squares value to within the standard error. The 
density of the Ti,Ni-type phases was calculated 
from the lattice parameter data by the following 
formula, suggested by Barrett:*° 

nA + 


Po VN 


where 7 is the number of metal atoms (96) in the 
unit cell of volume V, A is the mean atomic weight 
of the metal atoms, v* is the average number of 
interstitial oxygen atoms per unit cell, A* is the 
atomic weight of the interstitial atoms (16.00) and 
N is Avogadro’s number. v* is calculated from the 
relation u*:n = atomic percent interstitial oxygen 
atoms: atomic percent metal atoms. For all of the 
Ti,Ni-type phases discussed here an uncertainty 

in the lattice parameter of +0. 002A results in an un- 
certainty in calculated density of less than 0.1 pct. 
Density was measured by the carbon-tetrachloride 
displacement method. Each density value given 
below is the average of three determinations on 
the same specimen. Deviations of individual values 
from the averages are less than 0.2 pct. 


Ti 


>~&TiO 
E+TiO+TICo 4 
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RESULTS 


Ti-Mn-O— The TizNi-type phase field that exists 
at 1100°C is shown in Fig. 1. It is confined to a very. 
small composition range between 14 and 15 at. pct O 
at the equiatomic Ti:Mn ratio. A study of the same 
alloys after annealing at 900°C indicated that the 
location of the phase field is the same at the latter 
temperature. The lattice parameter of the Ti, Ni- 
type phase in the alloy having the composition 44 at. 
pet Ti, 42 at. pct Mn and 14 at. pct Ois 11.229 
+0. OO1A. The measured density of this alloy, whose 
microstructure showed small amounts of two other 
phases is 6.14 g per cc. Densities calculated from 
the lattice parameter on the basis of the two com- 
positions 43 at. pct Ti, 43 at. pct Mn, 14 at. pct O 
and 42.5 at. pet Ti, 42.5 at. pct Mn, 15 at. pct O are 
respectively 6.08 and 6.11 g per cc. The latter value 
agrees with the measured density to within what is 
considered the maximum difference ascribable to 
experimental error, 0.5 pct. 

Ti- Fe-O—The Ti, Ni-type phase (e€) field in the 
Ti- Fe-O system at 1000°C is shown in Fig. 1. The 
triangular data points designate the alloys for which 
the lattice parameter of the TizNi-type phase was 
measured. Except for the minimum and maximum 
oxygen solubility limits, the boundaries found in the 
present work are in general agreement with those 
of Ence and Margolin® and in conflict with the bound- 
aries proposed earlier by Rostoker.* A study of the 
same alloys after annealing at 800° and 900°C did not 
reveal any significant shift in the boundaries and also 
failed to show any indication of the occurrence of a 
binary Ti, Fe phase. The other ternary phase labeled 
y by Ence and Margolin could not be found. 

Fig. 2 gives the lattice parameters of the Ti, Ni- 
type phase in the alloys shown as triangular data 
points in Fig. 1, plotted as a function of the oxygen 
content of the alloys. These alloys lie along a com- 
position line (Ti2Fe) which corresponds to the 


0 


Fig. 1—Boundaries of the Ti,Ni-type phase 
in the system Ti-Mn-O, Ti-Fe-O, Ti-Co-O 
and Ti-Ni-O. 
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long axis of the phase field. For the purpose of 
legibility the data points have been made larger than 
the uncertainty in a, as determined by the standard 
error. The phase boundaries of Fig. 1 have been 
superimposed and lines of constant a, have been 
drawn in the three-phase regions in keeping with the 
fact that the lattice parameter of the Ti,Ni-type 
phase is invariant in these regions. The variation 
of ao in the single-phase region is represented by 
the straight line which passes through the data point 
at 11 at. pct O and through the point of intersection 
of the line of constant @» in the three-phase region 
with the three-phase/one-phase boundary. Fig. 1 
shows that the Ti,Ni-type phase in the three-phase 
region contains 6 at. pct O and has essentially the 
same Ti:Fe ratio as the phase in the 11 at. pct 
alloy. The lattice parameter appears to increase 
slightly with oxygen content. The decrease in a, 
across the two-phase field is due to the fact, shown 
clearly in Fig. 1, that the composition line 

(Ti, Fe)1-.Ox is not parallel to the tie lines. The 
Ti:Fe ratio in the phase is therefore decreasing, 
and the rather large difference between the atomic 
radii of Ti and Fe’ apparently makes the lattice 
parameter sensitive to this ratio. Ence and Margolin® 
reported a large decrease in @, with increasing O 
content. No explanation can be offered for the dis- 
agreement with the present results other than that 
the two alloys whose lattice parameters they com- 
pared apparently had different Ti:Fe ratios as well 
as different O contents. In Fig. 3 the straight line 
corresponds to the density of the Ti, Ni-type phase 
computed from the lattice parameters of the 4 and 
11 at. pct O alloys, and the data points are meas- 
ured densities for the same alloys. The calculated 
and measured values for the former alloy are 
shifted to 6 at. pct O because the abscissa of Fig. 3. 
is the O content of the Ti,Ni-type phase. The devia- 
tion between calculated and measured density for 
the 11 at. pct O alloyis 0.35 pct which is considered 
to be within the range of experimental error. The 
measured density at 6 at. pct O is less than the 
calculated value by 0.6 pct. This greater deviation 
may be attributed to the fact that this alloy is three 
phase and the minor phase of larger concentration, 
B-Ti, has a density lower than that of the Tiz Ni-type 
phase. 

Ti-Co-O-— Fig. 1 shows that the Ti,Ni-type phase 
field (€) in the Ti-Co-O system is again narrow and 
has a long axis coinciding with the composition line 
(TizCo),.,,0,. However, the phase field includes the 
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Fig. 2—Lattice parameter of the Ti,Ni-type phase as a 
function of oxygen content for alloys having the composi- 
tion (Ti,B);-,,0, where B is Fe, Co or_Ni. 


binary composition Ti,Co. Fig. 2 which plots the 
lattice parameters of the Ti,Ni-type phase in the 
alloys designated by triangular data points in Fig. 1, 
shows that a) increases slightly with oxygen content 
when the Ti:Co ratio remains constant. The values 
shown are in good agreement with those reported 
by Rostoker™’ and by Duwez and Taylor” for the 
binary alloy and Rostoker™ for the 14 at. pct O alloy. 
In Fig. 3 the calculated density (straight line) and 
four measured values are shown as a function of the 
O content of the TizNi-type phase. The agreement is 
generally good, although the high measured density 
of the binary phase is difficult to explain. Fig. 1 
shows that the binary alloy used for this measure- 
ment is on the high Ti side of the single phase field. 
Its density might be expected to be lower than the 
calculated value, rather than higher. 

Ti-Ni-O— The composition limits of the Ti,Ni-type 
phase (e) in the Ti-Ni-O system at 900°C are shown 


(Ti,Fe)__ 0 
Fig. 3—Density of the Ti,Ni-type 2 set 
phase in the systems Ti-Fe-O, s 
Ti-Co-O and Ti-Ni-O as a function ° (Ti, Co) x0, (Ti 
of oxygen concentration. 
° 
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Table |. Valence of First Long Period Elements 


Elliott and Haworth and Greenfield Chemical 

Element Rostoker?! Hume-Rothery”? and Beck”** Valences** 

Ti 3.92 3,4 

2.19 5.66—4.88 

Cr 1.69 4.66 2,3,6 

Mn 1.35 1.8-1.9 2,3,4,6,7 

Fe 0.92 0.9—1.1 2.66 2,3 

Co 0.72 0.8—0.9 1.71 es 

Ni 0.25 0.6 0.61 Zy3 


*Numbers given are termed “electron vacancy numbers” by authors. 
**Underscoring denotes more common valence. 


in Fig. 1. Observations made on a limited number 
of alloys indicated good agreement with the bound- 
aries given by Rostoker.* Examination of the same 
alloys after reannealing at 1000°C indicated that the 
phase boundaries were essentially unchanged except 
that the binary alloy had been completely molten. 
This latter observation places the melting point of 
Ti,Ni below 1000°C, in confirmation of the data given 
by Poole and Hume-Rothery.” Fig. 2 shows a slight 
increase in lattice parameter with O content at con- 
stant Ti:Ni ratio, and Fig. 3 again indicates good 
agreement between calculated and measured den- 
Sities. 


DISCUSSION 


In the systems containing Fe, Co, and Ni the Ti,Ni- 
type phase fields are narrow and extend into the 
ternary isothermal section along a composition line 
that does not deviate far from A,B stoichiometry for 
the metal components. With Ni and Co the phase 
fields include the zero O composition, while with Fe 
the boundary does not approach closer than 6 at. pct 
O to the Ti-Fe binary side. In the system with Mn 
the phase field has shifted to a position on the equi- 
atomic composition line for the metal components 
and the low O limit appears to be about 12 at. pct. 
Although the minimum O contents vary in the manner 
just described, the maximum O level is between 14 
and 15 at. pct for all of the phases. This is just the 
solubility limit to be expected when O fills the 16 (c) 
positions of the Oj - Fd 3mspace group, as has been 
proposed.*® Rostoker* has also interpreted the O 
solubility limit in Ti,Ni in the same manner. The 
data presented in Fig. 3 offer convincing evidence of 
interstitial occupancy, since densities calculated on 
the assumption of substitutional disposition of O 
would be in gross disagreement with the measured 
values. 

The shift of the low-oxygen limit as the B-element 
shifts from Mn to Fe to Co to Ni can be correlated 
with an electron concentration effect if two assump- 
tions are made. The first is that the number of val- 
ency electrons per atom decreases with increasing 
atomic number for the sequence Mn through Ni. A 
study of the alloying valences proposed by other in- 
vestigators as well as the chemical valences of 
these elements, shown in Table I, supports this as- 
sumption although there is a wide variety of nu- 
merical values. The second assumption is that O 
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acts with negative valence, that is, as an electron 
acceptor. This assumption can be defended on the 
basis of the chemical valence of O and of certain 
aspects of its alloying behavior. An example of the 
latter is in the Ti-O and Zr-O systems. Calcula- 
tions by Pfeil’” indicate that the low temperature 
close-packed hexagonal form of Ti or Zr is favored 
at a lower electron: atom ratio than the high tem- 
perature body-centered cubic form. If this is cor- 
rect, the striking stabilization of the hexagonal 
structure over a wide composition range and to high 
temperature effected by O can be taken to mean that 
its addition decreases the valency electron concen- 
tration of Ti and Zr. Ivanov has made essentially the 
same interpretation. Based on these assumptions, 
a qualitative model of the Ti,Ni-type phase can be 
proposed in which hybridized s and d electrons of 
the metal atoms are distributed between directed 
bonds and a conduction band. The spatial and elec- 
tronic requirements of the directed bonds are mani- 
fested by the observed ordering of the A and B 
atoms,”® and by the fact that the stoichiometry of the 
metal atoms appears to be fixed, depending on the 
B-partner, at either A,B or AB. When the B-partner 
is Co or Ni the number of electrons contributed to 
the conduction band is such that the electron:atom 
ratio of the Ti,B composition lies within the range 
favorable for the stability of the phase. The higher 
valences of Fe and Mn require further filling of the 
conduction band to higher energy states, and this 
apparently raises the free energy of the phase to an 
unstable level. Stability is restored, however, when 
O, entering interstitial sites as an electron acceptor, 
reduces the number of occupied electronic states in 
the conduction band to a favorable value. Since the 
valency of Mn is higher than that of Fe, more O is 
required to produce stability in the Mn phase and 
the phase field is therefore restricted to the vicinity 
of the high-oxygen limit. In a general discussion of 
interstitial compounds, Kiessling’® has also proposed 
this role for O atoms. 

The model proposed here is consistent with the 
observation by Rostoker* and by Wang and Grant° 
that a Ti,Ni-type phase is found in the Ti-Cr-O sys- 
tem in a small phase field in the vicinity of Ti,Cr,O. 
The valency of Cr appears to be as high or higher 
than that of Mn, and therefore it is to be expected 
that the phase would only occur when the O content 
is high. The behavior of Cr further resembles that 
of Mn in that it exhibits AB stoichiometry with Ti 
rather than A2B. 
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Transformation Mechanisms in a Hypereutectoid 


Titanium-Chromium Alloy 


A detailed morphological study has been made of the pro- 
eutectoid TiCr, and the eutectoid reactions in a Ti-17.42 pct ~— 
Cr alloy isothermally transformed at temperatures from 775° 
through 550°C. The morphologies of proeutectoid TiCr, were 
found to be subject to description by the Dubé morphological 

classification system. Grain boundary allotriomorphs are the 
dominant proeutectoid morphology throughout the temperature 
range investigated. Intragranular plates, and especially 
Widmanstatten sideplates, form only in small numbers. This 
morphological pattern differs markedly from that of the pro- 
eutectoid a reaction in hypoeutectoid Ti-Cr alloys (AIME 


Trans., 1957, vol. 209, p. 1227; 1958, vol. 212, p. 624), in 

which plates form prolifically throughout wide ranges of tem- 
The eutectoid reaction is nonlamellar in character 
at 675°C. An increasingly prominent lamellar component de- 


perature. 


velops at lower temperatures. 


Tue proeutectoid TiCr, and the eutectoid trans- 
formations have been studied metallographically in 
a hypereutectoid titanium-chromium alloy. This 
investigation was undertaken with the immediate 
objective of comparing these transformations with 
their counterparts in hypoeutectoid titanium-chro- 
mium alloys, studies of which have been recently 
completed.*»? It was also intended, however, to 
contribute to the general literature on transforma- 
tions of these types. Especially in the proeutectoid 
case, this literature is still sufficiently sparse to 
make difficult the testing of generalizations on the 
mechanisms of these transformations. 

TiCr, is the only intermetallic compound in the 
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titanium-chromium system.*-*° The TiCr. phase 
field extends to a maximum temperature of 1350°C, 
and encompasses the approximate composition 
range of 62 to 68 pct Cr at lower temperatures. ** 
At temperatures below 1000°C, TiCr, has a MgCu,- 
type fcc structure, with 24 atoms comprising a unit 
cell.®” 

Only fragmentary observations on the morphology 
of proeutectoid TiCr, have been previously reported. 
An observation which is of considerable importance 
with respect to the results obtained during the pres- 
ent investigation was made, however, on anisother- 
mally transformed alloys with high chromium (48 to 
70 pet Cr) contents.°~° Despite the occurrence of 
extensive impingement, it is apparent that a sub- 
stantial proportion of the proeutectoid TiCr, which 
precipitated in these alloys grew in the form of 
Widmanstitten plates. 

Several observations have been made on the eu- 
tectoid reaction in hypereutectoid alloys during 
investigations of the titanium-chromium phase di- 
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Fig. 1—Proeutectoid TiCr, Morphology. (a) Grain bound- 
ary allotriomorph; reacted 2 days at 750°C. X500. (6) Al- 
lotriomorphs and secondary sawteeth; morphological 
variations along individual grain boundaries; reacted 12 
days at 700°C. X500. (c) Allotriomorphs with similar 
shapes; reacted 4 hr at 775°C. X1000. (d) Grain boundary 
idiomorph at arrowhead; reacted 8 days at 750°C. X500. 
(e) Grain boundary idiomorph at arrowhead; other mor- 
phologies at same boundary; reacted 8 days at 750°C. X500. 
Etched in 60 pct glycerine, 20 pct HF, 20 pct HNO3. Re- 
duced approximately 7 pct for reproduction. 


agram. The rate of the eutectoid reaction is higher 
and the eutectoid structure is appreciably coarser 
in hypereutectoid than in hypoeutectoid alloys.° 
Lamellar eutectoid structures develop in hyper- 
eutectoid alloys, as well as in hypoeutectoid alloys 
containing more than 12 pct Cr.° 


EXPERIMENTAL PROCEDURE 


The Titanium Metals Corp. of America prepared 
the alloy used in this investigation from electro- 


refined sponge titanium, obtained from the U.S. Bu- 
reau of Mines, and high purity chromium, supplied 
by the Union Carbide Metals Co. The alloy was arc 
melted twice under a reduced pressure oi a continu- 
ously flowing helium-argon mixture. The ingot ob- 
tained initially was forged prior to remelting; the 
final ingot was also forged, and then rolled into a 
7/2-in. diam round. The following is the chemical 
analysis of this alloy: 17.42 pct Cr, 0.104 pct O, 
0.0115 pct H, 0.014 pct N, and 0.006 pct C. 

Specimens were cut from the fabricated bar in 
the form of halves of /i6-in. thick discs. Each 
specimen was encapsulated in Vycor tubing prior 
to heat treatment. Before being sealed off, the 
capsules were evacuated three times to a pressure 
of approximately 10°° mm of Hg and flushed twice 
with dried and purified argon. Degassing and in- 
ternal gettering of the capsules were accomplished 
with the aid of zirconium chips packed into com- 
partments at both ends of each capsule. 

As in the studies previously made on hypoeutectoid 
titanium-chromium alloys,’’* the specimens were 
solution annealed for 40 min at 1000°C. Isothermal 
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reaction treatments were performed at 25°C inter- 
vals from 775°C through 550°C. At temperatures 
of 700°C and below, the tip of each capsule was 
broken off in the lead bath in order to fill the cap- 
sule with lead and thus accelerate cooling to the 
reaction temperature. Transformation was termi- 
nated by quenching in iced water. The eutectoid 
and transus temperatures were determined by re- 
heating specimens which had been previously fully 
transformed to an almost unresolvably fine eutectoid 
structure. These temperatures were found to be 
680° + 5°C and 790° + 5°C, respectively. 


EXPERIMENTAL RESULTS 


Proeutectoid TiCr2 Transformation—The temper- 
ature region in which proeutectoid TiCr, structures 
are prominent in this alloy extends from the transus 
to approximately 650°C. At 625°C and lower tem- 
peratures, the eutectoid reaction confines the pro- 
eutectoid structtres to progressively shorter and 
thinner rows of crystals at the 6 grain boundaries. 
Studies of the morphology of proeutectoid TiCr>2 
were accordingly directed largely toward the crys- 
tals formed at the higher reaction temperatures, at 
which the development of the various morphologies 
was either less subject to or free from interference 
from the eutectoid reaction. 

The morphological classification system origi- 
nally devised by Dubé’®’” for the proeutectoid fer- 
rite reaction in plain carbon steels, and later ex- 
panded during subsequent studies on other ferrous 
alloys,**-*® has been shown to be applicable to the 
morphologies of proeutectoid a in hypoeutectoid 
titanium-chromium alloys.*~* During the present 
investigation, this system was also found to apply 
to proeutectoid TiCr, structures. It will accordingly 
be convenient to describe the morphology of pro- 
eutectoid TiCr, in terms of the Dubé system. 

Grain Boundary Allotriomorphs—Crystals of this 
morphology nucleate at matrix grain boundaries and 
grow preferentially, and more or less smoothly 
along them.*°°* A TiCr, allotriomorph which ex- 
hibited an unusually pronounced tendency for growth 
along the boundary is shown in Fig. 1(a). Allotrio- 
morphs are the dominant proeutectoid morphology 
throughout the temperature range investigated. 

The average level of irregularity attained by the 
interphase boundaries of allotriomorphs at late re- 
action times increases with decreasing tempera- 
ture, as may be seen by comparison of Figs. 1(a) 
and 1(b). The shapes of the allotriomorphs formed 
at the same grain bqundary are only occasionally 
nearly the same, as in Fig. 1(c). At some bound- 
aries, the allotriomorphs tend to be generally simi- 
lar in appearance [grain boundary ‘‘1,”’ Fig. 1(b)]. 
Even when the orientation of the grain boundary is 
nearly constant, however, the allotriomorphs quite 
often develop a considerable diversity of shapes 
[grain boundary ‘‘2,’’ Fig. 1(b)]. 

Grain Boundary Idiomorphs—These are roughly 
equiaxed crystals which nucleate at matrix grain 
boundaries.’° Examples of this morphology are 
pointed out by arrowheads in Figs. 1(d) and 1(e). 
Crystals which initially grew as allotriomorphs can 
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undoubtedly be converted into idiomorphs, during 
further growth, by ‘“‘premature’’ impingement with 
other crystals nucleated nearby. The idiomorphs 
in Figs. 1(d) and 1(e), however, do not appear to 
have developed in this manner. 

Grain boundary idiomorphs are not a major 
morphology of proeutectoid TiCr,. They are 
found, on the other hand, throughout the tempera- 
ture range investigated. When idiomorphs appear 
at a grain boundary, they are rarely the only mor- 
phology present. Fig. 1(e) illustrates the wide 
variety of morphologies sometimes found. A 
smaller, and more common range of crystal shapes 
is shown in Fig. 1). There is an overall trend 
toward bulkiness among this group of crystals, as 
well as a generally moderate tendency for prefer- 
ential growth along the grain boundary. 

Widmanstatten Sideplates— Plates which grow into 
the interior of a matrix grain from the region of the 
grain boundaries (usually from allotriomorphs) have 
been named Widmanstitten sideplates.*°-1? The out- 
standing fact about sideplates in this alloy is that 
they form in very small numbers throughout the 
temperature range investigated. Fig. 2(a) shows 
one of the largest groups of sideplates observed. 
Even in the temperature range 725° to 650°C, in 
which most of the sideplates were found, a large 
majority of the 8 grains in each specimen contained 
not a single sideplate after reaction times as long 
as three weeks. 

The formation of at least a few sideplates proves 
that the development of this morphology is not a 
crystallographically impossible event in the 
6 — proeutectoid TiCr, transformation. The pres- 
ence of protuberances in the interphase boundaries 
of grain boundary-nucleated morphologies is con- 
sidered to be a prerequisite for the formation of 
sideplates.’** Figs. 1(b), 1(e), and 2(6) show, 
however, that the failure of sideplates to form in 
large numbers also cannot be ascribed to a lack of 
protuberances. The comparatively small amounts 


of proeutectoid TiCr, which the lever rule or the 
kinetics of the eutectoid reaction permit to form 
is still another factor which may be responsible 
for the dearth of sideplates. In principle, however, 
sideplates have the option of evolving from allotrio- 
morphs or other grain boundary morphologies dur- 
ing an early stage in the transformation, when only 
a small proportion of the TiCr, which can form at 
a given temperature has been precipitated. Ex- 
perimentally, Fig. 2(c) shows one of the very few 
instances in which this option was exercised. The 
appreciable thickening which grain boundary- 
nucleated structures can undergo without giving 
rise to sideplate formation, e.g., Fig. 2(6) also in- 
dicates that limitations on the total amount of TiCr2 
precipitated are not generally responsible for the 
development of only a small number of sideplates. 
The unimportant role of sideplates in the morphol- 
ogy of proeutectoid TiCr, thus appears to be a fun- 
dainental characteristic of this reaction in the alloy 
investigated. 

Widmanstitten Sawteeth—These are crystals with 
characteristically triangular cross sections which 
form in the region of the grain boundaries. ‘‘Pri- 
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Fig. 2—Proeutectoid TiCr, Morphology. (a) Widmanstatten 
sideplates; reacted 12 days at 700°C. X500. (b) Secondary 
sawteeth and other protuberances in grain goundary al- 
lotriomorphs; reacted 11 days at 725°C. X500, (c) Develop- 
ment of sideplate from allotriomorph at early stage of 
transformation; reacted 18 hr at 725°C. X1000. (d) Pri- 
mary sawtooth and grain boundary allotriomorph; reacted 
3 1/2 days at 775°C. X1000. (e) Intragranular idiomorph; 
reacted 8 days at 775°C. X1000. (f) Intragranular idio- 
morph and intragranular Widmanstdtten plate; reacted 11 
days at 725°C. X500. Etched in 60 pct glycerine, 20 pct 
HF, 20 pct HNO;. Reduced, approximately 7 pct for repro- 
duction. 


mary’’ sawteeth, Fig. 2(d), grow directly from the 
boundaries, while ‘“‘secondary’’ sawteeth [arrow- 
heads in Fig. 2(b)| develop from grain boundary 
allotriomorphs.** _ 

As in the cases of the TiCrz morphologies pre- 
viously discussed, sawteeth of either type are fre- 
quently not the only morphology present at a grain 
boundary even when the orientation of the boundary 
is approximately constant. In Fig. 2(d), a primary 
sawtooth has formed adjacent to an allotriomorph. 
A variety of crystal shapes appear in conjunction 
with the secondary sawteeth in Figs. 1(b) and 2(d). 

Although sawteeth normally have a distinctive 
appearance, * the circumstance that they have 


*The fundamental nature of the sawtooth morphology is better illus- 
trated in the proeutectoid ferrite reaction in plain carbon steel, where 
the axis of symmetry of sawteeth is parallel to a {111} austenite habit 
plane, and a marked tendency is observed for adjacent sawteeth to 
form parallel to the same habit plane.**’ 
shapes intermediate between those of sideplates and 
allotriomorphs inevitably results in a tendency for 
some sawteeth to merge with one of the two ‘‘limit- 
ing’’ morphologies. Many of the structures at grain 
boundary ‘‘1’”’ in Fig. 1(b), for example, are prob- 
ably better described as protuberances in grain 
boundary allotriomorphs than as secondary saw- 
teeth. 

Intragranular Idiomorphs—The roughly equiaxed 
crystal shown in Fig. 2(e) is a good example of an 
intragranular idiomorph.*®* 

Both intragranular idiomorphs and plates are 
present from 775° through 650°C. Fig. 2(f) shows 
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Fig. 3—Proeutectoid TiCr, Morphology. (a) intragranular 
idiomorphs and plates nucleated near to but out of contact 
with allotriomorphs; reacted 21 days at 675°C. X500. 

(6) Intragranular Widmanstatten plate; reacted 12 days at 
700°C. X500. (c) Intragranular plate with split ends and 
internal gaps; reacted 21 days at 675°C. X500. (d) Excep- 
tionally wide internal gap; reacted 21 days at 675°C. 
X500. (e) Grain boundary separating the intragranular 
plates comprising a “sheaf”; reacted 21 days at 675°C. 
X1000. Oblique illumination. Etched in 60 pct glycerine, 
20 pet HF, 20 pct HNO3. Reduced approximately 7 pct for 
reproduction. 


a crystal of each morphology nucleated nearby in 
the same f grain. At 775° and 750°C, idiomorphs 
are clearly the major intragranular morphology. 
The proportion of plates increases noticeably when 
the reaction temperature is successively reduced 
to 725° and 700°C, though idiomorphs are still 
dominant at these temperatures. Plates become 

the major component of intragranular structures 

at 675° and 650°C. At 625°C and lower tempera- 
tures the rates of nucleation and growth of eutectoid 
structure are sufficiently high to prevent almost 
completely the formation of intragranular proeutec- 
toid crystals of either type. 

When grain boundary-nucleated crystals are large 
and irregular in shape, a number of intragranular 
crystals are sometimes nucleated near to but out of 
contact with them, as illustrated in Fig. 3(a).* This 

*Nucleation of idiomorphs close to grain boundary morphologies was 
first observed by Carpenter and Robertson’® during a study of the aniso- 
thermal transformation of austenite to ferrite in plain carbon steels. 
type of nucleation occurs most frequently at inter- 
mediate and late reaction times at lower tempera- 
tures. Fig. 3(a@) shows that even at these tempera- 
tures, most of the crystals formed in this manner 
are idiomorphs. 

Intragranular Widmanstatten Plates--In the tem- 
perature range 775° to 725°C, most intragranular 
plates**”*’ are stubby, with comparatively low ratios 
of length to thickness. Many of these crystals fall 
within the ‘‘border region’”’ between plates and 
idiomorphs. From 700° through 650°C, however, 
the average length-to-thickness ratio of intragranu- 
lar plates is quite high, as typified by Fig. 3(d). 
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Fig. 4—TTT-diagram for sponge-base Ti-17.42 pet Cr 
alloy. 


Although exceptions are sometimes found, the av- 
erage perfection of shape of the plates formed at 
lower temperatures is also substantially increased. 

At lower temperatures, especially 675° and 
650°C, intragranular plates tend to be associated 
in small groups. Fig. 3(c) shows an example of the 
most frequently found type of grouping. The split 
ends and the internal gaps, which are characteristic 
features of this structure, suggest that it is com- 
posed of two or more plates. [An exceptionally 
large internal gap is illustrated in Fig. 3(d).] 
Through the use of oblique illumination, a structure 
of this type is shown in Fig. 3(e) to be composed of 
two plates separated by a grain boundary. These 
structures are called ‘‘sheaves.’’*” The presence 
of a split end and a small internal gap indicates 
that the boundary did not appear after this sheaf 
had formed. In view of the rather large distance 
between most intragranular structures in this alloy, 
it is quite improbable that both of the plates in this 
sheaf were nucleated at sites located wholly within 
the 6 phase. It appears, instead, that one plate was 
‘“sympathetically nucleated’’?’*” at a broad face of 
the plate formed initially, despite the minimal su- 
persaturation with respect to TiCr, of the 8 in the 
immediate vicinity of the first formed plate. The 
rates of sympathetic nucleation in this alloy are not 
high. These rates are sufficient, however, to form 
sheaves containing a few plates about most of the 
intragranular plates which nucleate conventionally 
at 675° and 650°C. 

Kinetics—The TTT-curve for the initiation of the 
proeutectoid TiCr, reaction is shown in Fig. 4. Es- 
pecially at temperatures near the transus, this 
curve is displaced to longer reaction times relative 
to the curve determined by Rostoker?® for a Ti-17 
pet Cr alloy. Since both the transus and the eutec- 
toid temperatures are lower in the alloy used in 
this work, the kinetics difference may be due to 
lower concentrations of oxygen and/or nitrogen in 
this alloy. 

Fig. 4 shows that the formation of proeutectoid 
TiCr, precedes the initiation of the eutectoid re- 
action at temperatures as low as 550°C. Rostoker’s 
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Fig. 5—Eutectoid Structures. (a) General view of non- 
lamellar eutectoid structures; reacted 5 days at 675°C. 
X500. (6) Mixed lamellar and nonlamellar structures; 
reacted 8 days at 650°C. X500. (c) Eutectoid @ nucleated 
at 8:proeutectoid TiCr, boundary; reacted 2 days at 675°C. 
X1000. (d) “A”—primary sideplate of eutectoid a; “B”— 
eutectoid @ allotrimorph; reacted 1 day at 675°C. X1000. 
(e) “A”—eutectoid @ allotriomorphs at interphase bound- 
aries; “B”—eutectoid @ allotriomorph at grain boundary; 
reacted 12 hr at 675°C. X1000. (f) Sawteeth in @ allotrio- 
morph; reacted 1 day at 675°C. X1000. (g) Eutectoid a 
surrounding proeutectoid TiCr,; reacted 20 hr at 675°C. 
X2000. Etched in heated orthophosphoric acid, followed by 
60 pet glycerine, 20 pct HF, 20 pct HNO 3. Reduced approxi- 
mately 5 pct for reproduction. 


diagram indicates that proeutectoid TiCr, does not 
appear below 625°C. The small amounts of pro- 
eutectoid TiCr, formed at temperatures below 
625°C are undoubtedly responsible for this 
difference. 

Eutectoid Transformation—Mechanisms—At 
675°C, the eutectoid structure is entirely nonlamel- 
lar in character. An overall view of this type of 
structure in various stages of development is shown 
in Fig. 5(a). Both nonlamellar and lamellar struc- 
tures appear at lower temperatures. Fig. 5(b) 
shows a typical mixture of the two types of eutectoid 
structure. The mechanism of the nonlamellar trans- 
formation will be described first. 

Fig. 5(c) shows that the nonlamellar eutectoid re- 
action is initiated by the precipitation of eutectoid a 
from £ at 8: proeutectoid TiCr, boundaries. The 
morphologies of the eutectoid a crystals in this 
group, idiomorphic and sawtooth, are found with some 
frequency during the initial stage of eutectoid a for- 
mation. Occasional examples of sideplates, such as 
the “‘primary’’ sideplate’* pointed out by arrowhead 
“‘A”’ in Fig. 5(d), are also observed. The majority 
of eutectoid a crystals, however, develop as allotri- 
omorphs growing along 8: proeutectoid TiCr, inter- 
faces [arrowhead ‘‘B’’ in Fig. 5(d), ‘‘A’’ arrowheads 
in Fig. 5(e)] or along 6 grain boundaries [arrowhead 
‘“‘B’’ in Fig. 5(e)|. Fig. 5(/) illustrates the develop- 
ment of sawteeth from a eutectoid a allotriomorph 
which has grown along a # grain boundary. 
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Fig. 6—Eutectoid Structures. (a) and (b) Various disposi- 
tions of eutectoid TiCr, with respect to B:eutectoid a 
boundaries; reacted 2 days at 675°C. X1000. (c) Non- 
lamellar eutectoid structure at later stage of development; 
reacted 8 days at 650°C. X2000. (d) Nodules of partially 
lamellar eutectoid structure; reacted 12 hr at 650°C. 
X1000. (e) Increased lamellarity of eutectoid structure at 
lower temperature; reacted 12 hr at 600°C. X1000. Etched 
in heated orthophosphoric acid, followed by 60 pct glycer- 
ine, 20 pct HF, 20 pct HNO;. Reduced approximately 5 pct 
for reproduction. 


Once formed, eutectoid a crystals soon impinge 
and their initial morphologies are no longer recog- 
nizable. Impingement and continued growth, pri- 
marily in the allotriomorphic mode, then result in 
the envelopment of proeutectoid TiCr, by eutec- 
toid a. Fig. 5(a) provides a general view of these 
processes. The envelopment of individual proeutec- 
toid TiCr, crystals is shown in more detail in 
Fig. 5(g). 

The next stage in the nonlamellar eutectoid re- 
action is the formation of eutectoid TiCr, crystals. 
At the beginning of this stage, most eutectoid TiCr, 
crystals are in contact with 8: eutectoid a bound- 
aries at one of the following locations: 1) almost 
wholly within the B phase [‘‘A’’ arrowheads in Figs. 
6(a) and 6(b)|; 2) astraddle the interphase bound- 
aries (‘‘B’’ arrowheads); and 3) almost wholly 
within eutectoid a (‘‘C’’ arrowheads). In view of 
the absence of any indication that the number of 
eutectoid TiCr, crystals in the areas of nonlamel- 
lar eutectoid structure formed initially increases 
at later reaction times, it appears that virtually all 
eutectoid TiCr, crystals precipitate from B at : 
eutectoid a boundaries. Structures Nos. 2) and 3) 
thus result from the growth of eutectoid a@ occurring 
subsequent to the precipitation of eutectoid TiCry>. 

Further development of the nonlamellar eutectoid 
structure takes place by the continued growth of 
eutectoid a (though some nucleation of eutectoid a 
may take place at 8: eutectoid TiCr2 interfaces) and 
by the nucleation and growth of eutectoid TiCrz. The 
wide variations in the size, shape and inter-particle 
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Fig. 7—Eutectoid Structures. (a) Hemispherical eutectoid 
nodules formed at higher reaction temperature; reacted 
2 days at 650°C. (6) Acicular eutectoid nodules formed at 
a lower temperature; reacted 2 days at 550°C. X250. 

(c) Groups of parallel acicular eutectoid nodules; reacted 
2 days at 550°C. X500. Etched in heated orthophosphoric 
acid, followed by 60 pct glycerine, 20 pct HF, 20 HNO. 
Reduced approximately 5 pct for reproduction. 


spacing of the eutectoid TiCr,z crystals which result 
from this sequence of processes are illustrated in 
Fig. 6(c). 

Figs. 5(b) and 6(d) show typical lamellar eutectoid 
structures developed at 650°C. Characteristically, 
these structures are only partially lamellar. Indi- 
vidual TiCr, plates are often not well formed. Ad- 
jacent plates are rather frequently not accurately 
parallel. The number of approximately parallel 
plates in a group tends to be quite small. As the 
reaction temperature is reduced, the proportion of 
the eutectoid structure which is lamellar increases, 
and larger groups of more nearly parallel eutectoid 
TiCr, plates tend to develop. As illustrated in 
Fig. 6(e), however, these structures are still not 
characterized by the perfection which the pearlites 
formed in eutectoid steels*® and in Cu-Al ailoys” 
sometimes exhibit. 

Careful inspection of Fig. 6(d) suggests that the 
formation of lamellar structures may be preceeded 
by the precipitation of eutectoid a. The initially 
formed eutectoid a may have grown as allotrio- 
morphs, rather than as plates. 

Several features are common to both types of 
eutectoid reaction. At temperatures from 675° 
through 625°C, both structures grow as nodules 
which tend to be roughly hemispherical in shape 
when they are nucleated at the grain boundaries, 
as shown in Fig. 7(a), and approximately spherical 
when nucleated intragranularly, as illustrated in 
Fig. 5(0). From 600° through 550°C, there is an 
increasing tendency for the nodules to develop 
acicular shapes. Several well separated acicular 
nodules are shown in Fig. 7(b). Structures of the 
type shown in Fig. 7(c) develop when acicular 
nodules form in close proximity to each other and 
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Fig. 8—Transformation of B grains by growth of eutectoid 


nodules inward from grain boundaries; reacted 3 days at 


550°C. X250. Etched in heated orthophosphoric acid, fol- 
lowed by 60 pct glycerine, 20 pct HF, 20 pct HNO. Re- 
duced approximately 5 pct for reproduction. 


are parallel to a common plane (or direction) in 
in the matrix. 

As the reaction temperature is decreased, the 
mean free eutectoid a path in both types of eutectoid 
structure decreases rapidly. Resolution with the 
light microscope is not quite complete at 600°C and 
is increasingly inadequate at lower temperatures. 

Fig. 5(a) indicates that the rate of nucleation of 
eutectoid structures is less at intragranular than at 
grain boundary proeutectoid TiCr, crystals. At tem- 
peratures below 650°C, where the comparatively 
high rates of nucleation and growth of eutectoid 
structures effectively prevent the formation of 
intragranular crystals, the number of eutectoid 
nodules nucleated in the interiors of 6 grains is 
negligible. Most § grains are thus consumed en- 
tirely by the growth of eutectoid nodules inward 
from the grain boundaries, as shown in Fig. 8. 

Kinetics—The TTT-curve for the initiation of the 
eutectoid reaction shown in Fig. 4 is in general 
agreement with the curve previously published by 
Rostoker*® for an alloy of similar composition. 


DISCUSSION 


Proeutectoid TiCr2 Morphology—This investiga- 
tion has revealed three major differences between 
the morphologies of proeutectoid a? and proeutec- 
toid TiCr2 in titanium-chromium alloys. Limited 
information on 1.08 pet Cr((b) and 3 pet Cr” alloys, 
and considerably more complete results on 7.22 pct 
Cr* and 10.8 pct Cr? alloys indicate that proeutectoid 
a plates form readily throughout the hypoeutectoid 
range and that the amount of undercooling below the 
transus required to form appreciable numbers of a 
plates is small. Although, as previously noted, pro- 
eutectoid TiCr, plates form in large numbers in 48 
to 70 pet Cr alloys,*® the failure of plates to become 
the dominant morphology at any temperature in the 
17.42 pct Cr alloy indicates that the tendency for 
plate formation is both smaller and more sensitive 
to composition in the TiCr, reaction. On the other 
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hand, intragranular idiomorphs form in the TiCr;, 
but not in the a transformation. Finally, the tend- 
ency for the morphology and the habit plane of the 


precipitate to remain constant along the entire length 


of a grain boundary whose orientation is nearly con- 
stant is significantly greater in @ than in TiCr., 
structures. 

Comparison of the proeutectoid reactions in the 
Ti-Cr and the Fe-Fe;C systems suggests that the 
differences between the morphologies of @ and TiCr 2 
cannot be ascribed, in general, to the fact that ais a 
terminal solid solution while TiCr, is an intermetal- 
lic compound. Intragranular idiomorphs form in the 
ferrite’* and the TiCr, reactions, but not in the a re- 
action’? and only in extremely small numbers in the 
Fe,C transformation.” The tendency for the same 
morphological pattern to obtain at a grain boundary 
with a constant orientation is similar in the ferrite 
and the Fe,C reactions and intermediate between 
the corresponding tendencies in the qa and the TiCr, 
reactions. Unlike the proeutectoid reactions in ti- 
tanium-chromium alloys, the morphologies of pro- 
eutectoid ferrite and Fe,C exhibit extensive sim- 
ilarities.”” 

A basis for developing an understanding of the 
morphological characteristics of the proeutectoid 
reactions in the titanium-chromium and other alloy 
systems may be provided by the suggestion that 
differently oriented facets of the boundary between 
a precipitate crystal and the matrix crystal in which 
it nucleated will have a dislocation structure if the 
boundary orientation permits good matching of the 
two lattices across the interphase boundary, or a 
disordered structure if the boundary orientation 
results in poor matching.’*’** Migration of the dis- 
location facets will tend to occur slowly because it 
is limited by the rate of diffusional climb of the 
edge dislocations in these facets. The disordered 
facets, on the other hand, will move at whatever 
rate is dictated by the ambient activity gradients, 
solute diffusivities along these gradients and dif- 
fusion geometry effects. When the ratio of the rate 
of migration of disordered facets to that of dislo- 
cation facets is high, plates will appear in large 
numbers and the pronounced faceting of the grain 
boundary allotriomorphs which is required to in- 
sure the development of the same morphological 
pattern along a given grain boundary*® will readily 
take place. When this ratio is low, on the other 
hand, plates will form infrequently, the formation 
of idiomorphs will be encouraged and variations in 
the morphologies formed at individual grain bound- 
aries will occur more frequently. 

The ratio of the migration rates of the two types 
of interphase boundary probably increases with 
decreasing temperature.* The minimum amount of 


*Experimentally, the length/width ratio of plates increases with de- 
creasing temperature.”® Theoretically, the activation energy for the 
self-diffusion of solvent atoms, which controls the rate of climb of the 
edge dislocations in dislocation interphase boundaries, should be 
higher than the activation energy of any of the processes which may 
control the temperature dependence of the rate of migration of dis- 
ordered interphase boundaries. 


undercooling below the transus which is required 

to obtain ‘“‘high ratio’’ morphologies appears to be 
roughly independent of composition for a given re- 
action, such as the austenite-to-ferrite transforma- 
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tion in plain carbon steels’? and the 6-to-a trans- 
formation in hypoeutectoid titanium-chromium al- 
loys.” The problem of ascertaining the cause of the 
considerable variations in the ‘‘minimum under- 
cooling’’ characteristic of the different proeutec- 
toid transformations (e.g., 15° to 25°C in proeutec- 
toid a* and 75° to 100°C in proeutectoid ferrite??) 
appears to be the key problem in comparative 
morphology. This problem might best be approached 
by quantitative inquiry into the roles of the various 
factors which control the rates of migration of dis- 
location and disordered interphase boundaries. 

Eutectoid Reaction—The eutectoid reaction in 
hypoeutectoid titanium-chromium alloys containing 
7.22 pet Cr and 10.8 pct Cr is nucleated by TiCr,,°”? 
while the nonlamellar component of the eutectoid 
reaction in the hypereutectoid alloy investigated is 
nucleated by a. Otherwise, the basic mechanisms 
of the two reactions are the same. Differences are 
observed only in certain structural details. 

The larger size of the eutectoid TiCr, crystals 
in the hypereutectoid alloy at a given reaction tem- 
perature indicates that these crystals have a higher 
rate of growth in this alloy. As Frost et al.** have 
shown experimentally, the untransformed £8 in hy- 
poeutectoid alloys is soon enriched in chromium to 
the concentration given by the extrapolated 6 transus 
curve at the temperature of transformation. Since 
proeutectoid TiCr, crystals have much lower rates 


of nucleation and of growth at a given temperature 
than their counterparts in the proeutectoid a re- 
action and the total amount of proeutectoid TiCr, 
formed is much smaller, most of the untransformed 
6 in the hypereutectoid alloy should retain essen- 
tially its original composition and will thus be richer 
in chromium than the 6 in hypoeutectoid alloys at 
temperatures above about 550°C. The concentra- 
tion gradient in front of the eutectoid TiCr, crystals 
in the hypereutectoid alloy will accordingly be 
steeper, and thus their rates of growth will be 


higher. 


The overall rate of the eutectoid reaction is higher 
in hypereutectoid alloys than in hypoeutectoid alloys 
with comparable oxygen contents, indicating that the 
rate of growth of eutectoid a is also higher in the 
hypereutectoid range. This kinetic difference can 
account for the larger average distance between ad- 
jacent TiCr, crystals and the tendency for eutectoid 
a crystals to develop anistropic shapes in hyper- 
eutectoid alloys. On the basis of the considerations 
developed in the previous section, the higher growth 
rate will permit a larger proportion of the area of 
the 8:eutectoid a interfaces to develop dislocation 
structures. The lower mobility of the dislocation 
interfaces will lead to anistropic crystal shapes and 
their lower energy will engender a lower rate of 
nucleation of eutectoid TiCr>. 

The origin of the lamellar eutectoid structure 
formed in the hypereutectoid alloy, but not in hy- 
poeutectoid alloys containing less than 12 pct Cr,” 
is uncertain. The suggestion is ventured, however, 
that the larger proportion and the apparently higher 
rate of growth of eutectoid TiCr, in the hypereutec- 
toid alloy may make easier the synchronous growth 
of eutectoid a and eutectoid TiCr, which is a pre- 
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requisite for the formation of lamellar structures. 

Kinetics—M. K. and A.D. McQuillan” ” have 
claimed that conventional heat treatment methods 
(such as the one used in this work) do not permit 
the attainment of cooling rates which are sufficiently 
rapid to prevent the occurrence of transformation 
during quenching in titanium-chromium alloys. The 
arguments which have been given to rebut this claim 
for the case of a 10.8 pct Cr alloy’ are still more 
effective when applied to the 17.42 pct Cr alloy. 
Formation of proeutectoid TiCr, takes place so 
slowly that, as shown in Fig. 4, more than 80 min 
are required to initiate the reaction at the temper- 
ature at which its rate is highest. As the photo- 
micrographs and the TTT-diagram make clear, 
further nucleation and growth of both the proeutec- 
toid and the eutectoid structures also occur at very 
low rates. Even had the capsules not been broken 
in the lead or in the iced water baths, it is im- 
probable that appreciable amounts of transformation 
would have taken place during cooling either from 
the solution annealing temperature to the reaction 
temperature, or from the reaction temperature to 
room temperature. The systematic increase in 
the average size of the precipitate crystals with 
increasing reaction time at a given temperature 
and the rapid decrease in size with decreasing tem- 
perature [compare Figs. 5(b) and 7(c)] clearly show 
that these structures formed isothermally, rather 
than during quenching. 

Finally, since the major point in the McQuillans’ 
arguments against the isothermal origin of the 
structures obtained by conventional techniques was 
their attempt to demonstrate that the eutectoid tem- 
perature lies about 150° to 200°C below the tem- 
peratures reported by previous workers,””®® the 
authors again call attention to the result recently 
reported by Margolin, Farrar, and Kirk.” Em- 
ploying high-temperature X-ray diffraction tech- 
niques, these workers obtained patterns of the B, 

a, and TiCr2 phases from a specimen of a Ti-15 
pct Cr alloy while the specimen was undergoing 
transformation at 600°C. This result could not 
have been obtained if the eutectoid temperature 
of the titanium-chromium system lies at a lower 
temperature, as claimed by the McQuillans. 


SUMMARY 


The proeutectoid TiCr, and the eutectoid trans- 
formations have been investigated metallographically 
in specimens of a Ti-17.42 pct Cr alloy reacted at 
temperatures from 775° through 550°C, 

Proeutectoid structures are prominent in this 
alloy at reaction temperatures between the transus 
(790° + 5°C) and approximately 650°C. At lower 
temperatures, the increasingly early intervention 
of the eutectoid reaction reduces the proeutectoid 
component of the microstructure to progressively 
thinner rows of precipitates confined almost en- 
tirely to the grain boundaries. 

The Dubé? *? classification system was found to 
be applicable to the morphologies of proeutectoid 
TiCrz. Grain boundary allotrimorphs are the 
dominant proeutectoid morphology throughout the 
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temperature range investigated. Sideplates, idio- 
morphs, and sawteeth are also formed at the grain 
boundaries, but only in comparatively small num- 
bers. There is a significant tendency for appre- 
ciable variations to develop in the morphology of 
proeutectoid TiCr, along a given grain boundary 
whose orientation is approximately constant. 

Both idiomorphs and plates of proeutectoid TiCr, 
form intragranularly from 775° through 650°C. 
Idiomorphs are dominant at temperatures through 
700°C, while plates are the major intragranular 
morphology at lower temperatures. The perfection 
and length/thickness ratio of intragranular plates 
increase with decreasing temperature. Most in- 
tragranular plates are grouped in sheaves com- 
posed of a few plates in contact along their broad 


faces. 
Major differences were found between the 


morphologies of proeutectoid TiCr, and pro- 
eutectoid a.”® The tendency toward the forma- 
tion of plates is substantially smaller in the TiCr2 
reaction. Intragranular idiomorphs develop only 
during the formation of TiCr.. The constancy of 
morphology along a given grain boundary is mark- 
edly higher in proeutectoid @ structures. Compari- 
son of the proeutectoid a and TiCr2 transformations 
with those of proeutectoid ferrite and cementite in 
plain carbon steels’””’ indicates that the differences 
between the proeutectoid reactions in the titanium- 
chromium system probably cannot be ascribed to 
the fact that a is a terminal solid solution, while 
TiCr, is an intermetallic compound. An attempt 
has been made to provide a basis for accounting 
for these morphological differences in terms of 

the effect of the amount of undercooling below the 
transus on the ratio of the rate of migration of the 
disordered facets of interphase boundaries to that 
of facets with dislocation structures. 

The eutectoid reaction in this alloy is of the non- 
lamellar type at 675°C. At lower temperatures, an 
increasing proportion of the eutectoid structure is 
lamellar in character. The mechanism of the non- 
lamellar reaction is the same as that in the hypo- 
eutectoid alloys:”? a@ and TiCr, precipitate suc- 
cessively from 8. In the hypereutectoid alloy, 
however, these structures are nucleated by a 
rather than by TiCr,. The lamellar eutectoid 
structures may also be nucleated by a. Although 
the perfection of the lamellar structures is not 
high, it does increase noticeably with decreasing 
reaction temperature. 
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An X-Ray Reflection Micrographic Method for 
Measuring Subgrain Boundary Angle 


A method for determining the disorientation between sub- 
grains that share a common tilt or twist boundary from meas- 


urements on X-ray micrographs is described. The method may 


R. J. Towner 


be applied to subgrains of almost any orientation having bound- 


ary angles in the range from about 1 min to 1 deg of arc. 


An adaption of the Berg-Barret’~* method has been 
made to allow calculation of small angles of about 
1 min to 1 deg of arc between adjacent subgrains 
from the relative displacement of their images on 
X-ray micrographs. Schulz* gave equations for de- 
termining subgrain disorientation where the axis of 
subgrain rotation and the reflecting crystal planes 
were parallel to the specimen surface. In our 
method, however, they need not be parallel and, 
indeed, may have various orientations. His camera 
setup, involving a fine-focus X-ray tube for obtain- 
ing high resolution with continuous radiation, was 
different from the one used in the present investiga- 
tion (a 1.2 x 1.2 mm effective source and character- 
istic radiation). The X-rays produced a slight mag- 
nification in the subgrain images in the Schulz 
method, but not in the present method. The com- 
monly available type of X-ray tube used permitted 
relatively short exposure times with a fine-grained 
photographic plate, which could be magnified opti- 
cally many times for the examination of small 
subgrains. 

The method is illustrated by results obtained on 
{110} tilt boundaries in a polygonized aluminum 
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single crystal of 99.994 pct purity. The flat crystal 
was stretched 6 pct in tension and then heated at 
500°C for a cumulative time of 5hr. Earlier, Cahn® 
studied subgrains formed by polygonization in 
stretched and heated aluminum crystals. He ob- 
served kink bands to have well defined boundaries 


~ lying in {110} planes, at least in the early stages of 


deformation. Cahn found that the {110} tilt bound- 
aries formed by polygonization were directly related 
to the lattice bending about the <211> axis which lay 
in the {111} slip plane perpendicular to the <110> 
slip direction. 


DESCRIPTION OF THE CAMERA 


Our camera was similar in detail to Honey- 
combe’s.° Unfiltered copper radiation was used at 
35 kv, and 20 ma. With the particular specimen 
used here to illustrate the method, a 1.2 by 1.2 mm 
effective source and a distance of 780 mm from tar- 
get to specimen were employed, giving a conver- 
gence of 5 min of arc in the primary beam. The 
distance was 9.5 mm from the specimen to film. 
The upper 7.- by 1-in. portion of the front sur- 
face of the specimen was irradiated with the film 
in parallel position. Since the specimen had been 
inhomogeneously deformed, many regions were in 
a position to reflect characteristic radiation at the 
Bragg Angle. Five minute exposures were satis- 
factory with Kodak Single Coated X-ray Film, 1/2 hr 
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MEASURE GAP OR OVERLAP WIDTH FOR THT BOUNDARIES 
AND RELATIVE DISPLACEMENT FOR TWIST BOUNDARIES 
ALONG THE TRACE OF THIS PLANE ON THE X-RAY 
MICROGRAPH . 


AXIS PLANE 


with Lantern-Slide Contrast Plates, and 12 hr with 
Maximum Resolution Plates. 

In order to develop equations for the calculation 
of subgrain boundary angle and, especially, to evalu- 
ate the effect of convergence of the incident X-rays 


LUdiTiNG PLANE 
For A ConTainvs 


Ia, Ra. 


PLANE 
/ FoR B Conrains 
/ 13, Nat Rg. 


AKIS OF ROTATION 

OF REFLECTING 

PLANE 
Fig. 2—Position / conditions for X-ray reflection from a 
point on a tilt boundary with disorientation ¢’ greatly ex- 
aggerated to facilitate labeling. Since @¢’ is usually less 
than 1 deg, the smearing of edges of subgrain images (re- 
presented by the shaded areas around Ry, and Rg) is es- 
sentially perpendicular to the subgrain boundary. 
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{111} SUBGRAIN BOUNDARY 


Fig. 1—Orientation of specimen stretched 
6 pet. O—Normal to surface of crystal 
specimen. #—Axis of subgrain rotation. 
Also pole of {211} plane perpendicular 
to {111} and {110} boundaries. A—Pole of 
{111} subgrain boundary. @—Pole of {110} 
subgrain boundary. x —Pole of reflecting 
plane which produced a 422 image of 
specimen on X-ray reflection micrograph. 


on angular resolution, the conditions under which 
X-rays may reflect from a point will be described 
here in terms of certain planes and cones. The 
limiting plane contains incident (J) and reflected (R) 
X-rays as well as the normal to the reflecting plane 
(N). Also, J and R lie on opposite sides of the sur- 
face of the right circular limiting cone which has N 
as its axis and an apex angle of 180° — 26. The axis 
plane contains the axis of subgrain rotation <211>, 
the axis of rotation of the reflecting plane, and the 
normal to the reflecting plane. The normal to the 
reflecting plane generates a right circular axis cone 
of apex angle 2p around the axis of subgrain rota- 
tion <211>, as shown in Fig. 1. 


TILT BOUNDARY ANGLE 


Two positions of the specimen will be given for 
which gap or overlap width of subgrain images can 
be used to determine subgrain boundary angle (¢) 
about the <211> axis of subgrain rotation in the case 
of tilt boundaries, where the axis lies parallel to the 
plane of the boundary. Simultaneous reflection of 
characteristic radiation from adjacent subgrains A 
and B is required, of course, in both positions. In 
Position I the limiting planes for subgrains A and B 
are almost parallel to the axis plane (and subgrain 
boundary). Actually there is a small dihedral angle 
between limiting planes that is bisected by the axis 
plane, Fig. 2. In Position II the limiting planes co- 
incide and are perpendicular to the axis plane (and 
subgrain boundary). For 


sin (90° — 6) 
(180° = 


Specimen in Position II: = 


Specimen in Position I: 


where ¢’ is the angle between normals (Ny and Np) 
to the reflecting plane in adjacent subgrains, $" is 
the angle between X-rays (Ry and Rp) reflecting 
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{211} PLANE 
{110} SUBGRAIN BOUNDARY 
FY 
| 


{110} 


Trace 


Measured 
Subgrain Size (D) 


Gap Width (S) 


Max. Resolution Plate 


Position I 
422 Reflection 
{351} 11 Surface 


Fig. 3—Subgrain images from a matrix region near a kink 
band. Single crystal of 99.994 pct Al was stretched 6 pct 
and heated for a cumulative time of 5 hr at 500°C. The 
average {110} subgrain boundary angle (¢) about the <211> 
axis was calculated to be 7 min of arc from the gap width 
(S) shown as white areas. The average subgrain size (GC) 
between {110} boundaries was calculated from the meas- 
ured (D) to be 0.040 mm. X-ray micrograph. X50. Re- 
duced approximately 29 pct for reproduction. 


from the boundary, and @ is the Bragg Angle. 
Also 


where S is the gap or overlap width between subgrain 
images, and d is the distance from a point on the 
specimen to the corresponding point on the micro- 


graph. 
Since 


sin p 


d= 


where p is the angle between the normal to the re- 
flecting plane and the axis of subgrain rotation, it 
follows that with 


in (90° — 6 
Specimen in Position I: 55) 


Specimen in Position II: ¢$ = FEap 


TWIST BOUNDARY ANGLE 


The same equations for subgrain boundary angle 
() in Positions I and II also apply to twist bound- 
aries where the axis of subgrain rotation lies per- 
pendicular to the plane of the boundary. The rela- 
tive displacement (S) of adjacent subgrain images 
always occurs along the trace of a plane that is 
perpendicular to the axis plane. 
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Max. Resolution Plate 


Position I 
220 Reflection 
{351} 1! Surface 


Fig. 4—Subgrain images from a matrix region far from a 
kink band. Single crystal of 99.994 pct Al was stretched 

4 pet and heated for a cumulative time of 120 hr at 600°C. 
Note prominent gaps (white areas) and overlaps (dark 
areas) between images. X-ray micrograph. X50. Reduced 
approximately 29 pct for reproduction. 


DISCUSSION 


The resolution of tilt angles is determined to a 
large extent by the convergence of the incident 
characteristic X-rays that reflect from a point on 
the boundary between adjacent subgrains. The in- 
tersection of the limiting cone for a given reflecting 
point on the specimen with the X-ray source of finite 
width, Fig. 2, defines the range of orientations that 
the limiting plane can have. This, in turn, fixes the 
angular range on the X-ray micrograph over which 
detail from each reflecting point on the crystal is 
recorded.° 

When the specimen is in Position I, the conver- 
gence leads to a smearing out of the edges of sub- 
grain images in a direction essentially perpendicu- 
lar to the small angle boundary, Fig. 2. A region 
of decreased intensity in the case of spread sub- 
grain images (or of increased intensity in the case 
of overlapping images) will still be present, how- 
ever, between the subgrain images even though the 
magnitude of the convergence is relatively great. 
The effect of convergence (C) in the primary beam 
may be allowed for by subtracting the convergence 
from the angular width (W) of the region of de- 
creased (or increased) intensity in order to deter- 
mine the correct value of ¢’ for Position I, since 
¢'’=W-C. However, the convergence should be 
kept as small as possible for maximum accuracy 
in measuring subgrain boundary angle. 

When the specimen is in Position II, the magni- 
tude of convergence of the primary beam of char- 
acteristic radiation must be greater than the 
disorientation ¢’ in order to obtain simultaneous 
reflection from the subgrains on either side of a 
boundary. Otherwise, the convergence does not 
affect significantly the resolution of tilt angles in 
Position II. 
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The gap width, overlap width or relative displace- 
ment of adjacent subgrain images on the micrograph 
is always measured parallel to the trace of a plane, 
Fig. 1, that contains the normal to the reflecting 
plane and is perpendicular to the axis plane. This 
method for determining subgrain boundary angle is 
used most readily when the subgrain boundaries and 
axis of rotation tend to have some simple and promi- 
nent crystallographic relationships with the lattice, 
Fig. 3. Where deformation of the lattice has been 
more complex and the crystallographic relationships 
are obscure, Fig. 4, more difficulty is encountered 
in applying the method. 


SUBGRAIN SIZE 


The subgrain size in the <110> direction (G) is 
calculated from the subgrain size (D) measured 
perpendicular to the trace of the {110} plane, which 
is identified in Figs. 1 and 3, by the equation 


G=Dcos 


where y is the angle required to rotate the <110> 
direction into the surface. 
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On the Imperfections in Martensite and their 


Relation to the Formation of Martensite 


Certain choices for the shear elements of the inhomogeneous 
distortion in the phenomenological theory of martensite formation 
are examined for their agreement with crystallographic and X-ray 
data of iron alloys. The assumption that the shear elements must 
represent slip or twinning systems characteristic of bcc metals is 
found to cover all observations, even when a small uniform dilata- 
tion is taken into consideration. In bct martensite, (011) becomes 
a possible twinning or faulting plane, in addition to {112}, and 
qualitatively similar X-ray line broadening is to be expected from 


both. 


Tue basic concept inherent in the current the- 
ories’ * of the formation of martensite is that the 
interface between the parent (austenitic) and prod- 
uct (martensitic) phase is an invariant strain plane 
(t.e., one that is undistorted and unrotated), Ex- 
perimental evidence that the interface is of such a 
nature is available in certain transformations” *:® 
but for the transformation in iron alloys direct ob- 
servation has not proved enlightening. Internal 
strains resulting from the formation of the small 
martensite platelets within the parent austenite 
matrix’ make it difficult to produce the desired 
evidence. Indirect evidence, however, such as the 
continuity of scratches in passing from untrans- 
formed to a transformed region, strongly indicates 
that the habit plane in iron alloys is an invariant 
strain interface. The scatter in habit planes in a 
given specimen® would suggest that internal stresses 
have a slight but definite influence. On the other 
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hand, composition changes which affect the lattice 
parameter can alter the habit plane appreciably, 
and by an amount greater than the scatter.® 

The success of the theories depends on the choice 
made for the ‘‘inhomogeneous distortion’’ or ‘‘com- 
plementary shear’’ in the analysis and also on the 
choice for the parameter 5 representing a small 
uniform dilatation. In the approach developed by 
Wechsler, Lieberman, and Read’»’® it is implicitly 
assumed that 6 is unity. In the case of iron alloys, 
all observations cannot be explained without vary- 
ing either the inhomogeneous distortion or 5. 
Bowles and Mackenzie® considered only the effect 
of varying 6. They found it difficult to reconcile 
the wide scatter of habit planes with the theory and 
were forced to the conclusion that it may also be 
necessary to consider variations or different 
choices of the inhomogeneous distortion. Wechsler 
and Read’® considered a limited number of possible 
choices for the inhomogeneous distortion, but no 
variation in 6, though this could easily have been 
introduced if so desired. It is the purpose of the 
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present paper to examine more closely the basis 
on which a choice for the inhomogeneous distortion 
could be made. The effect of this choice on the 
habit plane and orientation determination will be 
the principal consideration here. 

If the published data were sufficiently complete 
and sufficiently precise, both the inhomogeneous 
deformation and 6 could be calculated reliably,*!»? 
thus obtaining a picture of the possible arrangement 
of imperfections in the martensite and the effect of 
such variables as composition. This in turn would 
afford a clue to the type of nucleus required to ini- 
tiate transformation. Since an appreciable amount 
of data of varying accuracy is available (e.g., in 
Refs. 4 and 13), it is of value to consider these data 
collectively with a view to forming a criterion for 
the inhomogeneous deformation. 


THE INHOMOGENEOUS DEFORMATION 


In the present work the form of the analysis as 
developed by Wechsler, Lieberman, and Read will 
be used. In this analysis the transformation dis- 
tortion, E, is decomposed into three operations con- 
sisting of a pure lattice distortion, T (the ‘‘Bain 
distortion’’), a lattice invariant shear, G, anda 
rigid body rotation ®. The application of the dis- 
tortions T and G will in general leave one plane un- 
distorted, but this plane will be rotated into a new 
position as a result of the operation. In order to 
bring it back to its original position a rotation @ is 
required. The sequence -of the shear, G, and the 
distortion, T, is immaterial. E may be written as 
either E = 6TGy, or E = 6GyT (@ being the same in 
both cases) depending on whether slip is considered 
to take place in the austenite (A) or the martensite 
(M). In general E = 6F where F = GyT = TGy. 

The lattice invariant shear, G; represents the in- 
homogeneous distortion for which the shear plane 
and shear directions must be selected. In certain 
transformations, such as in the Au-Cd? and In-Tl° 
alloys, it is possible to choose the elements of the 
inhomogeneous distortion such that they correspond 
to a physically observable system. The elements of 
this observable system are the twinning plane and 
twinning shear direction appropriate to the struc- 
ture of the product phase. In other words, the 
transformation product (i.e., the martensite) con- 
sists of a stack of twins. In the theoretical analysis 
for iron alloys, the choice of the twinning elements 
reported for bcc metals’? is therefore an obvious 
one.’?? However, the results of the theoretical cal- 
culations based on this one choice do not cover all 
the crystallographic observations of the transfor- 
mation in iron alloys. Attempts have been made**»*® 
to measure the direction of surface markings ob- 
served® very clearly in the martensite of FeNi al- 
loys (with about 30 pct Ni) and from these obtain the 
indices of the plane responsible for them. Such at- 
tempts indicated that the plane could be the {112} 
bec twinning plane, but the difficulty of the meas- 
urements precluded complete data being obtained. 
The possibility that other planes may operate (par- 
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Table |. Variants Used Throughout the Present Paper 


Bain Transformation Transformations 
Distortion of Planes of Directions 
1 0 jn, 1 0. Ju, 


M\)% 
M\?7% 
= | 5 = (cM /a4) 
a 
= Volume ratio (of martensite to austenite) 


= Axial ratio of martensite 


= Lattice parameter of austenite 


5 = An isotropic volume change, assumed =1 in the present 
paper 


ticularly in other iron alloys) is thus not excluded 
by these observations. 

Conclusive evidence that the martensite of iron 
alloys contains twins is lacking, but the closely re- 
lated possibility that stacking faults on the bcc twin- 
ning plane may exist in the martensite was consid- 
ered’ as aconceivable explanation for the anomalous 
X-ray line-broadening observed in patterns from 
martensite. However, different explanations for the 
line broadening may exist. 

The most frequent slip systems in bcc metals are 
{112}<111> and {110}<111>, but other planes con- 
taining the <111> direction have also been ob- 
served.* In fact the ‘“‘wavy’’ nature of slip com- 
monly observed in bec metals makes the determina- 
tion of a unique slip plane often impossible, though 
the slip direction is apparently always <111>. 

In this paper the slip systems to be considered 
are {112}y<111>y, and {110}y<hkl>y. One choice 
for <hkl>y is represented by <111>y; other 
choices for <hkI> are to be such that the resulting 
slip system will correspond to the austenite {111}, 
<110>, or {111},<112>, for which the habit planes, 
but not the orientation relationships, have already 
been examined by Wechsler, Lieberman, and Read.*° 
The variants to be used throughout the present pa- 
per are given in Table I and the cases to be inves- 
tigated listed in Table II. 


THE MAGNITUDE OF THE SLIP SHEAR 


An important part in the evaluation of the habit 
plane and orientation relationship is the calculation 
of the magnitude of the slip shear g. In the analysis, 
a solution for the undistorted plane exists only for a 
critical value of g such that one of the principal dis- 
tortions of F is unity and the other two distortions 
are greater and less than unity.* This condition is 
equivalent to the requirement that det(FF * —/) = 0 
(where F* is the transpose of F). If [hkl] 4 repre- 
sents a unit vector along the normal to the slip 
plane and [wow], a unit vector along the direction 
of shear, then this condition gives the following ex- 
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Expression for amount of shear, g,, in the Austenite slip system 
Slip System Corresponding Slip in terms of the lattice ratios 7, (= a*)and (=cM/a“) 
Case in Austenite System in Martensite of the Austenite (a) and the Martensite (a", c) Rae: 
2 (131) [101] (421) [111] — 1)[ + 103) — + 03) t V1 = 9? 1093) (nf + 93 
3 (111)[112] (011) [011] (n? + - 93) VB + 202 
4 (111) [121] (011)(311] - 5? + + - t VG = Cnt + 02 Oni) 
5 (111)[110] (011)[100] +[(n? - — 7 272) 
6 (111) [101] (011) [111] V6 (n? + 292) + Unt 9D VG = 2nd) + 
7 (010) [101] (110) [111] £3 IV 20. = + 2 


pression for g when expressed with respect to the 
austenite slip system:”” 


where N = ni(1— 72) — (ni — 12) (w* + and the 

ys are defined in Table I. For the cases of interest 
the particular form of gy, is given in Table II. Two 
solutions for g exist, and these will be equal in 
magnitude but opposite in direction when /, w or 
both are zero. Cases 5 (w = 0) and 7 (J = 0) are il- 
lustrations of this. The degeneracy conditions have 
been analyzed in detail by Wechsler."” 

If the shear is considered to occur after the Bain 
distortion (i.e., in the martensite), the shear direc- 
tion dy =[uvw]4 becomes dy = (1/B)[mu, nv, now], 
and the normal to the shear plane pj = (hkI), be- 
comes =(1/D)(n2h, m1), , where 


B = and D = + 


The shear distortion is then given by 


1 gy 0 
G,={|0 1 0 
Ose 


in the set of orthogonal axes made up of the new di- 
rection dy, the new normal fy , and the mutually 
perpendicular direction; with respect to the austen- 
ite axes this becomes 


Gy = TGET*= 1+ By dy by 
nu/B N2h/D 
mv/B  1,k/D 
ml/D 


[nilv — 
hw — lu\/BD 
[m — hv]]/BD 


where T = 
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The expression obtained by substituting in F = GyT 
must be equivalent to F = TG4. Comparison of terms 
in the two equivalent matrices yields directly the 
following relation between the magnitude, gy, of the 
slip shear in the martensite and the magnitude 3, 
in the austenite: 


Sy = {V - [nit — (nz + [mi — na} 
This reduces to 
= (2 w?) (1 + 17)72] 


for bcc martensite (c/a = 1, nj = 23), and is inde- 
pendent of the 7’s. 

When the transformation is to bcc martensite the 
expression for g, in Eq. [1] simplifies to 


The condition for the existence of a solution is ob- 
tained from the requirement that the term under the 
square root sign must be real. Hence 7; must be 
either larger than both (2 — w’) and 2/(1 + 1?) or 
less than both of these quantities. The actual nu- 
merical ranges of nj which give a solution for the 
cases under consideration are included in Table II. 
The parameters involved in the martensitic trans- 
formation of iron alloys are such that they fall in 
the range where a solution is possible. Values of 
&4 (for c/a = 1.00, V = 1.04) representative of most 
iron alloys are also given in Table II. The physical 
interpretation of these values indicates that, if slip 
by one interatomic distance only is to occur on any 
of the given planes, a large number of planes would 
have to slip, the number ranging from nearly every 
eighth [cases 1(ii), 3(ii), and 4(ii)] to almost every 
one [case 2(ii)]. However, observations on marten- 
site® suggest that in actual fact slip of several inter- 
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Physical Interpretation 


Slip on 1 out of approx. 
Slip on 2 out of approx. 


Slip on 1 out of approx. 
Slip on 4 out of approx. 


Slip on 1 out of approx. 
Slip on 2 out of approx. 


Slip on 3 out of approx. 
Slip on 2 out of approx. 


Slip on 1 out of approx. 


Slip on 3 out of approx. 
or Slip on 3 out of approx. 


Slip on 2 out of approx. 
or Slip on 2 out of approx. 


Slip on 1 out of approx. 


every 5 (112),, planes in the (111, direction 
every 15 (112),, planes in the [111], direction 


every 7 (121) planes in the (iilly direction 
every 5 (121), planes in the [111], direction 


every 5 (111), planes in the (112) a direction 
every 15 (111), planes in the [112], direction 


every 4 (111), planes in the [121] direction 
every 15 (111), planes in the [121], direction 


every 3 (111), planes in the [110] 4 direction 


every 14 (111), planes in the [101], direction 
every 14 (011), planes in the [111],, direction 


every .3 (111), planes in the [101] , direction 
every 3 (011), planes in the[111],, direction 


every 3 (110), planes in the [111], direction 


Expression for Ba when the Martensite is cubic (c/a = 1) for “pet 1.00 
and condition for the existence of a solution and V= 1.04 
q 1 
[1+ V (4 = 3n3)(3 = 2n7)] > (i) 0.3986, 
| (ii) 0.2680 
22 (n? — 1)/3(8n? - 11) ] [1+ V2(11 672)(3 2n2)] 1% >7?2 | (i) 0.3082 
1% <n? | (ii)-1.7113 
[1+ 
71) (3 — We > uF (i) 0.4228 
1% <7? | (ii) 0.2843 
V2(n2 — D/(11 82) — (3 — 2n?)] 1%4>72 | -1.5480 
1% | (ii)—0:2787, 
EL (nt — ¥3(2 = 03/28 = +0.4130 
V6 (n? 1)/(8y? - 9) V2(3 2n?)] Always | (i) 0.2593 
a 
solution (ii) 0.8079 
EL (nt D/7,1V2(2= 12) = 293) 1% > +0.4769 
2<m 


atomic distances tends to occur and thus fewer 
planes actually slip. 


THE HABIT PLANE AND ORIENTATION 
RELATIONSHIP 


From the values of g, in Table II, the habit planes 
and orientation relationships were obtained by ex- 
pressing the operations of the graphical method*®** 
algebraically and then substituting numerical values. 
The accuracy of the results is thereby considerably 
increased compared with the purely graphical 
method, particularly when operations in which two 


@5 


Fig. 1—Habit planes of martensite when the inhomogeneous 
deformation is a slip (shear) on martensite planes con- 
taining the <111> direction of the martensite; specifically 
the {110} and {112} planes. (The numbers correspond to 
those in the first column of Table III.) 
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points fall close together on the stereographic net 
are involved. 

Table III summarizes the results of the calcula- 
tions for the slip systems of interest, Table II. The 
habit planes are given in terms of the direction co- 
sines of their normals, and are plotted (irrespective 
of sign) in the stereographic triangles of Figs. 1 
and 2. The orientation relationship, which is gen- 
erally represented by the parallelism of certain 
planes and directions, is in the present paper rep- 
resented by a rotation of a certain amount about a 
determined axis (in the austenite system). This ro- 
tation is such that it brings the austenite axes into 


Fig. 2—Habit planes of martensite when the inhomogeneous 
deformation is a slip (shear) on a {111} austenite plane and 
in the <110> or <112> austenite direction. (The numbers 
correspond to those in the first column of Table III.) 
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Table Ill. The Habit Planes of Martensite and the Austenite- 
Martensite Orientation Relationship for the Slip Systems Listed 
in Table Il and for c/a=1.00, V=1.04 (indices expressed 
with respect to the Austenite axes) 


Direction Co- 


Orientation Relationship Corres- 
sines of Habit 


ponding to the Variant of 7 


Plane Normal 
Case n Axis of Rotation* Angle of Rotation* 
1(i) 0.5637 (+) 0.0292 41.13; 
1 0.8011 (-) 0.0584 
g=0.3986 0.2012 (+) 0.9124 (cos~ 0.75316) 
(ii) 0.2012 (+) 0.0380 44.37 
2 0.8011 (-) 0.0130 
g=0.2680 0.5637 (+) 0.9490 0.71482;) 
2(i) - 0.4300 (+) 0.0534 54.73 
3 0.5373 (+) 0.0175 
g=0.3082 0.7255 (+) 0.9291 (cos 0.57746) 
(i) 0.3681 (-) 0.0002 49.34 
4 -0.8241 (-) 0.0474 
g=0.3082 0.4305 (+) 0.9524 (cos 0.65154,) 
(ii) - 0.7382 (-) 0.3627; 98.74 
5 -0.6173 (-) 0.0786 
7 g==1.7113 0.2719 (+) 0.5586; (cos~ -0.15189) 
(ii) 0.3940 (+) 0.0358, 42.69. 
6 0.8248 (-) 0.0320; 
g=-1.7113 0.4056 (+) 0.9321 (cos 0.73498;) 
3(i) 0.2049 (+) 0.0585 41.13, 
7 - 0.9281 (-) 0.0292 
g=0.4228 0.3109 (+) 0.9123 (cos~* 0.75316) 
(ii) 0.4797 (+) 0.0130, 44.37 
8 - 0.6532 (-) 0.0379; 
g=0.2843 0.5858 (+) 0.6252 (cos~* -0.71482) 
4(i) 0.1195 (-) 0.3080 110.88, 
9 0.9921 (-) 0.0668 
g=-1.5480 0.0379 (+) 0.6252 (cos~? -0.35648;) 
(i) 0.4825 (+) 0.0483 49.63 
10 0.6132 (+) 0.0000, 
g= -1.5480 0.6255 (+) 0.9516, (cos 0.6477;) 
(ii) 0.6764 (+) 0.0270 42.97, 
11 0.0680 (-) 0.0346 
g=0.2788 0.7334 (+) 0.9384 (cos 0.73167s) 
(ii) -0.8772 (+) 0.0090 39.48 
12 0.2809 (+) 0.1221 
g=0.2788 0.3894 (+) 0.8689 (cos 0.771825) 
5 0.6630 (+) 0.0282; 42.84 
13 0.2647 (-) 0.0335, 
g=0.4130 0.7003 (+) 0.9382 (cos~* 0.73323) 
5 —0.9303 (-) 0.0007 36.59 
14 0.2010 (+) 0.3751 
g=0.4130 0.3070 (+) 0.6242 (cos 0.80290) 
6(i) 0.3436 (-) 0.0003, ( 49.08 
15 - 0.8227 (-) 0.0467 
g=0.2593 0.4529 (+) 0.9530; (cos 0.65503) 
(i) - 0.2040 (+) 0.0467 49.08 
16 0.6511 (+) 0.0003, 
g=0.2593 0.7311 (+) 0.9530, (cos 0.65503) 
(ii) 0.4186 (+) 0.0333 42.50; 
17 0.8246 (-) 0.0333 
g=0.8079 0.3806 (+) 0.9334 (cos 0.73720) 
(ii) - 0.6534 (+) 0.0663 62.42, 
18 0.4796 (-) 0.0614 
g=0.8079 0.5857 (+) 0.8723 (cos~* 0.46293) 
7 0.3810 (-) 0.0001 49.48 
19 - 0.8246 (-) 0.0479 
g=0.4769 0.4182 (+) 0.9520 (cos 0.64967) 
iL -0.5913 (+) 0.0598, 64.28 
20 0.4787 (+) 0.0710 
g=0.4769 0.6490 (+) 0.8691, (cos 0.43392) 


*Rotation clockwise, looking in the direction of the axis (of rotation). 


coincidence with the martensite axes. For the axis 
of rotation of the orientation relationship it was 
found more convenient to give the squares of the 
direction cosines. Hence the sign of the direction 
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cosine is placed in brackets and is to be applied 
after extracting the square root. Since the sum of 
the squares of the direction cosines is unity, the 
axis of rotation may be plotted quite rapidly on a 
triangular coordinate net. This has been done in 
Figs. 3 and 4. Again all values have been plotted 
into the same stereographic triangle. The angle 
of rotation appears rather large because of a re- 
definition of the axes. This redefinition involves 
a 45-deg rotation about the austenite axis which be- 
comes the martensite c-axis. 

In Fig. 1 are shown those habit planes for which 
the inhomogeneous distortion is represented by 
slip shear in a <111>y direction of the martensite 
(and on a {110} or {112}y plane). The habit planes 
all fall into one half of the stereographic triangle 
bounded by the (111) pole and the zone joining (110) 
and (225). This is the region into which all experi- 
mental values for iron alloys fall (e.g., Refs. 9 and 
19). Though the data in Fig. 1 are for c/a = 1.00, 
V = 1.04, (6 = 1), in actual fact c/a varies from 
1.00 to 1.08 and V from 1.03 to 1.05. This varia- 
tion is insufficiently large to produce a significant 
change in the general distribution of the habit 
planes, though of course it affects their actual 
positions slightly. In the range of possible solu- 
tions, the values for the habit plane may cover an 
appreciable region of the stereographic triangle, 
but most of these solutions correspond to param- 
eters not representative of those found in iron 
alloys. 

When the inhomogeneous deformation is slip on 
the (111), plane, in either the <110>, or the 
<112>, direction, the habit planes fall close to 
the zones joining (001)4-(111)4 and (111), -(110), 
as shown in Fig. 2. This figure and the corres- 
ponding data in Table III have been taken from the 
work of Wechsler, Lieberman, and Read,*° and show 
that several of the solutions fall outside the region 
of the experimentally found habit planes in iron 
alloys.%*° 

The orientation relationships have also been 
plotted in two groups, Figs. 3 and 4, corresponding 
to the habit planes. Fig. 3 shows the distribution 
for <111>y slip shear and Fig. 4 for (111), slip 
shear. The pair of broken lines in the two figures 
delineate the region into which the orientation re- 
lationships, observed to date, fall.’* A much 
smaller fraction of the calculated orientation re- 
lationships fall in the ‘‘observed’’ region than was 
the case for the habit planes. 

In Case 1, two different solutions for the orienta- 
tion relationship exist, but only one solution for the 
habit plane, because of the high symmetry of the 
operations.’” Table IV gives numerical values of 
both the habit plane and the orientation relationship 
for a series of values of c/a and V relevant to iron 
alloys. The Table is more complete than one pub- 
lished earlier by Wechsler, Lieberman, and Read? 
and is intended to show the extent of the variation 
of the numerical solutions of interest here. Fig. 5 
presents graphically the variation of the orienta- 
tion relationship with c/a and V. For c/a = 1.00 
a break in the solution occurs at V = 1.08866 (cor- 
responding to nj = 17/3 in Table II) and for different 
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Fig. 3—Orientation relationships cor- 
responding to the habit planes in Fig. 1. 
(The numbers correspond to those in the 
first column of Table III.) See text for 
details. 
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ratios of c/a this break occurs at correspondingly 
different V values. At the break, the orientation 
relationship is precisely that given by Kurdjumov 
and Sachs (cf. Ref. 11). Also the habit plane for 
c/a = 1.00 is {225}, which is the appropriate one 
for the steel showing the K-S orientation relation- 
ship. However, the values of V are considerably 
larger than actually observed. 

When the habit planes and the orientation rela- 
tionships are considered together with the experi- 
mental observations, the possible solutions are 
restricted to Numbers 2, 4, 15, 16, and 19 for 
<111>y slip shear and to Numbers 8, 10, 15, and 
16 for (111), slip shear. 


SOLUTIONS FOR TWINNED MARTENSITE 


So far only the possibility has been considered 
that the inhomogeneous distortion is a slip shear, 
thus implying that the martensite plate is a single 
crystal with relatively few imperfections. This is 
partly in agreement with experimental observations, 
since no evidence by back-reflection Laue methods 
has yet been obtained*»”° to indicate that a marten- 
site plate may consist of a fine cluster of twins. On 


Fig. 4—Orientation relationships cor- 
responding to the habit planes in Fig. 2. 
(The numbers correspond to those in the 
first column of Table III.) See text for 
details. 


17 (42,50°) 


the other hand the anomalously broad X-ray diffrac- 
tion lines from martensite?” suggest that pro- 
nounced imperfections must be present in a single 
plate. As has already been mentioned, imperfec- 
tions represented by stacking faults (or thin twins) 
were found” to give the most satisfactory explana- 
tion to date of the anomaly, and thus it is of interest 
here to examine how the various solutions consid- 
ered above could reasonably accommodate twins, 
and hence stacking faults. 

Case 1—Though this has been treated in detail in 
the literature,’ a few additional comments are ap- 
propriate here. The replacement of the slip shear 
by a twinning shear is very straightforward, since 
here the plane and direction are the same for both. 
The slip shear matrix Gy may be written simply as 


Gy = (l= £G; [2] 


_ where x represents the fraction of twin orientation, 
I is the identity matrix and G, is the twin shear ma- 
trix. From this equation it follows that gy is re- 
lated to g,, the magnitude of the twinning shear, 
through gy = g,*[= (1/V¥2)x for cubic martensite]. 


@-9 (110.88°) 
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Fig. 5—Variation of orientation relation- 
ship with the axial ratio c/a and the vol- 
ume ratio VY for Case 1, Table IV. The 
two parallel broken lines bound approx- 
imately the region within which the ex- 
perimental observations fall. 


Now 


(2a) = )/ay Cy V2 = (ni Ne 


and is always in the <111>y direction; it reduces 
to 1/V2 for cubic martensite. Since gy = 

{2m n2/(ni + the same relations as given 
in Ref. 1 are obtained. 

The solution for the habit plane and one of the 
solutions for the orientation relationship fall within 
the region of those observed for iron alloys. 

Case 2—Although for cubic martensite the slip 
and twinning systems in this case are identical to 
the foregoing case, for tetragonal martensite this 
is not so because the (112)y plane is not equivalent 
to the (121), and (211)y planes. Hence Eq. [2] ap- 
plies only provided that the shear direction for Gy 
is also the twinning direction t, where 


3a? — 5c? 


tre = 


— 1078 

2 2 

272 | y 


[2(n? — 4n2)| 
=|-(a7— = |-(ni— 
2 2 


which always lies in the (121)y or the (131), plane. 
The twinning shear g, is given by 


= 2a — + 5c*/2ac 


= — + 10nf/2m ng 
When c/a = 1, the twinning direction becomes 


Table IV. Case 1 


Axial Volume Direction Cosines Orientation Relationship (Corresponding to the Variant of fi) 
Ratio Ratio of Habit Plane Solution A Solution B 
c/a V Normal ft Axis of Rotation Angle of Rotation Axis of Rotation Angle of Rotation 
0.64574 (+) 0.02994 40.73,° (+) 0.95304 44.76° 
1.00 1.00 0.74666 (-) 0.07211 : (—) 0.00786 
0.15974 (+) 0.89795 (cos~ 0.75774) (+) 0.03910 (cos 0.71005.) 
0.58639 (+) 0.02936 41.00° (+) 0.95006 44.49° 
1.00 1.03 0.78764 (-) 0.06196 (-) 0.01151 
0.18911 (+) 0.90868 (cos 0.75468) (+) 0.03843 (cos 0.71339) 
0.56367 (+) 0.02923 41.13,° (+) 0.94898. 44.37° 
1.00 1.04 0.80113 (-) 0.05843 (—) 0.01305 
0.20117 (+) 0.91234 0.75316) (+) 0.03796, 0.71482.) 
0.53876 (+) 0.02916 41.29,° (+) 0.94782 44.25° 
1.00 1.05 0.81455 (-) 0.05476 ‘ (-) 0.01482 
0.21503 (+) 0.91608 (cos~ 0.75131) (+) 0.03736 (cos~ 0.71650) 
0.47816 (+) 0.02933 41.74° +) 0.94491 43.85,° 
1.00 1.07 0.84124 (-) 0.04653 0.01951" 
0.25232 (+) 0.92414 0.74613) +) 0.03557, 0.72108) 
0.35355 G+) 0.03155 42.85° (+) 0.93690 42.85° 
1.00 1.08866 0.86603 (—) 0.03155 (—) 0.03155 
0.35355 (+) 0.93690 (cos 0.73316) G) 0.03155 (cos 0.73316) 
0.56899 (+) 0.02054 41.37° +) 0.96149, 2 
1.045 1.03845 0.80277 (—) 0.04616 0.00983. 
0.17835 (+) 0.93330 (cos 0.74041.) (+) 0.02867, (cos~* 0.71329) 
0.59067 (+) 0.01533 41.51,° +) 0.97004 i 
1.08 1.03 0.79226 (-) 0.03906 ; (3 0.00705 ae 
0.15306 (+) 0.94561 (cos 74878) (+) 0.02244 (cos 0.71145) 
0.56232 (+) 0.01519, 41.66° +) 0.96940 $ 
1.08 1.04 0.81020 (-) 0.03658 8 0.00816 ess 
0.16545 (+) 0.94822, (cos 0.74710) (+) 0.02244 (cos 0.71264) 
0.53082 G+) 0.01511 41.84° +) 0.96871 2 
1.08 1.05 0.82812 (-) 0.03402 3 0.00946, coe 
0.18015 G) 0.95087 0.74504) +) 0.02182 0.71407) 
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[111],, = [101], and is thus in the same direction 
as the slip shear, Table II. For c/a = 1, 


ay = + m3) (mi + 1073)/n ne 
(3/V11)g, 


§,= 1/V2 and the fraction of the martensite crystal 
twinned is x = gy /g, = (3V2/VI1)g,. Of the values 
of g4 listed in Table Il, giving x = 0.39 or 2.19, only 
one (x = 0.39) represents a physically real case for 
twinning; the twin ratio (Z.e., ‘‘twin’’ : ““untwinned’’) 
is about 3:2. This ratio is almost the same as for 
Case 1 when gy has the values given in Table II. 

Heretofore it has been assumed that the lattice 
invariant shear is either solely slip or twinning. 
The possibility that it may be a combination of both 
has already been suggested elsewhere’® in connec- 
tion with Case 1. If this possibility is to be recog- 
nized here, then the other solution (x = 2.19) may 
be written Gy = xG,+(1—%x)G,. The fraction (x) 
twinned, is arbitrary and some additional slip shear 
is always required, because the maximum twinning 
shear possible, g, = 0.707, is less than the total 
shear involved, viz. gy = 1.548 (g¢, = 1.711). Thus 
if the twin ratio is to be 3:2, the amount of slip 
shear in the untwinned regions would have to be 
increased to g, = 2.11 (or 2.81). These shears rep- 
resent slip by one interatomic distance on at least 
every plane. 

All the four solutions for the habit planes come 
within the region of the experimentally observed 
ones, Fig. 1, but only one of the orientation rela- 
tionships does, Fig. 3, though the orientation re- 
lationships from two of the other solutions (Nos. 3 
and 6) come close to observed orientation rela- 
tionships. This case therefore represents a pos- 
sible choice for the inhomogeneous distortion. 

Case 3—If the martensite has slight tetragonality, 
(011)y [011] becomes a possible twin system. This 
system is derived from the (111),[112], twinning 
system in the fcc structure. The twin shear is given 
by - 


&, = (c?—a")/ac = (22 — mi)/m 
along [011], always. 


When c = a, then g, = 0. (For c = av2, g, = 1/V2, 
the twin shear in the fcc structure.) The tetragon- 
ality of martensite does not exceed 1.09 (2 pct C) 
so that the maximum likely value for g; is 0.273. 
For V = 1.04 and c/a < 1.075 approximately, g, is 
always smaller than either solution for gy ; for 
1.075 < c/a < 1.09 (V = 1.04), g, > gy for one so- 
lution and g, < gy for the other solution. When 
c/a > 1.09 (V = 1.04), g, > gy for both solutions 
of gy, but this case is no longer applicable to the 
present problem. 

Thus only in a limited range of c/a can a solution 
be obtained for twinning by setting Gy = (1-—%)J 
or x = £y/g, where 


2v2 
EM = [(ni + 2n3)/3m 84 (- —3 84 1). 


In the other ranges there is essentially no solution 
for a ‘‘twin case,’’ though (011)y[011]y twinning 
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Fig. 6—Variation of the habit plane with the axial ratio 
c/a and the volume ratio V for case 3 (partly from 
Ref. 24). 


can still be obtained by increasing the amount of 
slip shear required in the untwinned region, as was 
discussed in Case 2. Then Gy + (1—%x)G, 
and x is arbitrary but lies in the region0 <x <1 
to retain physical meaning. 

Though no information appears to be available on 
the (011)y [011] twinning system in bct metals, 
this twinning system has nevertheless been specu- 
lated”* as possibly occurring in a 1.7 pct C steel 
(c/a ~ 1.075) because the shear for this type of twin 
is considerably less than for the {112} twin. The 
habit plane of the martensite in such a steel is ap- 
proximately {259},.° Fig. 6 (taken in part from 
Ref. 24) shows that for a 1.7 pct C martensite con- 
taining twins of the (011)y[011]y type (as a result 
of transformation), {259}, would not be an expected 
habit plane. 

Twins of this type are of interest, however, since 
they may occur in lower carbon martensite, and, if 


only an atomic layer or two thick, would be equiva- 


lent to stacking faults on the (011), planes. Such 
stacking faults would produce anomalous line broad- 
ening in the X-ray diffraction pattern qualitatively 
analogous to that expected from stacking faults on 
the {112}y planes (cases 1 and 2). In principle, 
faulting on the {011}, planes should be distinguish- 
able from faulting on the {112} planes since, for 
example, the ratio of the broadening of the various 
lines will not be the same. 

Of the two solutions for this case only one (No. 8) 
would fit in with the general observations reported 
in the literature. 

Cases 4 and 5—The shear elements of the in- 
homogeneous distortion for these two cases do not 
represent slip or twinning systems characteristic 
of bec metals. Twins with (011)y[311]y or 
(011)y [100], elements are hypothetically possible 
but unlikely; the shears involved would be large. 
Out of the six possible solutions for these cases, 
only one (No. 10) is consistent with both observed 
habit and orientation relationships.’ This 
solution belongs to case 4 for which the slip system 
is that required to produce stacking faults in the 
austenite. 
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Cases 6 and 7—The shear elements for both of 
these cases represent typical slip systems of bcc 
metals. However, (011)y[111]y twins are highly 
unlikely and (110)y[111]y twins are meaningless 
since (110)y is a plane of mirror symmetry, even 
in the bet structure. All the solutions for the habit 
planes lie within the regionof observed habit planes 
but some of the solutions for the orientation relation- 
ships fall outside the region of those observed up to 
now. 


SOLUTIONS 


Most of the solutions do not permit a direct and 
reasonable interpretation in terms of twins (or 
stacking faults) in the martensite, but give, never- 
theless, habit planes and orientation relationships 
that can come within the range of experimental 
values. Furthermore, in bcc metals ‘‘wavy’’ slip 
is frequently observed, and there is an indication 
that in certain cases the surface markings on mar- 
tensite follow a similar pattern.” In the analysis, 
however, the inhomogeneous distortion is assumed 
to operate on only one set of shear elements, which 
would represent the ‘‘average’’ if the distortion 
were confined to more than one set. Any simple 
shear can always be decomposed, as has been shown 
by Bowles and Mackenzie,* into two (or more) sim- 
ple shears which have either the same plane (as 
the selected shear) or are in the same direction 
(as the selected shear). In the notation of the pres- 
ent paper this may be stated algebraically as 


or 


Sy bj, = + 83b2 


(for common planes) 


(for common directions) 


From this it follows that if the values of g are cho- 
sen consistent with gy , a complex pattern for the 
inhomogeneous distortion may be obtained in terms 
of a number of slip or twinning shears. The details 
of such a pattern cannot be derived from the phe- 
nomenological theory without making speculative 
assumptions. The point to be brought out here is 
that the phenomenological theory can accommodate 
complex inhomogeneity patterns, respectively dis- 
location arrays, that may be responsible for the 
diffuse diffraction of X-rays by martensite. 
Christian” has suggested that the constraints of 
the surrounding matrix on the formation of mar- 
tensite may control the value of 6. In the same 
way these constraints may control the exact con- 
figuration of the imperfections in the martensite, 
but, it is proposed here, not to the extent that they 
cause slip or twinning dislocations on systems 
other than those characteristic of bcc metals. 


DISCUSSION AND CONCLUSIONS 


The simplest type of inhomogeneity pattern that 
is consistent with X-ray and crystallographic ob- 
servations in certain alloys, as well as with the 
general behavior of bcc metals, is one consisting 
of a pack of fine twins or stacking faults in the 
martensite and formed by a {112} <111>y twin- 
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ning shear. For this pattern only a limited range 

of solutions in the vicinity of V = 1.04, c/a = 1, 

5 = 1, are applicable to the observations in iron 
alloys and this limited range does not cover all the . 
observations. 

However, the reported habit planes for iron alloys 
may be accounted for by an inhomogeneity pattern 
in which the slip shear is in the <111>y direction 
and on any plane or planes containing this direction. 
By having more than one plane containing the 
<111>y direction operative, if necessary, (repre- 
senting the ‘‘wavy’’ slip characteristic of bcc 
metals) it is always possible to have a 
{112}y<111>y shear and hence twins or stacking 
faults. When the orientation relationships are 
considered as well, it is found that the calculated 
orientation relationships for these cases do not all 
fall within the range of those observed; however, 
there are fewer observations on the orientation 
relationship than there are on the habit planes in 
iron alloys. 

An inhomogeneity pattern in bct martensite con- 
sisting of {011}, <011>y twins (or stacking faults) 
could also, within a restricted range, account for 
the crystallographic observations in some alloys 
and for the anomalous X-ray line broadening. Since 
twins of this type have not been observed in bcc 
metals, such a possibility is not based as firmly on 
the observed behavior of bcc metals as the previous 
one. However, the {011}, <011>y twinning system 
corresponds to the {111},<112>, twinning system, 
Table II, observed in fcc austenite and it has been 
suggested™ that if a {111},<112>, shear is involved 
in the formation of martensite, then imperfect (or 
partial) dislocations in the austenite may serve as 
nuclei for the formation of martensite. 

Complex types of inhomogeneity patterns can be 
represented in the analysis by a single ‘‘effective’’ 
or ‘‘average’’ slip shear system, and in such a case 
the theoretical slip system can be correlated with 
the observed systems by appropriate decomposition 
of the ‘‘effective’’ slip shear. 

Through the present paper it has been assumed 
that 6 = 1. The exact value of 6 is at the moment 
uncertain. If it does not deviate by more than about 
1 pct from unity, as appears to be the case,*»”” then 
the present conclusions are still valid. 
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Critical Recrystallization of Zirconium 


At temperatures above 950°F, zirconium which has been 
strained a critical amount will experience critical recrystalli- 
zation. The large grain size thus formed can result ina re- 
duction in the fatigue life by a factor of 2 to a factor of 9 at both — 
high and low temperatures. The critical strains for zirconium 
vary from 15 pct at 900°F to about 2 pct at 1125°F, while those 
for zircaloy III vary from 15 pct at 1050°F to 5 pet at 1200°F. 


Zircaloy Il experiences no critical recrystallization up to 1200°F. 


ZIRCONIUM has become increasingly important for 
nuclear applications and is being employed in re- 
actors at temperatures where recrystallization can 
occur. Recent work’ on the fatigue properties of 
zirconium has shown that coarse-grained structures 
developed in zirconium during recrystallization have 
much lower fatigue lives than fine-grained material. 
The development of these large grain sizes under 
such conditions is well known to be the result of 
critical recrystallization.*~* Briefly, critical re- 
crystallization occurs when a metal is strained a 
critical amount and annealed in the recrystallization 
range. The critical strain is defined as that mini- 
mum strain necessary to promote nucleation in the 
time unit and temperature considered. The maxi- 
mum grain size occurs at the critical strain, since 
at this strain the fewest stable nuclei per unit 
volume grow into new grains. Recrystallization is 
not evident below this strain since the nucleation 
rate is vanishingly low, and metal strained more 
than the critical amount has a higher nucleation 

rate per unit volume which results in a finer grained 
structure. 

This paper describes the critical recrystalliza- 
tion observed in reactor-grade zirconium, zircaloy 
II, and zircaloy III as a function of annealing tem- 
perature and temperature of strain. 


EXPERIMENTAL 


The zirconium used was hafnium-free, double arc- 
melted sponge obtained from the Bureau of Mines. 
The ingots were forged and hot reduced to 0.08 to 
0.10-in. sheet and subsequently cold reduced to 
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0.035-in. sheet with intermediate and final anneals 
at 1200°F for 15 min. The zircaloy II and zircaloy 
III used were 0.035-in. sheets in the annealed con- 
dition. Compositions of these materials as tested 
are given in Table I. : 

To determine the critical strain at a given tem- 
perature, tensile specimens having a 0.065-in. taper 
in a 2-in. gage length were machined from the sheets 
parallel to the rolling direction. 

The specimens were polished, etched, and ex- 
amined metallographically to ensure that all of them 
were strain-free, initially. Tukon indentations were 
made every half millimeter along the gage length of 
each specimen. These served as fiducial marks en- 
abling the plastic strain to be measured with a mi- 
croscope and micrometer stage. The specimens 
were pulled to failure at a rate of 0.002 in. per min 
in an Instron tensile-testing machine. Three tem- 
peratures were used for straining: room tempera- 
ture, 500°F, and 900°F. The 500° and 900°F tests 
were run in an argon atmosphere. Since the rate of 
work hardening changes with temperature, a dif- 
ferent critical strain was obtained for each tempera- 
ture of strain. 

Specimens, prepared in the manner described, 
were annealed in vacuum at various temperatures 
ranging from 900° to 1200°F for up to 1000 hr, after 
which they were examined metallographically. The 
critical strain and the recrystallized grain size as a 
function of strain were determined for each speci- 
men. Results for the same temperature and time 
indicated that the critical strain measured was re- 
producible to within 5 pct of each other. 


RESULTS AND DISCUSSION 


Since increasing the time of anneal increases the 
probability of the nucleation of a new grain, the 
critical strain decreases with time at a decreasing 
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Table |. Chemical Analysis of Zirconium, Zircaloy Il, and Zircaloy III. 


Alloy Sn Fe Si Cu Cr O N H Ni 
Zirconium - 0.040 0.040 0.0002 0.050 0.100 0.004 0.0025 _ 

to 0.120 to 0.012 to 0.0050 
Zircaloy II 1.60 0.20 - - 0.07 0.11 0.007 0.025 0.041 
Zircaloy III 0.25 0.31 - - - 0.15 0.011 0.010 0.008 


rate and approaches a constant value as the nuclea- 
tion rate approaches zero (see Figs. 1 and 2). For 
zirconium strained at 500°F, the critical strains 
reach relatively constant values of 2, 5.0, 6.5, 9.5, 
and 15 pct elongation at 1125°, 1050°, 1000°, and 
900°F, respectively. Zircaloy III strained at 500°F 
has critical strains of 5.2, 9.5, and 15 pct elongation 
at 1200°, 1125°, and 1050°F, respectively. For both 
zirconium and zircaloy III, annealing beyond 500 hr 
has little effect on the critical strain. Zircaloy II is 
not shown in these figures because it shows no evi- 
dence of critical recrystallization at any tempera- 
ture up to 1200°F. 

The variation of critical strain with temperature 
is shown in Fig. 3. For specimens strained at room 
temperature and 500°F, the logarithm of the critical 
strain varies linearly with the temperature, é.g. 


= Ae~BT 


In o, =1InA—BT 


where o, is the critical strain at temperature 7, 
and A and B are constants. Variation of straining 
temperature below the recovery and recrystalliza- 


tion range changes the y-intercept but does not 
change the slope. Also for the alloy, the y-intercept 
changes but the slope remains the same as that of 
zirconium for specimens strained at 500°F. The 
critical strains for specimens strained at 900°F in 
the recovery and recrystallization range as plotted 
in Fig. 3 fall on a straight line which has a slope 
different from that observed for specimens strained 
at 500°F. This is undoubtedly due to a difference in 
the rate of work hardening and deformation mechan- 
isms at this temperature. There is only a slight 
difference in the critical strain for specimens 
strained at 500°F and those strained at room tem- 
perature. 

The variation of recrystallized grain size with 
strain for zirconium and zircaloy III is presented 
in Figs. 4 and 5. Recrystallization of zirconium 
strained less than 10 pct at temperatures above 
950° F results in a large increase in grain size, 
Fig. 6. Annealing for 800 hr at 950°F results ina 
16-fold increase in grain diameter at the critical 
strain. Zircaloy III behaves in a similar manner 
except that, at a given temperature, the critical 
strain is higher and the maximum grain size is 


900°F HOURS 
15 = 
12 
= 
950°F 
> 
1000°F Fig. 1—Critical strain vs annealing 
times for zirconium strained at 500° F. 
(00 200 300 400 500 600 700 900 
TIME AT TEMPERATURE (hours ) 
16 
1050°F 
14 
3 
a Fig. 2—Critical strain vs annealing 
& time for zircaloy III strained at 500°F. 
a6 
1200°F 
= 
2 
200 300 © 400 500 600 700 800 900 1000 1100 


TIME AT TEMPERATURE (hours) 
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Fig. 3—Critical strain vs annealing temperature for zircaloy 


UI and zirconium. 
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60 


Fig. 5—Recrystallized grain size vs plastic deformation for 
zircaloy Ill. (Strained at 500° F and 0.002 in. per min). 


much smaller. The grain size is not temperature 
independent in this alloy, é.g., for a given amount 
of strain, the recrystallized grain size decreases 
with increasing temperature, Fig. 5. These re- 
sults indicate that the activation energies for nu- 
cleation and growth for zirconium are about equal, 
but for zircaloy III, the activation energy for nu- 
cleation is greater than the activation energy for 
growth. 


CONC LUSION 


The critical strains for zirconium vary from 
15 pct at 900°F to about 2 pct at 1125°F, and those 
for zircaloy III vary from 15 pct at 1050°F to 5 pct 
at 1200°F. The variation of critical strain with 
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Fig. 4—Recrystallized grain size vs plastic deformation for 
zirconium. (Strained at 500°F and 0.002 in. per min). 


GRAIN DIAMETER (mm) 


it i 
900 1000 1200 


TEMPERATURE 
Fig. 6—Grain size at the critical strain vs annealing tem- 
perature. (Specimens strained at 500°F and 0.002 in. per 


~ min). 


strain temperature is small at low temperatures 
(room temperature and 500°F) and becomes large in 
the recovery and recrystallization range (900° F). 

For zirconium having small amounts of work 
hardening, reduction in fatigue life associated with 
the increase in grain size is avoided by holding 
operating temperatures below 950° F. The corre- 
sponding limitation for zircaloy III is 1050°F. No 
critical recrystallization occurred in zircaloy II at 
1200° F because of a second phase in the grain 
boundaries which inhibits grain growth. 
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Grain Boundary Grooving by Volume Diffusion 


The development, by the mechanism of volume diffusion, of a 
grain boundary groove on an interface separating a solid phase and 
a saturated fluid phase is calculated under the following assump- 
tions: 1) isotropy of the interfacial free energy Y,, 2) applicability 
of the Gibbs-Thompson formula relating curvature and chemical 
potential, 3) a nearly planar groove surface. The groove profile is 
found to have a fixed shape and linear dimensions that are propor- 
tional to (time)'/*.. The constant of proportionality is evaluated and 


involves Y, in such a way that the latter may be evaluated from 


grooving kinetics. 


A grain boundary that intersects an interphase 
interface will tend to produce a groove along the line 
of intersection (Fig. 1). The ultimate motivation for 
the formation of the groove is the reduction in inter- 
facial free energy that occurs as the grain boundary 
contracts. Smith* has discussed the way in which the 
free energy of the interfaces determines their dihe- 
dral angles at the groove root and has given a de- 
tailed analysis of the effect of the dihedral angles 
upon the nature the microstructures developed in 
polyphase alloys. Herring” has extended the conside- 
rations to the case in which the free energy of an 
interface depends on its orientation and has thus 
added torque terms to the condition for interface 
equilibrium. 

Although the grain boundary and the interphase 
interface may quickly achieve the proper equilibrium 
angles where they intersect, as determined by the 
balance of equivalent tensions and torques, ”” the 
groove will generally continue to grow (though with 
decreasing speed). Thermodynamically, this con- 
tinued growth reflects the fact that the lowest free 
energy cannot be achieved until the entire grain 
boundary has been eliminated; mechanistically, the 
growth occurs in response to inhomogeneities of 
chemical potential that are caused by the constraint 
of fixed dihedral angles at the groove root. The 
latter point is illustrated in Fig. 1, which shows that 
atoms* near the groove are on the convex side of a 


*The term “atom” is used since the analysis was undertaken with 
metallic elements in mind. The analysis should also apply, however, to 
certain other solids (e.g., molecular solids) for which “molecule” is the 
appropriate term. 
cylindrically curved surface and therefore have a 
higher chemical potential than atoms on the flat 
interface beyond. Thus atoms tend to leave the 
curved groove shoulders and force the groove to 
deepen. When both phases are solid additional 
chemical potential gradient may arise from what- 
ever strain fields are necessary to insure con- 
tinuity of material across the interface. In the dis- 
cussion that follows, this complication due to strain 
will not occur since we always assume one phase to 
be a fluid and the other a solid. 
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The transport processes that may operate to per- 
mit growth of the groove are surface (interface)* 


*Throughout the following treatment the term “interface” will refer to 
the interface between the two phases (as opposed to the grain boundary). 
The term “groove surface” or simply “surface” is also used as synony- 
mous with interface. 


diffusion, volume diffusion in the phase on either 
side of the interface, and evaporation-condensation 
when one phase is gaseous. (Also a melting-freezing 
process is responsible for groove enlargement on a 
solid-melt interface as discussed in Sec. VI). The 
theory of grain boundary grooving has been discussed 
in detail for the processes of surface diffusion and of 
one type of evaporation-condensation.”* The theo- 
retical predictions for the mechanism of surface dif- 
fusion have been confirmed in an experimental study 
of grooving kinetics in copper.® In this paper, the 
theory of groove development by volume diffusion 
will be presented. 

Volume diffusion can occur either by atomic mi- 
gration in the solid S or by diffusion of S atoms in 
the fluid phase, or solvent, adjacent to the groove 
surface. As discussed in Sec. V, volume diffusion in 
the solid should be less important than surface dif- 
fusion in forming a groove. Apart from verifying this 
statement then, the main interest of the present 
analysis centers on diffusion in an external solvent. 
The solvent may be either a liquid .g., water, or- 


y 


(x,y, t) 


Fig. 1—Profile of a grain boundary groove enlarging by 
volume diffusion in a solvent. 
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ganic solvents, liquid metal) or a gas. In the event 
that the solvent is gaseous it is important to dis- 
tinguish two cases: First, if the mean path A of S 
atoms in the solvent gas is small compared to the 
groove width then transport occurs by true volume 
diffusion in the gas. This case falls under the scope 
of the treatment that follows; it is called evapora- 
tion-condensation in system E,. 

Secondly, if the solid S is in contact with its own 
vapor only (or with a concentrated solution of its 
own vapor in another gas), or if it is in contact with 
a gaseous solution for which the mean path A is 
large compared with the groove width, then gaseous 
diffusion is not involved (e.g., the return flux of S 
atoms is uniform over the groove surface). The 
transport of material in this case is referred to as 
evaporation-condensation in system £,, and has 
been previously analyzed.® It is not considered 
further in the present treatment. 

One of the main points of interest that will emerge 
from the following analysis is that when the theoreti- 
cal description is validated by experiment, the theory 
allows the calculation of the interfacial free energy 
y, between the solid and its environment from the 
kinetics of growth. Furthermore, the grain boundary 
energy may then be inferred from the groove angles. 


ASSUMPTIONS OF THEORY 


The assumptions upon which the theory is based 
are essentially the same as those that have been 


used in prior calculations.*-° Assumptions 2) and 3) 
that follow have been discussed by Herring” as a 
basis for transport calculations. For the sake of 
concreteness, the assumptions are stated for the 
case of an external solvent. 

1) The free energy y, of the interface between the 
solid S and the surrounding medium is assumed to be 
independent of crystallographic orientation. 

2) The Gibbs- Thompson’ relation between curva- 
ture and chemical potential is assumed to determine 
the concentration of S atoms at the solid-solvent 
interface. (The solution is taken to be ideal). The 
assumption presupposes a free interchange of the 
diffusing particle with the interface as discussed by 
Herring.” 

3) The volume diffusion is assumed to be quasi 
steady state. This, in turn, requires that 1) the 
concentration (atoms per cc) far from the interface 
has the value C, characteristic of equilibrium with 
a plane interface (i.e., the solvent is essentially 
saturated with S atoms), 2) the equilibrium concen- 
tration Cy is small compared with the number M, of 
atoms per cc in the solid so that the relaxation time 
of the diffusion field is short compared with the 
time required for a significant change in the inter- 
face shape,* 3) the diffusion is divergenceless which 

i it i i condition for the 
required for w to change by 1 pct is w 2 10°. For average value of the 


parameters this becomes w 2 10-4 £o , which is easily satisfied (for ob- 
servable grooves) even for fairly concentrated solutions, 


for the solid diffusion case requires that possible 
internal sources or sinks are absent or inoperative 
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(including the grain boundary). The latter require- 
ment is discussed further in Sec. V. 

4) The interface is taken to be initially flat and 
thereafter, as the groove develops, is assumed to 
have a small slope with respect to the initial inter- 
face. Thus, if y = W(x,t) describes the groove pro- 
file as shown in Fig. 1, then Max |aW/ax| <1. 
This assumption permits two simplifications: first, 
the curvature K may be approximated as K= — 97W/ 
dx (it is convenient to choose for K the opposite 
sign from the usual convention); secondly, for pur- 
poses of the diffusion problem, the interface may be 
represented as a plane (see discussion in Sec. VII). 

The small slope approximation should be quite 
good for most solid-gas interfaces since usually 
(y,/2y,) < 1(% is the grain boundary free energy) 
so that the slope m™ at the groove root obeys the in- 
equality 1 > (¥,/27,) = sin 6 = tan = m. In the 
case of a liquid environment m is not necessarily 
small and the approximation may become poor. A 
critical evaluation of the small slope approximation 
is given in Sec. VII. 

5) Convection is assumed to be negligible in the 
fluid phase. Thus if ¢ is the relaxation time of the 
diffusion field around the groove we require vt < w 
where w is the groove width and v is the average 
convection velocity in the region of the diffusion 
field. But t ~ w*/D where D is the appropriate 
diffusion coefficient, and also v ~ (dv/dn) w = v'w, 
where the convection velocity is assumed to increase 
linearly with distance from the surface and v’ is the 
corresponding derivative. Thus our condition be- 
comes v! < (D/w”). Substituting the order of mag- 
nitude values of Dgas = 0.1 em’ sec™*, Dyjg = 1075 
em*sec”™* w = 107? cm (a very large groove) we ob- 
tain as conditions on the velocity gradients the in- 
equalities <10°cm sec’ and < 107* 
cm sec In a reasonably uniform environment 
(e.g.,uniform temp., and so forth) these conditions 
are easily satisfied. The use of a thin film of solvent 
would increase the margin of safety in the liquid 
case. 


THE MATHEMATICAL PROBLEM AND ITS SOLU- 
TION 


The equations governing the groove development 
can now be constructed in accordance with the as- 
sumptions discussed in Sec. II. For concreteness, 
we consider the case in which the groove develops 
by diffusion of the atoms of solid S in a surrounding 
solvent (liquid or gaseous); the calculation applies 
equally well to vacancy diffusion subject to the fore- 
going assumptions. 

Consider a plane section normal to the groove line 
as shown in Fig. 1 and define cartesian coordinates 
in the plane so that the x axis coincides with the 
trace of the initially flat interface and the negative 
y axis coincides with the grain boundary. Let 
y = W(x,t) be the trace of the groove surface,7?.e., 
the profile we seek. Since the problem is symme- 
tric with respect to the y axis, it is sufficient to 
calculate W for x > 0 only. The boundary condi- 
tions for W correspond to a fixed slope at x = 0 
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=O 
and an initially flat surface 


W (x,0) =0 [2] 


Let the curvature be denoted by K (x,?) so that 

K (x, t) = — 8° W/ox" and let C (x,y,t) be the con- 
centration of solute (number of atoms per cc) in the 
solvent. The process leading to the development of 
the interface under the foregoing assumptions may be 
stated verbally as follows: for any given profile 
y = W(x, to), at time to, there will be a steady-state 
concentration field C (x,y, t)) which must satisfy 
Laplace’s equation in the solvent and must reduce to 
given values (proportional to K (x, ¢))) on the inter- 
face (Dirichlet’s problem). From this concentration 
field the value of and hence the normal 
flux of S atoms is determined at all elements of the 
interface. But the normal flux determines the rate of 
movement the interface dW/dt and hence the new 
profile y = W(x,to+ At) at time to + At. We seek 
to formulate an equation for W(x,¢t), from which the 
diffusion problem has been eliminated, and then to 
solve it under conditions given by Eqs. [1] and [2]. 
Actually, for mathematical reasons, it will be con- 
venient to formulate the equation in terms of the 
curvature K and then to integrate the solution to 
find W. 

Proceeding, we require C (x, ¥, to satisfy the 
equations 


[3] 


C (x, 0,t)= Cy ag Cy [4] 


The second equation is the Gibbs- Thompson rela- 
tion ‘for our problem where C, is the concentration 
in equilibrium with a flat surface and & is the atomic 
volume. 


The solution of Eq. [3] that satisfies [4] is 


C(x,y,t)=C 
ae cos (wx) K(e,t) cos we de [5] 
0 


That [5] satisfies Eq. [3] may be verified by substitu- 
tion. [It is essentially a sum of the form const-cos 
(wx) e-®”]. That it satisfies Eq. [4] follows from the 
fact that for y = 0, the double integral (including the 
2/7) is simply the Fourier integral® for K(x, t). 

The rate of motion of an element of surface is 
given in terms of the current of solute atoms that 
enter it by the relation dt = DQ (aC/ay), 
where D is the diffusion coefficient of S atoms in 
the solvent. To express this relation in terms of 
curvature we differentiate twice with respect to x 
to obtain 


oK 
— 
at [6] 


If the expression for C given by Eq. [5] is substi- 
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tuted in Eq. [6] the result is an integrodifferential 
equation for K (x,t), namely, 


OK _ dww* cos w xf K we de 


Q? D.* 
RT 


*This is the same A’ previously used in a related problem.° 


where A’= 


First, we note that once the diffusion field has 
been formally eliminated from the problem, pure 
differential equations (e.g., for K (x,t)) no longer 
suffice to describe groove development. This is be- 
cause the normal flux (and hence, from Eq. [6] 
oK/ot) at any surface element is the sum of contribu- 
tions from all other surface elements. Hence @éK/ dt 
is affected by values of K at a distance and the inte- 
grodifferential form of Eq. [7] affords the appropri- 
ate description. 

Secondly, if the equation is formulated in terms of 
the profile W,[Fig.2(a)] instead of K,[Fig. 2(b)] the 
required Fourier-type integrals diverge; the reason 
is that W(x,?t) has a cusp at x= 0, absent in the 
function K (x,t), which causes the Fourier spectrum 
of W to be too large at high frequencies. 

Eq. [7] is solved in the appendix and the solution is 
integrated twice, using Eqs. [1] and [2], to obtain the 
profile y = W(x,t). The result may be written in the 
form 


y= W(x,t) =m [8] 


where the function X(u) is calculated from a power 
series given in the Appendix and is plotted in Fig. 
2(a). From the way in which (A’t)'/* occurs in Eq. 
[8], it is apparent that 1) the profile W has a fixed 
shape and 2) the profile grows indefinitely so that 
the linear dimensions are proportional to ¢ a/ 3. The 
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Fig. 2(a2)—Normalized profile shape due to volume diffu- 
sion. 
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Fig. 2(b)—The curvature K of the normalized profile. 
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Fig. 3—Normalized profile shape due to evaporation. 
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fixed shape, normalized to have unit slope at u= 0, 
is given by X(u) and appears in Fig. 2(a). The pro- 
file shape corresponding to a root slope of m is ob- 
tained from Fig. 2(a) by multiplying all ordinates by 
m. As discussed in the Appendix, the integrated area 
of X (with respect to original flat surface) vanishes. 
Thus no material is lost to or gained from infinity. 

It follows from Eq. [8] and the information of Fig. 
2(a) that the depth of the groove d measured in the 
y direction from the maximum of the surface to the 
groove root is 


d = 1,01 m (A't)'* [9] 


whereas the separation of the two maxima is given 
by 


w= 5.0 (A’t)¥8 [10] 


It is interesting to note that given the constancy of 
the profile shape (and the process of volume diffu- 
sion) it follows from a general argument of simili- 
tude due to Herring® that the linear dimensions of the 
profile must be proportional to ¢’/*. The actual solu- 
tion given by Eq. [8] serves to show that the shape 
does in fact remain constant and to actually deter- 
mine what the shape is. 


COMPARISON OF GROOVE FORMATION BY THE 
THREE TRANSPORT PROCESSES 


The preceding results describing the development 
of the groove profile by volume diffusion may be 
compared with results previously obtained® concern- 
ing groove development by evaporation (in system £;) 
and by surface diffusion. In these latter cases the 
assumptions of an isotropic y, and of a small maxi- 
mum Slope were also used. Two main points may be 
made: first, for all cases in which only one process 
operates to transport matter, the profile shape is 
independent of time. The time independent shapes 
(normalized to unit slope at the groove root) are 
shown for evaporation-condensation (£,) and for 
surface diffusion in Figs. 3 and 4, respectively, and 
may be compared with the shape due to volume dif- 
fusion shown in Fig. 2(a). Clearly the latter two 
shapes are very similar whereas the one due to 
evaporation-condensation (£,) differs in lacking the 
humps above the original flat surface. 

Secondly, in all three cases the profile continues 
to grow as time passes. The linear dimensions of 
the profiles are proportional to ¢’/°, and ¢*/* 
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Fig. 4—Normalized profile shape due to surface diffusion. 


for the cases of evaporation-condensation (£,), 
volume diffusion, and surface diffusion, respectively. 
Again, once the shapes are known to be invariant, 
the preceding time laws for growth are deducible 
from the results of Herring’s similitude analysis.° 

The time laws form an obvious basis for distin- 
guishing one transport process from another, a tech- 
nique that has already been applied by Kuczynski?° 
in studying the rate of neck growth between a sphere 
and a plane during sintering. The grooving case has 
the advantage over the case of the sintering of a 
sphere to a plane, however, of permitting a rigorous 
geometrical analysis and therefore of yielding exact 
expressions for the groove size at any time in terms 
of the parameters of the system, Eqs. [9], [10]. 


DISCUSSION OF GROOVING BY VOLUME DIFFUS- 
ION 


Consider the contribution to groove development 
made by volume diffusion in the solid S. First it is 
asserted that to a good approximation, a groove de- 
veloping by volume diffusion alone should be ade- 
quately described by the preceding theory. Thus 
points causing the most difficulty are 1) possible 
internal sources or sinks for the migrating particle 
(e.g., vacancies, interstitials) and 2) the easy path 
for diffusion afforded by the grain boundary. But, 
concerning the first point, internal sources and sinks 
seem quite unlikely to be major factors affecting 
grooving; at least the profile shapes in copper® are 
very nearly ideal(zero integrated area, and so forth). 
Furthermore, the grain boundary would not be ex- 
pected to act as a source or sink unless the thickness 
of the sample were comparable to the groove width, 
for only then could the grooving rate be comparable 
to or less than the rate of relative motion of the 
adjacent grains that must accompany a divergence of 
diffusion flux at the grain boundary.** Concerning the 
second point, the enhanced diffusion along the grain 
boundary would not materially affect the grooving 
process since most of the transport must occur 
parallel to the x axis and thus normal to the grain 
boundary. 

The next step is to combine the preceding analysis 
with that for the case of surface diffusion to obtain a 
description of grooving by the concomitant action of 
both processes. This step has been carried out’ as- 
suming that either process acting alone produces the 
same groove shape, an assumption that turns out to 
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be well justified, cf. Fig. 3(a) and 4. It was concluded 
that volume diffusion in S makes only a small addi- 
tional contribution to that of surface diffusion in 
forming a groove; in the experimental study of 
grooves in copper,” this additional contribution was 
concluded to be less than experimental error. (It is 
easy to see from the time laws mentioned in Sec. IV 
that surface diffusion must dominate the initial 
stages of groove formation). 

We now turn to the case in which the groove de- 
velops by volume diffusion in the solvent surrounding 
the solid. As an example, let us consider a bicrystal 
surrounded by a passive gas at ~ 1 atm, (7.e., evapo- 
ration-condensation for case E,). Assuming the per- 
fect gas law C, =)~/kT, where / is the partial pres- 
sure of the vapor from the solid in dynes per sq cm, 
we find A’= py,DQ*/(kT)’. For typical values set 
D=0.3 cm” sec™}, y, = 10° ergs Q=1.7 x 10°” 
cm®, RT = 10° ergs, to obtain A’ = 2.14x 
Evidently A’ may vary widely depending on the equi- 
librium vapor pressure p. Consider zinc near its 
melting point so that p = 1.3 x 10°? dynes/cm*. Then 
A’ = 2.9x 10°” cm® sec™*. To estimate the widths 
that may develop we substitute this value into Eq. [10] 
to obtain 
w= 5.7% 107° [12] 
For 10°sec, w = 2.6 X107*cm, and for 10°sec, w = 5.7 
x 10° cm. These widths are both larger than those 
expected to be developed by surface diffusion (and a 
foriorti by volume diffusion in the solid) although the 
margin is not large and an analysis of the concom- 
itant action of both processes® would probably have 
to be used in analyzing any data. It must be empha- 
sized that the foregoing expression presupposes that 
the solvent gas is saturated with metal vapor so that 
the system may be said to be in quasi equilibrium. 
For most metals the vapor pressure near the melting 
point is low compared with that of zinc. Transport of 
matter due to evaporation-condensation (case E,) 
will then be negligible compared to that due to sur- 
face diffusion for any reasonable value of the time. 

As a second example consider a bicrystal of solid 
S surrounded by a liquid solvent, saturated with S 
atoms. Then the temperature may undoubtedly be 
chosen far enough below the melting point to sur- 
press diffusion along the interface between the 
media. As a typical example, assume the saturated 
solution to contain 1 at. pct of S atoms so that 
C, =10°° atoms per cm’, assume y_ = 500 ergs/cm? 
and D = 10°° cm? sec”, and let T = 300°C. Then 
A’ = 3.6 10°" cm® sec™* and Eq. [10] becomes 


w = 0.7 10°75 [13] 


For ¢ = 10° w=0.3 x10 °and for ¢ = 10° sec w = 0.7 
x 10°° cm. These widths are about 1/8 of those just 
calculated for evaporation-condensation in Zn. The 
estimate is somewhat conservative in that larger 
values of A’ may be obtained in systems for which 
C, and D are larger. 

Whenever groove development in a solid solvent 
system obeys Eqs. [8], [9], and [10], the constant A’ 
may be determined from measurements of the groove 
size vs time. One of the most interesting possibil- 
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ities, then, is the determination of the free energy ¥, 
of the surface separating the solid S and the solvent. 


OTHER CASES RELATED TO THE VOLUME DIF- 
FUSION SOLUTION: GROOVING BY CHEMICAL 
ATTACK AND BY MELTING- FREEZING 


A case that falls within the scope of the present 
treatment is one in which the solid reacts chemi- 
cally with the solvent to form a soluble product 
(volatile product in the case of system E,). As an 
example consider the reaction sS + SF = qQ in which 
s moles of the solid S react with f moles of the 
fluid solvent F to form g moles of the soluble 
product @ (e.g., a volatile oxide). If we assume, as 
before, that y, is isotropic, the chemical potential 
of S molecules on the solid at a point curvature K 
exceeds that of molecules at a point of zero curva- 
ture by an amount py’, — Ws = ¥;&K (primed quanti- 
ties refer to the curved interface). 

Using this result and subtracting the condition for 
chemical equilibrium 12 at the flat interface from that 
at the curved interface, we obtain 


sy, QK +f = Ha) 
Assuming the solution to be ideal(u’— u = RT InC’/C) 


and dilute (C;= Cyr = 1) the preceding equation may 
be rewritten as 


; 
Co = Co + Cor ERK 


The equation determines the concentration gradients 
that produce the diffusion of @ molecules; it replaces 
Eq. [4] as the condition along the interface for our 
present problem. One further modification of the 
previous equations occurs; since for every gq mole- 
cules of the product Q that arrive at the surface s 
molecules of S will be deposited the rate of motion 
of an element of profile is now given by dW/oat 
= (8/q) Do(8C ay )y=o, Where Dg is the diffusion 
coefficient of Q@ molecules in solvent S. The result 
of combining these equations is that the profile 
y = W(x,t) is given by Eq. [8] where A’ is now given 
by the modified expression 

¥, 


RT 


It must be emphasized that the description is con- 
fined to the quasi equilibrium case in which the sol- 
vent F is essentially saturated with Q molecules. 
This situation contrasts sharply with the out-of - 
equilibrium conditions which usually prevail in the 
markedly anisotropic phenomena of chemical etching 
(e.g., facets, etch pits, and so forth). Whether this 
anistropic behavior would still be present under 
quasi-equilibrium conditions does not seem to have 
been investigated. 

Another case to which the preceding results can 
be applied is that of a grain boundary groove that 
develops on an interface between a solid and its own 
melt. Suppose, for example, a solid plane-faced 
bicrystal is in contact with its own melt, both phases 
being enclosed within an adiabatic container. A 
groove will then develop at the junction of liquid- 


[14] 
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solid interface and the grain boundary in order to 
satisfy the conditions of equilibrium for the inter- 
section angles. The groove will continue to enlarge 
not by the transport of matter, as before, but by the 
transport of heat from the flat interface to the curved 
shoulders of the groove. This transport of heat is 
caused by the lower equilibrium temperature of the 
curved shoulders of the groove compared with the 
flat interface. The result is a gradual melting back 
of the curved groove shoulders and a freezing onto 
the flatter interface beyond. 

From the formal point of view, the analysis of the 
solid-melt groove is virtually identical to that of the 
groove developed by volume diffusion provided the 
basic assumptions of Sec. II are fulfilled. Thus tem- 
perature and a potential flow of heat replace con- 
centration and a potential flow of matter. Fig. 1 
applies to the solid-melt case if the direction of 
the arrows is reversed and they are interpreted as 
lines of heat flow. The only new feature is that the 
flow (of heat) will now occur both in the liquid and in 
the solid. 

The necessary modifications are easily made. 
Thus, Eq. [4] is replaced by T (,t) = Ty + Tp (y,/L)K 
as required by the Gibbs-Thompson’ relation. In this 
formula T, is the equilibrium temperature of a flat 
interface in contact with its melt, L is the latent 
heat per unit volume and other quantities are defined 
as before. One further change is required: the rate 
of motion of an element of profile is now given by 

oW/at = (k/L)(8T/09), where «x isthe sum of the 
thermal conductivities in the solid and the liquid. 
The result of combining these equations is that the 
profile y = W(x,¢) is given by Eq. [8] where A’ is 
given by 

To Y.K 


L2 


A typical value of A’ for metals is found by sub- 
stituting the values 7, = 10°°K, y, = 10? ergs cm7’, 
x= 10’ ergs cm™ sec’ deg C™, L = 3.10’ ergs per 
ec. We obtain A’ = 107’ cm® sec”*. Thus, Eq. [10] 


becomes 


= 1.6 107? 


A’ = [15] 


[16] 


Comparing Eq. [16] with Eqs. [12] or [13] we see that 
grooving at a metallic solid-melt interface is some 
three orders of magnitude faster than that estimated 
to occur by diffusion of material in a solvent. Thus, 
from Eq. [16], when ¢ = 10° sec, w = 0.15 cm, and 
when t = 10° sec, w=1.6 cm. For nonmetallic solid- 
melt interface, the rate of grooving would be much 
less. 

The most serious difficulty in applying the above 
analysis arises from assumption [4], namely, that the 
liquid solid interface remains nearly flat as the 
groove develops. This will be true only for low- 
energy (low-angle) grain boundaries; most grain 
boundaries will cause a steep sloped groove surface 
owing to the low value of the liquid-solid interfacial 
free energy. Even for those cases, however, the 
preceding analysis indicates the essential parameter 

The two preceding cases concerning changes in 
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surface typography by chemical reaction plus volume 
diffusion and by melting-freezing can be applied to 
cases other than grooving; application may be made, 
for example, to the relaxation of a nearly plane 
interface to flatness as previously analyzed.° All that 
is required is to use the expressions given by Eq. 
[14] or Eq. [15] for A’ in the analysis referred to, 

in order to obtain the desired description. 


CRITIQUE OF THE SMALL SLOPE APPROXIMA- 
TION 


Let us estimate the range of slopes for which the 
two approximations permitted by the small slope 
assumption are justified. First, the correct formula 
for the curvature is 


W/ox? 


Therefore, taking K = —(07W/ax”) will be a good ap- 
proximation provided the first correction factor ob- 
tained from Eq. [17], namely — 3/2 (@W/ax)”, is small 
compared with unity. 

Secondly, taking the values of C (x,y, ¢) on the sur- 
face W to be those on the plane y = 0 is a good ap- 
proximation provided the ratio of the net vertical 
distance to the net horizontal distance traveled by 
the diffusion current is small. As an index of this 
ratio we may take the ratio 7 = d/(w/2) = 0.35m (Eq. 
[11]) which clearly becomes small as m decreases. 
We conclude that the approximations of the small 
slope assumption are probably justified up tom = 0.3 
(@ =17°) since the corresponding correction for the 
curvature and ratio 7 are in the neighborhood of 
10 pet. 

For higher values of m(> 0.3) the present theory 
can be expected to give only a rough indication of 
groove development. It is not even known whether 
there exists a rigorous solution for large m™ that has 


[17] 


--a constant shape. A few qualitative remarks may be 


made, however. From Fig. 3(0) we see that the 
curvature of the small slope solution has a maximum 
at the groove root and falls off in an exponential 
fashion on either side. Now for a groove with a large 
root slope m, a proportionately higher maximum of 
curvature would seem to be required at the root in 
order to create the concentration gradient required 
to force the diffusing material out of the groove 
pocket. (The corresponding comment would not apply 
to the solid-melt case as heat flow will occur in the 
solid as well). But this means that the groove pro- 
file bends around sharply, as it proceeds away from 
the root, and quickly approaches a mild slope. The 
picture is schematically shown in Fig. 5. As in the 
small slope case, the groove would still be wide 
compared with its depth. 

The opposite case of grooves with straight steep 
walls and with a depth large compared to their width 
could not develop within the framework of the as- 
sumptions of the present treatment. Probably these 
are associated either with the failure of assumption 
[1] and the occurrence of faceting or with the con- 
dition y, > 2, so that no local equilibrium of 
intersection angles is possible at the groove root. 
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SUMMARY 


1) The development of a grain boundary groove by 
the mechanism of volume diffusion is calculated 
theoretically. The principal elements of the theory 
are 1) the assumption of isotropy for the groove 
surface free energy y,, 2) the use of the Gibbs- 
Thompson formula relating chemical potential to 
curvature, 3) the assumption of a nearly flat groove 
surface (no steep slopes), 4) the assumption of quasi 
equilibrium in which the medium is essentially satu- 
rated with the diffusing particle. 

2) The theory predicts a fixed shape for the groove 
profile, [Fig. 2(a)]and a progressive growth such that 
the linear dimensions of the profile are proportional 
to t'/° where t is the time elapsed from the initial 
condition of a flat interface. The constant of pro- 
portionality (or rate constant) is calculated. 

3) A comparison is made of groove development by 
evaporation-condensation (system E£,), volume dif- 
fusion, and surface diffusion. (The first and last 
cases have been analyzed previously). In each case 
the profile has a fixed characteristic shape and the 
linear dimensions are proportional to ¢’*/?, ¢/*, and 
respectively. 

4) Volume diffusion can occur either in the solid 
or in an external solvent (liquid or gas) surrounding 
the solid. In the former case volume diffusion can 
be shown to be overshadowed by surface diffusion. 
The latter case is more interesting and under ap- 
propriate conditions permits the determination of 
y, from grooving kinetics. 

5) The preceding treatment is extended to cover 
two additional cases of groove development; first, 

a case in which the solids react chemically with the 
solvent to form a soluble product, and second, the 
case of a groove on an interface between a solid 
and its melt that develops by a melting-freezing 
process accompanied by heat flow. 


APPENDIX 


We seek a solution K(x, ¢) of Eq. [7]. Let us try 
the assumption that the profile has a constant shape 
and therefore has linear dimensions proportional to 
thus assume 


1/3 x 
W(x, t) =m ‘A’ t) x 
The corresponding curvature is 

m 


=— X" =- [A2] 


[Al] 


where u = x/(A’t)¥/3, the prime denotes differentia- 
tion with respect to uw, and 9(u)= X” (u). Substitut- 
ing [A2] into Eq. [7] we obtain an integrodifferential 
equation for 9 (u), namely, 


1/3 ud’ (u) +1/3 ou) 


2 
= 2 w* cos wu] $(u,) cos w u,du, 


[A3] 


The fact that Eq. [A3] involves x and ¢ combined as 
one independent variable u, confirms the supposition 
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Fig. 5—Schematic profile of a grain boundary groove with 
a large m. 


that the proposed solution [A1] has the correct form. 
Let B(w) be the Fourier cosine transform’® of 9 (uv) 
so that 


B (a) = cos wWu,du, [A4] 
and @ (u) -[2 (w) cos wudw [A5] 


Then a differential equation for B (w) may be ob- 
tained from [A3] by multiplying both sides of [A3] by 
cos w, 4 and integrating with respect to uw. In carry- 
ing out this operation, only the first term on the left 
of [A3] presents any difficulty. It may be rewritten 


as 


dg d f do. 


0 


and then integrated by parts. The final result for the 
entire equation is (dropping the subscript of w,) 


3 
(1/6) w = (0/2) [A6] 
Rearranging [A6] and integrating we find 
B(w) = exp [A7] 
so that ¢ is given by [A5] as 
(u) = Co [ex (— w*) cos wudw [A8] 


We first determine C, from the boundary condi- 
tions that Eqs. [1], [2], and [A1] imply for X (w), 
namely X’(0) = 1, X (~) = 0. 


co ice) 


Co fexp (— w*) cos = x" au 
(0) 10) 0 


0 
= X! («) -X'0)=-1 [Ag] 
It follows from Fourier’s integral theorem® that the 
first integral is simply C)(m/2). Therefore, Kq. [A9] 
Co = — 2/7, thereby completely fixing (u) 

8]}). 
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Table |. Values of Coefficients 


% -8.62 x 107+ 
Gy 10.0 x 107 
a, -13.39 x 107 
a, 4.16 x 107? 
a, =1;25 x 10-° 
2.95 x 107° 
8.38 x 10° 
ay, =1.06 x 107%° 
As 115) x 105%? 
Ay, -1.07 x 107** 
8.79 x 107%” 
~-6.40 x 107°° 
4.18 x 1077? 


To find X (u) we now integrate ¢ = X” twice. The 


result is 


[A10] 
where the first constant of integration was chosen to 
make X’(0) = 1 and the second constant a, must be 
chosen to give X(~) = 0 or, what comes to the same 


thing i X (u)du = 0. The equivalence and validity of 
the latter conditions follow from Eq. [2] and from 


the result ydx = 0 which is easily 


NO 


proved by aie Eq. [5] and the relation ay 


oc 
oy 


make X (~) =0, the limiting form as u — © of the 
integral of Eq. [A10]| is determined by integration 


- oa (25 


by parts la Vae= ae and application of the appropriate ~ 


Dirichlet theorems.” In this way it is easily shown 


that we must take a, =— 2 T (2/3) = — 0.862. 


.To ascertain the value of a, required to 


We conclude that Eq. [A1] with X(u) given by 
Eq. [A10] is indeed the correct solution that satis- 
fies all boundary conditions of the problem. The 
actual evaluation of the function X(u) was carried 
out by expanding the cos ww in Eq. [A10] in a power 
series and integrating term by term. The resulting 
power series for X is then 


X(u) =-0. 862 G yr 


(2x)! 


n= 


[A11] 


n=0 


where I (u) is the gamma function.*® The coefficients 
up to dz, appear in Table I. The series [A11] was 
evaluated on a Datatron electronic computer for 

0 <u <5 and the resulting function X (u) is plotted 
in Fig. 2(a). 
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Discussion—Institute of Metals Division 


Observations on the Recrystallization of a Silicon-lron Crystal in a Polygonized Matrix 


Hsun Hu 


= AIME Trans., vol. 215, p. 320 


C. G. Dunn (General Electric Research Laboratory)— 
The author is to be commended on his attempt to cal- 
culate the residual strain energy from information on 
the dislocation density within the subgrains and a 
surface energy associated with the subgrains. How- 
ever, much closer agreement between a calculated 
critical size of a nucleus and the observed size of 
grains that did not continue growing can be obtained 
if a reasonable correction is made in obtaining the 
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energy of the surfaces of the subgrains. For ex- 
ample, since the sample is a single crystal with a 
cold-rolling reduction of 70 pct in thickness, one 
needs either an average disorientation for this or an 
average subgrain boundary energy rather than the 
2.5 deg disorientation of a bent crystal, which was 
used by the author. From either the Laue photo- 
graphs of the author or the pole density plot of Koh 
and Dunn’® for a (113) [332] cold-rolled crystal the 
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Fig. 12— Silicon iron sample after annealing in hydrogen 
at 1000°C. (a) After 1 hr. (b) After 2 hr. X1000 Reduced 
approximately 42 pct for reproduction. 


spread in orientation is seen to correspond to a 
Gaussian distribution with a half width of at least 

3 or 4 deg. The standard deviation therefore would 
be at least 1 deg and the average subboundary dis- 
orientation would be slightly higher. We may cal- 
culate the average subboundary energy directly using 
the following equation:*” 


= y,, (20/6V7) {In (6/20) + 0.289} 


where vy, is the energy of the high-angle grain bound- 
ary, o is the standard deviation, and 6 is the high- 
angle boundary disorientation (25 deg). Substituting 
values into this equation (1,000 for y,,) results in an 
average subboundary energy of 170 ergs per sq cm; 
this is to be contrasted with the author’s value of 
11.8 ergs per sq cm. If R, is calculated using 170 
ergs per sq cm for a Structure with a total subbound- 
ary area of 6.6 X10° cm’, the critical radius obtained 
is 17y. The critical diameter therefore should be 
near 30u. This value is in good agreement with the 


40. diam observed for small grains that discontinued 


growing. 

I should like to make a further comment regarding 
grains that are below the critical size. There would, 
of course, be no driving force for growth but there 
would be a definite driving force for shrinking such 
grains. If the critical diam were 300yu, then some 
explanation needs to be made for the continued ex- 
istence of the small grains of 40 diam. 

I would like to make a contribution regarding pri- 
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mary recrySstallization grains near the critical size 
when the critical size is increasing with time. 
First, consider the information that is given by 
growth of a surface grain. The technique involves 
cold-rolling a single crystal to the point where some 
recrystallization can be obtained, electropolishing 
since a smooth surface is needed, annealing, and 
then observing between anneals the surface position 
of the boundary by the thermal grooves formed at the 
surface. The microphotographs in Fig. 12 illustrate 
the appearance after a series of anneals. Referring 
to the upper right-hand corner of the figures, it can 
be seen that the boundary has moved back and in- 
creased its radius of curvature there. (Shrinking of 
the grain boundary is clearly seen on the left in 

the figure.) At the point of reversal there were 
critical radii of curvature between 10 and 20y. 

This means there could have been an energy density 
difference of 1 to 2 x 10° ergs per cm’, if the grain 
boundary energy is 10° ergs per sq cm and the 
boundary shape is spherical. The reversal in direc- 
tion of migration” indicates loss in energy for 
growth. 

A decrease in energy density with time is ex- 
pected on the basis that dislocations of opposite 
kind cancel to some extent and subgrain growth oc- 
curs at the expense of substructure energy. The 
rate of energy change should also decrease with 
time since this is the way recovery of physical 
properties occurs. Also, if vacancies contribute to 
energy density, particulary early in the growth of 
new grains, as suggested by Semmel and Machlin, ” 
it seems entirely possible that the critical size for 
growth at a very early point could be substantially 
smaller than the sizes discussed above. Another 
important way to explain smaller critical sizes 
early in the recrystallization process is to start 
with a low grain (or subgrain) boundary energy, 
which of course is the model for nucleation via 
polygonization and subgrain growth in a more 
highly strained region, which is in deviating orien- 
tation to the average orientation. Otherwise it is 
difficult to account for grains becoming so large 
(i.e@., about 40, diam) and, at this point, being 
critical in size. It follows that any grain that fails 
to grow fast enough to always be above the in- 
stantaneous critical size must become subcritical 
and shrink. Since inclusions (if present) and 
thermal grooves (for a surface grain) oppose 
boundary migration, it is not necessary for the 
subcritical grain to disappear immediately. 

Hsun Hu (author’s reply)—-1 wish to thank Dr. Dunn 
for his constructive discussion of my paper. In 
regard to the average misorientation among sub- 
grains, I had chosen the figure of 2.5 deg from the 
data of a bent crystal,” as well as from the estima- 
tion of my own experimental results. The total 
angular spread in the Laue photographs, taken either 
from the deformed crystal (such as Fig. 9(b) in the 
paper), or from the polygonized specimen as shown 
in the present Fig. 13, was about 7 deg. The diam- 
eter of the pinhole system used for obtaining these 
photographs was 0.020 in, or approximately 500.u. 
The average subgrain size in the polygonized speci- 
men was 3X 10°*cm (3). Thus, the number of 
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diffracting subgrains across the beam diameter 
would be nearly 170, and the average misorientation 
between adjacent subgrains would be approximately 
2.5 deg, assuming that the orientation spread is due 
to uniform bending of the crystal. 

The above analysis, in fact, corresponds exactly 
to one of the two models suggested by Gay et al.” 
for calculating the angular misorientation within a 
deformed grain. According to these authors, one can 
assume that the grain is uniformly bent, and the 
angular misorientation so calculated will be a lower 
limit. On the other hand, it can also be assumed that 
the subgrains are misoriented about a mean position 
in the form of a Gaussian distribution, and the aver- 
age angular misorientation of the subgrains can be 
calculated from the half-width of the Gaussian dis- 
tribution curve. The result obtained from the second 
model will be an upper limit. It appears, therefore, 
that Dr. Dunn’s analysis corresponds to an upper 
limiting value in the average misorientation of the 
subgrains, while my estimation, a lower limit. 

According to Gay et al.,”* the geometric mean of 
these two limiting values may be considered to be 
accurate within a factor of about two or three in 
most cases. If the geometric mean of the present 
limiting values, é.g., 0.5 deg, is taken, and the same 
original values for all the other terms are used for 
the calculation, a specific subboundary energy of 
approximately 100 ergs per sq cm will be obtained. 
Then the calculated critical radius for growth after 
the 800°C anneal will be nearly 0.003 cm, or 0.06 
mm in diam. Comparing this with the actually ob- 
served diameter (0.04mm) for those small grains 
that stopped growing, the discrepancy will be only 
by a factor of 1.5. As the accuracy of the calculated 
average misorientation is within a factor of 2 or 3, 
the agreement between the calculated and observed 
critical size in the present case should be con- 
sidered as very satisfactory. 

I agree with Dr. Dunn that the energy density, as 
well as the rate of energy change should decrease 
with time for the reasons he has stated. A decrease 
in the energy density in the matrix would then re- 
quire a larger critical size for the recrystallized 
grains to grow. However, as soon as the matrix is 
polygonized, this time-dependent increase of the 
critical size required for continued growth may be 
rather small because of the following facts: The 
driving force for the growth of the recrystallized 
grains depends on the net available energy between 
the recrystallized grains and the matrix. Further 
reduction in the dislocation density should happen 
in both the recrystallized grains and the matrix, 
although the rate of reduction may not be the same, 
since their dislocation density is not the same. 

And, the reduction of subboundary area in the matrix 
through subgrain growth would be partially compen- 
sated by an increase in the specific subboundary 
energy, as the angular misorientation between the 
adjacent subgrains in the new structure would be 
higher. For small angle boundaries, ¢.g., in the 
range of a few minutes to about 1 deg, the specific 
subboundary energy will increase by a factor of 
about 1.7 or 1.8 as the misorientation is increased 
by a factor of 2. Thus, if the total subboundary area 
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Fig. 13—X-ray transmission Laue photograph of the poly- 
gonized crystal (800°C-30 min), taken under identical con- 
ditions as Fig. 9 in the paper, unfiltered Rh radiation, 
0.020-in. pin-hole, 1.5 cm specimen-to-film distance. 
Rolling direction vertical. 


is reduced to one-half of its original value as a re- 
sult of subgrain growth to twice the original size, 
the reduction in energy density will be only 10 to 
15 pet; whereas for a matrix of high-angle bound- 
aries, the reduction in energy density will be ap- 
proximately proportional to the reduction of bound- 
ary area, Since the surface energy of high angle 
boundaries is rather insensitive to orientation. 
Regarding the continued existence of those small 
grains that were smaller than the calculated critical 
size, Dr. Dunn has given some possible explanations, 
such as the presence of inclusions and thermal 
grooves which would oppose boundary migration. In 
addition to these explanations, I think that local en- 
ergy balance between the recrystallized grain and the 
immediate matrix may also be possible, since the 
distribution of strain energy may not be uniform ina 
microscopic scale. Hence, some of the recrystal- 
lized grains may exist, at least temporarily, in local 
equilibrium with the immediate matrix. It is also 
possible that these grains may have less favorable 
orientations for growth in the matrix.* In that case, 


*It was very unfortunate that several attempts in finding out 
the orientations of those small grains were unsuccessful. 


the interface energy would actually be lower than the 
assumed value (o = 10° ergs per sq cm), and conse- 
quently, the critical size would also be smaller. 
(since R, = 20/Ag). 

Dr. Dunn’s experiment on the growth of a surface 
grain, showing that the boundary may migrate in the 
opposite direction and cause the grain to shrink, is 
convincing. I feel that in this particular case, the 
shrinking phenomenon is perhaps closely connected 
with local energy density variations in the specimen, 
if it is not entirely due to an increase in the critical 
size required for growth as a function of annealing 
time. Since this crystal was cold-rolled to the point 
where some recrystallization could be observed, the 
amount of deformation must have been small. Hence, 
the strain distribution would be much less uniform 
than in a heavily deformed crystal. Judging from the 
pattern of the thermal etch pits in Dr. Dunn’s photo- 
graphs, and from the fact that a lowering in the etch 
pit density was clearly observed after a longer time 
of anneal, Fig. 12(b), it seems reasonable to assume 
that these etch pits are associated with dislocations, 
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or some other kind of crystal imperfections.* If so, 


*Although no exact correspondence was reported between 
dislocations and thermal etch pits in silicon-iron, several in- 
vestigators have used this technique for dislocation studies 
in other metals.?**5 Thermal etch pits formed on the electro- 
polished aluminum specimens during cooling were also re- 
ported to be due to condensation of vacancies.”° 


one would notice from Fig. 12(a@) that the energy 
density was higher in the recrystallized grain than 
in the immediately adjacent matrix where a reversal 
of boundary migration was observed to have started. 
Obviously, the grain was first nucleated in the highly 
strained area, and grew as long as the available 
energy in the immediate matrix could support its 
growth. When the grain came in contact with areas 


where local energy density is low, a reversal of the 
boundary migration was then possible. 


16p. K, Koh and C. G. Dunn: AJME Trans., 1955, vol. 203, p. 401. 

17C. G. Dunn and E. F. Koch: Acta Met., 1957, vol. 5, p. 548. 

18C. G. Dunn, Recrystallization (from unpublished work of J. L. 
Walter and C. G. Dunn), New England AIME Regional Conference, 
The General Electric Research Laboratory, Schenectady, N. Y., 
April 18-19, 1958. 

19C. G, Dunn and K. T. Aust: Acta Met., 1957, vol. 5, p. 368. 

20y. W. Semmel, Jr., and E. S. Machlin: Acta Met., 1957, vol. 5, 


p. 598. 

21C, G, Dunn and W. R. Hibbard, Jr.: Acta Met., 1955, vol. 3, 
p. 409. 

2p. Gay, P. B. Hirsch, and A. Kelly: Acta Met., 1953, vol. 1, 
p. 315. 


234 A. Hendrickson and E. S. Machlin: Acta Met., 1955, vol. 3, 
p. 64. 

247 W. Semmel, Jr., and E. S. Machlin: Acta Met., 1957, vol. 5, 
p. 582. 
25S. Kitajima: J. Japan Inst. Metals, 1954, vol. 18, p. 592. 
26D. —, Doherty and R. S. Davis: Acta Met., 1959, vol. 7, p. 118. 


The Effect of Torsional Strains on Self-Diffusion in Silver Single Crystals 


C. H. Lee and R. Maddin 


AIME Trans., vol. 215, p. 397 


J. Weertman (U. S. Office of Naval Research, Ameri- 
can Embassy, London)—We believe that the apparent 
disagreement between the results of the authors and 
those of Darby, Tonizuka and Balluffi? (the authors 
found that high-temperature straining increases the 
self-diffusion in silver while Darby ez al. found no 
effect) may perhaps be resolved through the use of 
results from a dislocation climb theory of high- 
temperature creep.” The explanation is as follows: 
According to this climb theory dislocation lines 
climb either by giving off lattice vacancies or by 
absorbing them. From the thermodynamical theory 
of Herring and Bardeen,’* the concentration of va- 
cancies in equilibrium with a (edge) dislocation line 
will be either 


exp (F0/RT) 
or 
exp 


where JN, is the equilibrium concentration of vacan- 
cies in an unstrained lattice, F is the force per 
atomic length of dislocation line exterted normal to 
the slip plane, 0 is the length of the Burgers vector, 
Rk is Boltzman’s constant, and T is the absolute tem- 
perature. Which of the equations, [8a] or [8b], is 
valid depends on whether the force F is tending to 
push the dislocation line in a direction which creates 
dislocations or which destroys them. In any crystal 
Strained at a high temperature half the dislocations 
are Climbing by giving off vacancies and half by ab- 
sorbing them. The average vacancy concentration 
throughout such a crystal therefore will be propor- 
tional to a term like 


[8a] 


[8b] 


= N, [exp (Fb/RT) + exp (FO/kT) [9] 


where Ff is now some suitable average force ex- 
terted normal to a dislocation line and is adjusted to 
take account of the fact that a dislocation line may 
not be purely edge in character. When the stresses 
deforming a crystal are small the expression [9] is 
simply the equilibrium concentration Nj. Only when 


364—VOLUME 218, APRIL 1960 


large stresses are employed does expression [9] 

give an overall excess vacancy concentration and 

hence an enhanced rate of self-diffusion. The crucial 

factor determining whether or not an enhanced dif- 

fusion rate should be found is the magnitude of the 

stresses involved (and not the strain rates, which 

the present authors as well as Darby ef al. and 

Buffington and Cohen have measured rather than 

the stresses). The critical stress separating the 

two situations can be measured experimentally 

from creep experiments since it is also the stress 

at which the stress dependence of the creep rate 

changes from a power law to an exponential function. 
Unfortunately little high-temperature creep data on 

silver is available to indicate whether the authors 

are operating above or below this critical stress. On 

the basis of the extrapolation of some preliminary 

test data on silver carried out at the Naval Research 

Laboratory’ (two tests at 800°C and one at 700°C in 


the stress range 1.4 x 10” to 5.5 x10” dynes per sq 
cm), it would appear that the authors are operating 
at stresses of the order of 10* dynes per sq cm and 
above. Now this stress of 10° is approximately the 
critical stress as determined from creep experi- 
ments for aluminum.”™ Since the critical stress de- 
pends primarily on the elastic constant of the metal” 
and since silver and aluminum have about the same 
average shear modulus, we might expect that the 
authors are operating at or just above the critical 
stress. Darby ef al., who used similar strain rates, 
but, in general, higher temperatures and hence lower 
stresses may be operating just below the critical 
stress, thus accounting for their negative results. 
(Since the density of Frank- Read sources also in- 
fluences the critical stress somewhat," the conflict 
at 800°C between the two sets of experimental data 
is not serious). 

In conclusion we wish to emphasize that the theo- 
retical interpretation of the results of experiments 
on the effect of high temperature straining on the 
self-diffusion can be made much easier, if in addi- 
tion to strain rates, the stress is measured, and 
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if enough stress-strain rate data are obtained to 
determine whether one is operating above or below 
the critical stress separating power law creep from 
exponential type creep. 

C. H. Lee and R. Maddin (author’s reply)—Other than 
the explanations offered in the paper, we have been 
unable to understand why the Darby, Tomizuka and 
Ballufi results differ from ours and from others. The 
idea suggested by Dr. Weertman is an interesting one 


The Constitution of Aluminum-Rich Alloys of the Aluminum-Chromium-Manganese System 


J. W. H. Clare 


AIME Trans., vol. 215, p. 429 


J. B. Clark (The Dow Metal Products Company)— 
The author is to be congratulated on his deft use of 
metallography in determining the phase equilibria 
concerning the G phase in this complex region of the 
Al-Mn-Cr phase diagram. 

The author shows that the G phase is formed by a 
breakdown of the @ + 6+ MnAl, equilibria at 590° 
+1°C. This ternary peritectoid reaction (Class III 
four-phase reaction®) generates three new phase 
fields a + MnAl, + G, @+G+ + MnAl, + 
The first two of these three-phase fields appear in 
the 550°C isotherm; however, the G + MnAl, + 0 
field does not appear but rather an equilibrium 
between G and 7 is proposed. Another four-phase 
reaction must occur between 590°C and 550°C in 
order to produce the equilibria shown in the 550°C 
isotherm. A Class II four-phase reaction between 
the G + MnAl, + @ equilibria (from the Class III re- 
action at 590°C) and the MnAl, + 7 + 9 equilibria 
(Raynor’) would generate the G + MnAl, +7 and 
G +7 + 6 phase fields given in the 550°C isotherm 
The equilibria generated by these four-phase re- 


657.7°C 


(Raynor) Mn Ale +a+0/T MnAlg +7 +8 
MnAle + 
MnAlg +a+@ 
[ MnAlg + a +8 —> G 
a+MnAle+G a+G+@ G+9+MnAle 
G+O+MnAle MnAletn+6 
G+MnAlg+ 7 
(Clare) at+MnAlg+G G+MnAle+7 G+ +0 


Fig. 12—Four-phase reactions in aluminum-rich alloys of 
Al-Mn-Cr system. The dashed box indicates the four- 
phase reaction that must occur between 550°C and 590° C 
to produce the reported 550° C isotherm. 
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- takes place. It is possible to state, however, that 


which can quite easily be checked experimentally. In 
this respect, we are now planning to determine the 
diffusivity at three different constant stress levels 
and at three temperatures. We should like to thank 
Dr. Weertman for suggesting this idea. 


4J. Weertman: J. Appl. Phys., 1957, vol. 28, p. 362. 

44J. Bardeen and C. Herring: Imperfections in Nearly Perfect Crystals, John 
Wiley and Son, New York, 1952. 

18E. L Salkovitz and J. Weertman: unpublished. 

447. Weertman: J. Appl. Phys., 1956, vol. 27, p. 832. 


actions is drawn schematically below. Did the author 
detect this Class II reaction at temperatures be- 
tween 550 and 590°C? Or is the equilibrium between 
G and 7 proposed only tentatively? 

The morphology of the formation of a ternary in- 
termetallic phase by a ternary peritectoid reaction 
(Class III) has not been studied. Comparison of 
Figs. 3 and 11 showing the structure above and be- 
low the ternary peritectoid reaction does not yield 
any observations on the mode of formation of the 
G phase. Did the author make any observations on 
the formation and growth of the G phase from the 
a+ 60+ MnAl, structure ? 

J. W. H. Clare (author’s reply)—I should like to thank 
Dr. Clark for his interesting contribution and would 
agree whole-heartedly with his theoretical reason- 
ings. It would have been necessary to have carried 
out long term annealing experiments between 550° 
and 590°C on alloys containing about 19 wt pct of 
alloying elements to detect the Class II reaction® 
referred to by Dr. Clark. Work along these lines was 
not carried out and it is therefore not possible to 
give an exact temperature at which this reaction 


the alloys placed in the G +n), (G +n + 9) or (G+ @) 
phase fields did not contain any MnAl,, and that the 
equilibrium proposed between G and 7 is not a ten- 
tative one. It must suffice, for the moment, to agree 
that the reaction must occur between 550° and 590°C. 
It is also impossible to give any definite opinion 
on the formation of the G phase from the (@ + @ 
+ MnAl, ) structure. To do this, alloys previously 
annealed to equilibrium above 591°C would have to 
be reannealed at lower temperatures, and work with 
this aim in view was not undertaken. As-cast alloys, 
with compositions within the G phase field at 550°C, 
did not, as might be expected, contain the (a + @ 
+ MnAl,) structure, but generally consisted of 
[a + (6 or 7 )] and were similar to Fig. 9 of my 
paper. The general impression gained from the work 
is that the G phase is formed by a peritectoid re- 
action between 9 (or possibly 7 ) and the a solid 
solution, the 9 (or 7) being sheathed with the G phase; 
an example of this reaction is shown in Fig. 4 of the 
paper. What part MnAl, would take in the reaction 
must remain in doubt. 


©The four-phase reactions are classified in the manner outlined by F. N. 
Rhines in Phase Diagrams, McGraw-Hill Book Co., 1956. 

7G. V. Raynor and K. Little, J. Inst. Metals, 1945, vol. 71, p. 493. 

®Ref. 1 of Dr. J. B. Clark’s discussion. 


VOLUME 218, APRIL 1960-365 


| 
| 
| 
} 
i 
i} 
i 
i 
| 
i 
| 
if 
i 
{i 
i 
i 
+ 
i 
iff 
i! 
} 


Tertiary Recrystallization in Silicon lron 


J. L. Walter and C. G. Dunn 


AIME Trans., vol. 215, p. 465 


P. Coulomb and P. Lacombe (Centre de Recherches 
Métallurgiques, Ecole des Mines)—We were very in- 
terested by the experiments of the authors since we 
have studied the conditions under which exaggerated 
grain growth appears in soft iron after rolling and 
annealing under hydrogen. The succession of tex- 
tures” is different from that observed in silicon iron. 
However the last stage is {110} grains here also: this 
is in agreement with the interpretation of Walter and 
Dunn, that grains in this orientation correspond to 
the least surface energy in bcc metals. 

The primary texture has a strong {100} component, 
and minor {111}, {112} and {110} components. A dis- 
continuous grain growth develops grains of the minor 
components, when the inhibition by intergranular 
segregation is locally suppressed by evaporation and 
reaction in hydrogen. The {100} grains disappear 
completely and the sheet presents two groups of 
grains having the rolling plane either around {110} 
or between {111} and {112}. In the ‘‘tertiary’’ stage, 
the crystals which have {110} planes nearest to the 
Sheet plane, absorb the other grains and the sheet 
presents a few very large grains {110} <001> of 
great perfection. 

We have studied the conditions which permit the 
process to occur in a 3-mm thick sheet:** the rolling 
reductions may be between 15 and 90 pct (at smaller 
reductions the incubation period may exceed 1 month; 
for a smaller thickness, thermal grooves block the 
boundaries and produce irregularities in the appear- 
ance of the tertiary stage). The permissible tem- 
perature range for annealing is quite large, at least 
from 790° to 910°C, but it was not possible to meas- 
ure a unique activation energy for all rolling reduc- 
tions. The incubation period is reduced when an 
inhomogeneity of deformation exists in the thickness 
of the sheet; when there is very short aging at room 
temperature, for large passes of rolling or for rapid 
initial raise in temperature. 

We wish to emphasize the although we could see 
secondary and tertiary grains in all the soft irons 
studied (all about 99.5 pct Fe), we did not observe 
the process in purer iron (99.99 pct Fe) where the 
inhibition by impurities was weaker, and where con- 
tinuous grain growth occurs, producing a progres- 
sive change of texture. 

The differences in impurity content, temperature, 
and in intermediate textures between our experi- 
ments and those of the authors present a problem: 

Is there one continuous range of possible exaggerated 
grain growth around the (@ + y) phase boundary ina 
plot of temperature vs silicon content, or do two or 
more separate regions exist, corresponding to dif- 
ferent mechanisms ? 

Have authors performed experiments in 3 pct SiFe 
below 950°C? Also, have they investigated the exist- 
ence of the phenomenon for compositions between 0 
and 3 pet Si? 

J. L. Walter and C. G. Dunn (author’s reply)—The 
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results of the study of exaggerated grain growth in 
soft iron as presented by Drs. Coulomb and LaCombe 
are very interesting. The authors have asked a num- 
ber of questions concerning the effect of annealing 
temperature and alloy composition on grain growth 
in silicon iron which we shall endeavor to answer. 

As far as annealing silicon iron at temperatures 
below 950°C is concerned; anneals at these tempera- 
tures have been confined to short times to complete 
primary recrystallization and normal grain growth. 
Long time anneals to develop secondary and tertiary 
recrystallization at temperatures below 1000°C have 
not been undertaken. 

Regarding the effect of silicon content in the range 
0 to 3 pct on the recrystallization and grain growth 
textures; the amount of silicon is, of course, only 
one of a number of variables. We find that purity of 
material and purity of the annealing atmosphere are 
also important variables, as are the amount of de- 
formation and prior annealing history. Thus, anneal- 
ing high-purity 2 pct-SiFe in tank argon results ina 
different growth texture than is obtained from 3 pct 
SiFe annealed in vacuum. After normal grain growth 
there are fewer (110) grains and a larger number of 
(111) and (112) growth primaries. In this respect 2 
pet SiFe is more like soft iron than it is like 3 pct 
SiFe. The textures developed by further growth de- 
pend on purity of material and annealing atmosphere. 

We would like to comment on the effect of thick- 
ness on tertiary recrystallization. In high-purity 
silicon iron both secondary and tertiary recrystal- 
lization occur more readily in thinner samples 
whereas Drs. Coulomb and LaCombe found that 
large (110) grains grow more readily in the thicker 
(3 mm) samples of soft iron. In the case of silicon 
iron we have shown that differences in gas-metal 
interfacial energies are responsible for growth of 
both (100) and (110) grains during exaggerated grain 
growth.” According to our Eq. [5], the driving force - 
for boundary migration increases as the thickness 
decreases unless a retarding action (such as might 
be provided by thermal grooves) increases at a rate 
faster than the driving force. An overall decrease in 
driving force with decrease of thickness seems un- 
likely. 

We feel that the concept of surface energy driving 
forces as the mechanism for growth of (110) grains 
in soft iron requires some additional supporting evi- 
dence. It may be that a different phenomenon is re- 
quired to account for the observed tertiary recrys- 
tallization in soft iron. 

The question of whether different mechanisms of 
exaggerated grain growth exist around the (a + y) 
phase boundary may be answered only in a general 
way. Exaggerated grain growth depends on the 
stability of the matrix grains being consumed and 
on the magnitude of the driving forces for boundary 
migration. Stability may be imparted by dispersed 
phases, by providing a strong matrix texture, or 
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by the specimen thickness effect. Surface energy 
imparts an additional driving force to grains of 
certain orientations. Changing the composition of 

the material or the annealing atmosphere may change 
the surface energies resulting in a different course 
of exaggerated grain growth. 


o Coulomb and P. LaCombe: Compt. Rend. Ac. Sc. Paris, 1959, vol. 148, 
p. 
uP. Coulomb: Thesis, Université de Paris (to be submitted). 

, c. G. Dunn and J. L. Walter: Nature of the Matrix for Secondary Recrystal- 
lization to the Cube Texture in High-Purity Silicon Iron, J. Metals (abstract), 
1959, vol. 11, p. 600. 

*sJ. L. Walter and C. G. Dunn: An Effect of Impurity Atoms on the Energy 
Relationship of (100) and (110) Surfaces in High-Purity Silicon Iron, J. Metals 
(abstract), 1959, vol. 11, p. 598. 


High-Purity Tantalum 


R. F. Rolsten 


AIME Trans., vol. 215, p. 472 


M. L. Torti—The paper by Mr. R. F. Rolsten, High 
Purity Tantalum, AIME Trans., June 1959, reported 
the purification obtained by iodide refinement of 
tantalum sheet. Perhaps a few comments are in 
order to correct the impression the casual reader 
may receive that tantalum of the purities obtained 
is not presently available through conventional large 
scale processes. By way of illustration, data is pre- 
sented for approximately 1500 lb of sodium-reduced 
tantalum powder which was directly vacuum arc 
melted into ingots. ” 


(a N H O Si 
Iodide Process Pct 
Feed 0.0035 0.027 0.0050 0.077 <0.01 
0.0031 
Best Run (Ta-7) 0.002 <0.001 0.0002 0.006 <0.01 
0.0005 0.007 
Commercial Process Cc N H O Si 
Average Analysis Pct 


NRC melting grade 


powder 0.0010* 0.0028 0.005 0.0239 <0.025 
Arc Melted Ingots 
top 0.0023 0.0027 <0.0005 0.0065 0.0030 
bottom 0.0030 0.0034 


*Approximately 0.0100 pct C added after analysis to aid in oxygen 
removal. 


It can be seen that a commercially produced pow- 
der is considerably purer than the sheet feed stock 
used for the iodide process experiments, while the 
average arc-melt results compare favorably with the 
best iodide process results. 

The starting analysis of 0.0770 pet O and 0.0270 
pet N for the Fansteel sheet is most puzzling, since 
it is doubtful that material that impure could be 
fabricated. While the hardness of 90 to 105 Bhn is 
not as low as might be expected for annealed sheet 
stock, it is still much lower than approximately 200 
Bhn, which might be expected from material that high 
in interstitials.’* The possibility of a typographical 
error is suggested, especially since it is noticed that 
the hydrogen value for Ta-4 is reported as 0.0003 in 
Table I, but as 0.003 in the text (page 474). 

It is hoped that this excellent experimental effort 
will be continued, utilizing the presently available 
high purity tantalum feed stock. Thus the full ef- 
fectiveness of the iodide process may be explored. 
R. F. Rolsten (author’s veply)—I am very pleased 
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indeed for Mr. Torti’s comments. It is gratifying 

to see that the results on the purification of tantalum 
by vacuum arc melting, observed in our laboratory 
in 1957 (manuscript submitted March 1958) and 
pointed out on page 474, have now been reduced to 
commercial practice. High-purity tantalum can also 
be prepared by electron-beam vacuum melting and 
possibly without the addition of 0.0100 pct C to 
facilitate the removal of oxygen (as found to be 
necessary in the purification of NRC melting grade 
tantalum powder), Moreover, as a result of the 
carbon treatment, the NRC arc-melted tantalum 
ingot contained 23 to 30 times more carbon than the 
tantalum power prior to consolidation. Unfortunately 
hardness values were not presented for the arc 
melted ingots. : 

The tantalum used as crude material in the prepa- 
ration of iodide tantalum contained 0.0031 to 0.0035 
pet C, 0.027 pct N, 0.0050 pct H, <0.01 pct Si, and 
0.077 pct O. The analytical results are the average 
of four separate determinations. Hardness values 
were determined on 20-to 30-g specimens that were 
arc melted in an atmosphere of purified inert gas 
(note that specimen Ta-3-F was melted at reduced 
pressure). It was assumed that this consolidating and 
homogenizing treatment did not alter the interstitial 
contamination. 

The hardness of a metal depends upon the inter- 
stitial and substitutional contamination, thickness 
and width of the specimen, load applied etc. Hard- 
ness is not isotropic, being dependent upon the rela- 
tive orientation of the indentor with respect to the 
cryStal orientation. The treatment of a metal prior 
to hardness testing as well as the surface condition 
of the specimen are also important factors. For 
example, Perkins observed a diamond pyramid 
hardness number (Dphn) of 475 while Gebhardt and 
Preisendanz* observed a Dphn of ~ 550 in tantalum 
containing identical oxygen contents (4 at. pct). , 

The hydrogen content of 0.0003 wt pct for sample 
Ta-4 as given in Table 1 is correct. 


2M, L, Torti: Purification of Tantalum Obtained by Vacuum Arc Melting, 
Electrochemical Society National Meeting, Philadelphia, May 7, 1959. 

13R, H. Perkins: Tantalum Annealing and Degassing and Hardness Effects 
of Dissolved Gases, Los Alamos Report No. LA 2136, May 15, 1957. 

14R. H. Perkins: Tantalum Annealing and Degassing and Hardness Effects 
of Dissolved Gases, Los Alamos Report No. LA 2136, May 15, 1957. 

15&, Gebhardt and H, Preisendanz, Z. Metallk., 1955, vol. 46, p. 560. 
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Order-Disorder Transformations in lron-Aluminum Alloys 


H. J. McQueen and G. C. Kuczynski 


AIME Trans., vol. 215, p. 619 


Lester Guttman (Research Laboratory, General 
Electric Co.)—The authors characterize the order- 
ing to Fe,Al as a first-order reaction because of the 
sharpness of the peaks observed in curves of linear 
expansion vs temperature. I find this statement con- 
fusing, since a first-order transformation is usually 
understood to be one in which there is a nonzero dif- 
ference in density (and an associated nonzero dif- 
ference in enthalpy) between the two phases at the 
transformation temperature. It is true that sucha 
transformation would appear as a Sharp peak on a 
curve of expansion coefficient measured at a non- 
zero heating rate, but so also would a transformation 
in which the expansion coefficient attains anomal- 
ously large values, yet no isothermal density change 
occurs. To distinguish between these two situations 
is admittedly difficult in practice; however, to con- 
clude with certainty that a transformation is first- 
order requires the observation of two phases coex- 
isting in isothermal equilibrium, and this cannot be 
done merely on the basis of heating and cooling 
curves of any property. The evidence of the tem- 
perature dependence of the long-range order param- 
eter, even leaving aside the question of the reliability 
of values obtained from resistivity measurements, is 
also not definitive. Figure 6 is actually intermediate 
in appearance between those of Cu;Au and f-brass, 
for example, which are typical of well-characterized 
transformations of the first-order and of higher or- 
der, respectively. Although resistivity results are 
not given here in the 15- to 20- deg interval between 
500°C and the transformation temperature, I have ob- 
served X-ray superlattice reflections from single 
crystals of about the composition Fe, Al at tempera- 
tures close to the ordering temperature. Both on 
disordering and ordering, the reflections could be 
clearly distinguished from the background even when 
their intensities were as little as 1/400 of those ob- 
served at low temperatures, indicating that equi- 
librium values of S as low as 0.05 can be achieved, 
and giving this as an upper limit for the isothermal 
discontinuity. 

On the basis of the available evidence, I would 


suggest that line B, Fig. 2, marks a transformation 
of higher order than the first (i.e., one without latent 
heat or volume discontinuity, although the heat ca- 
pacity and expansion coefficient may very well be 
infinite at the transformation temperature.) I would 
expect by analogy with #-brass that line A marks a 
similar transformation. These lines, as well as the 
magnetic transformation lines, C and D, are there- 
fore properly drawn in Fig. 2 over most of their 
length, and denote the absence of a two-phase region 
between the phases concerned. However, it seems to 
me interesting to speculate about the proper form of 
the equilibrium diagram where two such lines inter- 
sect. My conjecture is that transitions such as 

a, ~ FeAl or a, ~ Fe;Al must be first-order, inas- 
much as across such boundaries there are simul- 
taneous changes in two essentially independent order 
parameters. Unless the entropy changes associated 
with the changes in both of these parameters are 
vanishingly small, it seems to me unlikely that the 
net entropy change could vanish, and hence that these 
boundaries should be associated with regions of 
heterogeneity. 

H. J. McQueen and G. C. Kuczynski (author’s reply) 
The authors agree with Dr. Guttman’s statement that 
the sharp peaks observed in expansion coefficient 
curves may not necessarily indicate a first order 
transformation. However, the kinks in the original 
expansion curves, would indicate that a nonzero dif- 
ference in density could be approached if the experi- 
ment had been conducted infinitely slowly. 

Turning to Dr. Guttman’s remarks about Fig. 6, 
the authors admit that the lower part of this curve 
was drawn on the tentative assumption, derived from 
the thermal expansion experiments, that the transi- 
tion is of the first order. Dr. Guttman’s value of 
the long range order parameter, S = 0.05, close to 
ordering temperature (how close?) would strongly 
suggest that the transition is of the higher order, but 
without final exclusion of the possibility of a first- 
order transformation of very small discontinuity in 
entropy. 


Phase Changes in Precipitation Hardening Nickel-Chromium-lron Alloys during Prolonged Heating 


C. C. Clark and J. S. Iwanski 


AIME Trans., vol. 215, p. 648 


H. J. Beattie, Jr. (General Electric Co.)—The long- 
time aging data presented by the authors is a valu- 
able contribution. Much study has been given to the 
precipitation of the y’ phase in Inconel X, but I be- 
lieve that this is the first observation for this alloy 
that a portion of this phase eventually transforms to 
Ni;Ti. The concept of a metastable cubic nickel- 
titanium compound originally proposed by Btickle 
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et al. and corroborated by the authors has greatly 
clarified this aging process. 

Dr. W. C. Hagel and I have made similar studies 
of aging in two heats of Incoloy 901 with different 
boron additions, namely 0.1 and 0.001 pct. At 0.001 
pct B we found essentially the same results as the 
authors reported. At 0.1 pct B, however, there was 
a refractory boride phase, M;3Bz2, which was elec- 
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trolytically isolated from solution-treated specimens 
for its structure determination.* Mu phase (M, Mog) 
occurred instead of Laves phase when this heat was 
aged. Etch-pitting of the type shown in the authors’ 
Figs. 5 and 6 occurred at 0.1 pct B but not at 0.001 
pet B. 

The X-ray data given in the author’s Table II 
clearly shows Ni,Ti to be the predominant phase, and 
the following comments pertain to the remainder of 
these data. 

Firstly, the calculated reflections, (113) for Ni,Ti 
and (003) for Laves phase, are forbidden by an ex- 
tinction rule of the space group P6,/mmc, to which 
both phases belong. Secondly, these data indicate the 
presence of the boride M,B,. By assuming the re- 
maining constituent to be yu phase satisfactory agree- 
ment with the data is obtained as is shown in the 
accompanying table, although the possibility of Laves 


Taken from the authors’ Table II 


Observed Ni,Ti M,B,° M,Mo, 

d d hkl d I Akl d 
2.587 mw 2.586 80 210 

2.548 w 2.56 10 110 

2.377. mw 2.370 ms 11.0 

2.182 mw 2.166 m 10.10 
2.078* s 2.07 50 004 2.070 s 11.6 
2.026 mw 2.019 m 10.11 
1.991 Mm 1.994 100 211 

1.954 vs 1.95 100 202 

1.825 vw 1.828 40 310 

1.80 * vw 

1.329 w 1.330 20 205 

276% em) 912276750) 2208 1.277" ~30- 

1.245 vw 1.246 20 331-222 

5 20) 1-190") 13° 321 1.184 22.0 
1.087* m 1.087 50 224 


1.068 mw 1.068 50 402 
1.046* vw 1.046 20 207 


*Matrix 


instead of » phase, or a mixture of the two, remains. 
The authors concluded from the data obtained by 
means of electron microprobe analysis that the Laves 
phase is of the M2Mo type, but this actually argues in 
favor of u phase, as it is more typically a molybde- 
num compound than is Laves phase. Mu phase would 


also have a greater reduction in iron relative to the 
matrix than would Laves phase due to the smaller M: 
Mo ratio; this would explain the other microprobe 
observation which the authors mentioned. 

Would the authors know the boron content of the 
heat which produced the data shown in Figs. 5 and 6 
and in Table II? 

C. C. Clark and J. S. Iwanski (author’s reply)—We 
thank Mr. Beattie for calling our attention to the 
fact that the diffraction pattern attributed to Laves 
phase in our paper also agrees very well with the 
combined patterns for M,B, and M,Mo,. It is unfor- 
tunate that data for the M;B. phase had not been pub- 
lished at the time this paper was written. In view of 
this possibility, the small heavily outlined particles 
which appear in the upper right hand corner of Fig. 2 
were examined with the electron probe microan- 
alyser in the International Nickel Co. Research 
Laboratory. Results of probe analysis on these par- 
ticles yielded quantitative data as follows: 


Particle, 
Element Matrix, Wt. Pct Particle, Wt. Pct Adjusted At. Pct 
Mo 4.0 50.2 45.6 
Fe 32.4 11.0 17.2. 
Ni 35.8 4.9 7.2 
Gr 13.0 21.3 
Ti 2.1 4.8 8.7 


*Estimated by comparison of measured X-ray intensities with those 
for elemental standards. 


The tabulated weight percentages do not total 100 
pct because of unknown corrections for absorption 
and fluorescence. Atomic percentages in the last 
column were calculated and adjusted to total 100 pct. 
The approximate 45 at. pct Mo present in this phase 
certainly favors the higher molybdenum content mu 
phase, (M7Mog), in preference to Laves phase (Me Mo) 
as suggested by Beattie. 

Although not analyzed, this particular heat of 


-Incoloy 901 probably contains between 0.05 and 0.10 


pct B, thus it would be reasonable to expect the 
presence of a boron phase in the microstructure. 


8H, J. Beattie, Jr.: The Crystal Structure of a MsB,-Type Double Boride. Acta 
Cryst., 1958, vol. 11, p. 607. 


The Aging of Hydrogen-Charged Rimmed Steel 


H. C. Rogers 


AIME Trans., vol. 215, p. 666 


Alfred Siede (Avmour Research Foundation)—Several 
points should be raised about the author’s model for 
the hydrogen embrittlement phenomenon. The first 
concerns the value obtained for the activation energy 
for yield point return. The cited value (25,000 cal 
per g atom) is of the same magnitude as for the 
strain aging based on carbon diffusion. From this it 
would appear either that hydrogen is associated with 
the carbon in steel, or that the value obtained was in- 
deed that for the carbon. 

The findings of the independency of strain aging 
kinetics on hydrogen content in steel agrees with re- 
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sults found by the writer for high-purity vacuum- 
melted iron pressure charged with hydrogen. 

The model of local plastic deformation causing a 
disappearance of the yield point is questionable on 
the basis of the dependency of the yield point phe- 
nomenon on temperature.”* It is difficult to envisage 
a local deformation process which would permit an 
upper and lower yield point at low temperatures and 
preclude one at room temperature. 

H. C. Rogers (author’s reply)—Dr. Siede’s first point 


that the measured activation energy for the return of 
the yield point after its removal by hydrogen charg- 
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ing is of the same magnitude as that for strain aging 
based carbon diffusion is certainly true. In fact, the 
main result of the paper was the demonstration that 
the former activation energy was identical with that 
measured for strain aging on the same material, 
hydrogen-free. Whether the latter takes place by 
carbon or nitrogen diffusion is not relevant to the 
argument and was not determined. It was assumed to 
take place by nitrogen diffusion only because this has 
generally been found to be the case in such materials; 
however, it may possibly be by carbon diffusion in 
this one. 

Some unpublished work here on the return of the 
yield point upon aging of rimmed steel, prestrained 
before electrolytically charging with hydrogen, in- 
dicated that although the activation energy was simi- 
lar to that of the steel hydrogen-charged only, the 
actual time for a yield point of a given magnitude to 
return was longer. This does not agree with Dr. 
Siede’s comments on the independency of strain aging 
kinetics on hydrogen content. Moreover, in the pres- 
ent paper there was no attempt to study strain aging 
per se in hydrogen-charged steel, but only that which 
was deduced to have occurred by the hydrogen charg- 
ing. 

It has been demonstrated both by the author in un- 
published (except in doctoral dissertation) research 
and by MacDonald, Carlson, and Lankford” that when 
steel, temper rolled to the point where no yield point 
appears on stretching at room temperature, is 
stretched at a lower temperature or at an increased 
strain rate, a yield point is again observed. The ex- 
planation of this phenomenon is by no means well 
defined. Two facts are well known, however. The 


first is that temper rolling of steel sheet leads to a 
material, local regions of which are deformed while 
the remainder of the metal is still undeformed. The 
second is that there exists a minimum temper roll- 
ing reduction for each steel which will completely 
suppress discontinuous yielding when it is subse- 
quently stretched. 

A possible explanation is that during temper roll- 
ing a critical amount of deformed metal must be 
formed in order that its homogeneous plastic be- 
havior during subsequent stretching would mask the 
tendency toward inhomogeneous yielding of the unde- 
formed metal with which it is in contact. When the 
temperature is decreased or the rate of stretching 
increased, moreover, there is an increase in the 
flow stress of the deformed metal over its value at 
the normal temperature and rate of stretching. How- 
ever, there is an even greater increase in the yield 
strength of the undeformed metal. Thus, upon 
stretching under these more severe conditions, the 
strength of the deformed metal is decreased relative 
to that of the undeformed metal and the discontinuous 
yielding characteristics of the latter cannot be com- 
pletely suppressed. Analogously, it is as though the 
metal were stretched at the normal rate and tem- 
perature after a subcritical temper rolling reduction. 
It seemed reasonable to assume that such a model of 
local deformation masking the yield point when the 
steel is stretched at room temperature but not at 
lower temperatures would apply to hydrogen charging 
also. 


23H. C. Rogers: Acta Met., 1956, vol. 4, pp. 114-117. 
34R. J. MacDonald, R. L. Carlson, and W. T. Lankford: Proc. ASTM, 1956, 
vol. 56, p. 704, 


An X-Ray Method for the Determination of Beta Phase in a Titanium Alloy 


B. L. Averbach, M. F. Comerford, and M. B. Bever 


AIME Trans., vol. 215, p. 682 


R. H. Hiltz (Thompson Ramo Wooldridge, Inc.)—The 
authors in this paper, have made a definite contri- 
bution to the X-ray metallography of titanium. The 
improvement in accuracy achieved by use of the 
monochromator should provide for wider use of 
quantitative X-ray analysis of titanium. The sys- 
tem used in prior work on titanium”! was not able 
to achieve this accuracy. There is one point, how- 
ever, in which this work and the prior work appear 
to be in disagreement. This concerns the planes to 
be used for minimization of the effect of preferred 
orientation. It is felt that this difference should be 
explained. The authors state that use of the a(0002) 
and £(110) eliminates the effect of preferred orien- 
tations, due to the crystallographic relationship in- 
volved in the martensitic transformation. It has been 
our experience that the error due to preferred ori- 
entation is not so easily corrected. Data presented 
in the above referenced work showed that orientation 
has a measurable effect regardless of the planes 
used. On the basis of that data, it was the authors’ 
opinion that use of the a(1011) and the 6(110) gave 
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more reasonable results. Neither of these two 
papers adequately covers the subject. In one in- 
stance the work dealt with structures processed in 
such a way that some beta was retained upon quench- 
ing, while in the other instance the structure con- 
tained no retained beta. Both of these structures 
are achieved in present day production. It appears 
to this writer that further clarification is necessary 
before the optimum combination of planes can be 
established. 

Averbach, Comerford, and Bever (author’s reply)— 


Hiltz and Lopata state that, of the three a lines 
studied, the (1011), line showed the least sensitivity 
to the way in which specimens were cut. This is to 
be expected since there are seventy-two possible 
ways in which the (1011), may appear within a single 
8 grain, whereas there are only thirty-six ways in 
which the (1010), may appear and only six possibil- 
ities for the (0002),. It is noteworthy that, in spite 
of this great difference, the B/a ratios obtained 
from the (0002),.—(110)3 combination have almost 
as little scatter as those from the (1011). —(110), 
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combination; and in the case of their specimen 
No. 3 (strong texture) the scatter is smaller. 
Since there are only six (110), planes per grain, 
the diffracted intensity of (110), will be sensitive 
to the way in which specimens are cut from a piece 
having a strong texture. Thus, it seems that the 
(0002). —(110)3 combination should be used in the 
presence of a strong texture, since these planes are 
see to be parallel as a result of the transforma- 
on. 
Where the texture is less pronounced, the (1011), 


—(110)s3 combination may be usable, and the latter 
combination may be less dependent upon the assump- 
tion that the Burgers relationship is equally well 
satisfied for all of the (110), planes. Burgers”” has 
indicated, however, that all possible combinations of 
the orientation relationship occurred in zirconium 
which is crystallographically similar to titanium. 


™R, H. Hiltz and S. L. Lopata: Quantitative Phase Analysis in Titanium by 
X-ray Diffraction, Proceedings, 6th Annual X-ray Conference, Denver, Colo., 
August 1957, pp. 39-58. 

7W. G. Burgers: Physica, 1934, vol. 1, p. 561. 


Yield Phenomena in Magnesium Single Crystals Containing Nitrogen 


D. Geiselman and A. G. Guy 


AIME Trans., vol. 215, p. 814 


D. G. Westlake (Argonne National Laboratory)—The 
large amount of scatter in the critical resolved shear 
stresses in Table III has been attributed primarily to 
random variation caused by crystal growth. Roscoe” 
discovered in 1934, that oxide films on cadmium sin- 
gle crystals increased their critical shear strengths. 
There is considerable evidence**~** that the surface 
films on metals hinder the exit of dislocations from 
the surface causing them to pile up under the film. 
Because magnesium is quite active chemically, one 
might suspect that surface films are of major impor- 
tance in determining the critical resolved shear 
stresses of magnesium single crystals. 

The data plotted in Fig. 6 are very difficult to in- 
terpret because of the several factors affecting the 
shape of the curve. The choice of the criterion for 
determining the yield stress from the stress-strain 
diagram is not stated in the paper. This criterion is 
important because, for solution temperatures of 200° 
and 300°C, both S; and S, are obtained from curves 
having no yield points, while for higher solution tem- 
peratures this is not true. (This assumes that the 
statement on page 818 ‘‘Sharp yield points occurred 
only after solution treating at 400°C or above for 1 
hr’’is correct as opposed to the statement on page 
817 ‘‘All of the solution-treated and aged crystals 
regardless of nitrogen content, displayed sharp yield 
points’’). For solution temperatures of 400°C and 
above, values of S, must be obtained from curves 
having yield points but stress-strain diagrams of the 
solution treated specimens have no yield points. 

The solution temperature 600°C provides still 
another situation. The authors give evidence that S, 
would be obtained in this case on a crystal which 
would not have its dislocations pinned by Cottrell 
atmospheres. The same was thought to be true for 
solution temperatures of 200° and 300°C but not for 
400° and 500°C. The explanation given for the ap- 
pearance of the yield point after aging does not re- 
quire solute diffusion during aging. However, since 
a yield point was observed after a specimen quenched 
from 600°C had been aged 30 min at 200°C, diffusion 
to the dislocations must have occurred during the 
aging. 

The authors have shown that recovery occurred in 
a plastically deformed specimen which contained al- 
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most no nitrogen in solution when it was aged 30 min 
at 200°C. Their assumption that this would also be 
true for specimens super-saturated with nitrogen 
may not be valid. Recovery occurs by movement of 
dislocations and solute nitrogen atoms would cer- 
tainly impede their motion. It is interesting that the 
sequence of curves 2, 3, and 4in Fig. 4 can be ex- 
plained by the operation of Z-mills postulated by 
Orowan™ in 1954. With this explanation, no quench- 
ing effects or recovery during aging are necessary. 

Magnesium appears to deform elastically accord- 
ing to Hooke’s law. This leads one to believe that in 
curve 2, Fig. 4, the specimen has begun plastic de- 
formation at a load less than 5 kg. This initial per- 
manent strain would correspond to the preparatory 
slip, mentioned by Orowan. For a given strain, there 
is some stress which will operate the Z-mills. How- 
ever, during the preparatory slip, nitrogen is being 
precipitated, especially from the slip track. This 
has a tendency to lower the stress necessary to pro- 
duce a given strain by preparatory slip and the 
stress necessary for operation of the Z-mills is not 
reached during the test. During subsequent aging, 
nitrogen should be attracted toward the newly formed 
Z-mill as well as toward precipitation nuclei. Wheth- 
er the Z-mill would have a net gain or loss of nitro- 
gen atoms in its neighborhood after 30 min of aging 
at 200°C is only conjecture. Regardless of this, 
there is the distinct possibility that, upon testing at 
the higher temperature and with the slip plane of the 
Z-mill now containing fewer solute atoms due to 
precipitation during aging, the Z-mills could operate 
producing a yield point with little or no further pre- 
paratory slip, as in curve 3. Recovery need not have 
occurred with aging, and in fact, the dislocations 
probably had nearly the same configuration, with the 
Z-mills ready to operate when sufficient stress was 
applied. 

No stress-strain curve is shown for a specimen 
which has been slow-cooled, solution treated above 
400°C, aged at 200°C and tested without any pre- 
straining. However, the authors have stated in the 
summary of results that a specimen with this history 
exhibited a yield point. Aging at 200°C might pre- 
cipitate enough nitrogen from solution so that the 
softening phenomenon due to precipitation is moder- 
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ate during subsequent testing. This precipitation 
during aging could occur without completely depleting 
the Cottrell atmospheres because precipitation is 
faster from solution than from the atmospheres. 
(This is demonstrated in Fig. 4). Preparatory slip 
would occur during testing producing Z-mills until | 
the stress necessary for operation of the Z-mills 
was reached, and the yield point phenomenon would 
occur. 

This writer does not know whether Dr. Orowan 
would agree with the details of this analysis of the 
authors’ data. However, it should be pointed out that 
since January 1959, he and two collaborators” have 
observed features of the yield phenomenon for which 
the Z-mill mechanism seems to be the only available 
explanation. 

D. Geiselman and A. G. Guy (author’s reply)—The au- 
thors appreciate receiving the discussion of their 
paper and will comment on the various points in or- 
der. First, we polished our crystals with acid, and 
although there probably was a thin film formed on 
the fresh surface we do, however, feel that this 
would not cause the wide scatter between different 
crystals since various treatments on any one single 
crystal did not change its critical resolved shear 
stress. The method used to determine the critical 
resolved shear stress was one commonly used in 
reporting the critical resolved shear stress of 
Single crystals, that of extending the elastic portion 
and plastic portion until they intersect for those 
tests that are continuous and the maximum stress 
for the case of a discontinuous curve.” In both cases 
the critical resolved shear stress is taken prior to 
any appreciable plastic deformation and work hard- 
ening. 

The statement on page 817 should have read ‘‘All 
of the crystals solution-treated at 400°C or above 
and aged displayed sharp yield points regardless of 
their nitrogen content.’’ 

The fact that nitrogen diffuses to dislocations 


during the aging of the crystals solution-treated at 
600°C can be inferred from the increase in aging in- 
dex shown in Fig. 6 which comes about not only by a 
decrease in S, but also by an increase in Sy. How-_ 
ever, as long as the crystal is solution-treated below 
the critical temperature, where the nitrogen atoms 
do not have sufficient thermal energy to leave the 
dislocations for random lattice positions, diffusion 
to dislocations would take place during the solu- 
tion treatment, and the nitrogen atoms would be 
‘“quenched in’’ at the locked positions; thus, it would 
not be necessary for further diffusion during aging. 
The Z-mill is an interesting additional possibility 
as a mechanism for explaining the yield point phe- 
nomenon. However, one possible problem should be 
mentioned. It appears that since Z-mills do not 
require any recovery to take place before a yield 
point can occur that a yield point should appear both 
in the solution-treated and quenched condition as 
well as in the solution-treated, quenched, and aged 
condition, for in both conditions after solution treat- 
ments of 400° and 500°C, nitrogen was believed to be 
locked at dislocations. Only at 600°C was the nitro- 
gen believed to have been in random positions after 
solution treating and quenching. It would be interest- 
ing to see if a Slower quenching rate could be found 
which would retain sufficient nitrogen in solution 
without straining the lattice drastically. Oleum 
spirits were used as a quench, for example, because 
water was so severe it caused twinning. It could then 
be determined whether it would be necessary to have 
an aging treatment to produce a yield point. 


22R. Roscoe: Nature, London, 1934, vol. 133, p. 912. 

33S, Shapiro and T. A. Read: Phys. Rev., 1951, vol. 82, p. 341. 

24J, J. Gilman: ASTM Special Technical Publication, No. 171, 3, 
1955. 

25M. Metzger and T. A. Read: AJRE Trans., 1958, vol. 212, p. 236. 

26F, Orowan: Dislocations in Metals, Morris Cohen, ed., AIME, 
1954. 

27. Orowan, T. Udoguchi, and D. Wood: to be published. 

78E, N. daC Androde and R. Roscoe: Proc. Phys. Soc., 1937, vol. 
49, p. 152. 


Discussion—Extractive Metallurgy Division 


A Redetermination of the Lead—Lead Sulfide Equilibrium between 585° and 920°C 


J. R. Stubbles and C. E. Birchenall 


AIME Trans., vol. 215, p. 535 


H. H. Kellogg (Columbia University)—The accurate 
measurements of the equilibrium gas ratios for the 
reaction: 


Pb(1) + H,S = PbS(c) + Hp [1] 


reported in this paper are a distinct contribution to 
the literature, and the authors are to be congratu- 
lated. I wish to comment, however, on the correla- 
tion of the data which is presented. The authors show 
a straight line correlation of log H,S/H; vs 1/T, 

Fig. 1, and are satisfied with this for calculation of 
AF® even when extrapolated to low temperature 
(427°C). Heat capacity data for the constituents of 
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this reaction are available (at least to 900°K), how- 
ever, and ACP for reaction [1] is finite and positive 
in the temperature range studied. Simplification of 
the heat capacity equations yields: 


ACp= 2.71 + 1.65x 10°T (298°—900°K) 


This positive value of ACp should result in a small 
but noticeable curvature of a plot of log K vs 1/T, 
That the experimental data fail to show sucha 
curvature may be traced to another oversimplifica- 
tion of the author’s treatment of their data. They 
assume that the activity of liquid lead is unity for 

all temperatures, so that 
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P 
K = 2 = true equilibrium constant 


= equilibrium gas ratio 


is simplified to: K+ = 4 
In reality the solubility of sulfur (from PbS) in 
liquid lead is appreciable above 700°C and reaches 

7 at. pet a little above 900°C. The yet unpublished 
data of Blanks and Willis (preprint of paper pre- 
sented at the International Symposium on Physical 
Chemistry of Process Metallurgy, AIME, Pittsburgh, 
Pa., April, 1959) are the most reliable measure- 
ments of the solubility of sulfur in PbS-saturated 
lead. They measured the solubility from 427° to 
923°C, and show that in this range the activity of 
lead is close to ideal and may be represented by: 


App = Npp 


where Np, is the atom-fraction of lead in the solu- 
tion. 

Since ap, becomes progressively less than unity 
at temperatures above 700°C, the true value of K 
becomes larger than K*, If Blanks’ and Willis’ data 
are used to calculate K from the author’s values of 
K*, then a plot of log K is 1/7 does show the slight 
curvature expected from the value of ACp. 

Despite the fortuitous straight line correlation of 
log K*vs 1/T, this method introduces small but 
significant errors in the calculation of K and AF°, 
I have recalculated all of the author’s data, using the 
data of Blanks and Willis to calculate ap,, and, 
therefrom, the value of K. These results were then 
correlated by a sigma function plot using the equa- 
tion for ACp quoted above. From this I get for re- 
action [1]: 


AF° = 31.83T—0.825 x 107° T? 6.24T log T—20,515 


The o-function plot was a straight line with random 
scatter of points and the average deviation of the 
constant I was only + 0.05. This should be a more 
reliable equation than that given by the authors. The 
only shortcoming is the necessity to extrapolate the 
ACP equation from 900° to 1193°K. This will intro- 
duce some error, but less than the assumption of the 
author’s that ACp=0. 

A comparison of my equation with that of the 


author’s is shown in the table below. Within the 
range of the experimental data, but at the low- 
temperature end (900° and 1000°K), 


(Reaction 1) 
Stubbles and 


°K Birchenall Kellogg Difference 
700 -10,872 —11,066 194 
800 —9,988 -10,071 83 
900 -9,104 ~-9,127 23 
1000 —8,220 8,230 10 
1100 -7,336 ~-7,376 40 
1200 —6,452 —6,564 112 


the agreement between the two equations is very 
good. This is to be expected because the ap,is very 
nearly unity at these temperatures. At high tempera- 
ture, a Significant difference occurs because ap, 

is less than unity. At temperatures below the range 
of experimental data (700°, 800°K) a significant 
difference is found because the finite value of ACp 
introduces curvature to the AF°vs T relation. 
C.E.Birchenall and J. R. Stubbles (author’s reply)— 
The authors appreciate and endorse Professor 
Kellogg’s comments. Blanks and Willis’ results 
(confirmed incidently by Cheng and Alcock at the 
Nuffield Research Group, London) were not available 
at the time of going to press. Above 850°C, the vari- 
ation of ap, with temperature must certainly be con- 
sidered when calculating the equilibrium constant for 
reaction [1]. 

Professor Kellogg uses a o plot to formulate a 
more precise free energy equation for [1] which al- 
lows for the small changes in ACp with temperature. 
The authors agree with his calculations and argu- 
ments, but one of us (J. R. S.) questions whether the 
data deserve such treatment. An accuracy of only 
+1kcal was claimed for both enthalpy and entropy 
terms of the linear expression for AF °. When this 
is extrapolated 150°C and AF° calculated, Professor 
Kellogg finds that his value of AF° is only 200 cal 


less (about 2 pct). He is quite right in principle but 


it is a matter of opinion whether his new equation 
(depending, as pointed out, on a 300°C extrapolation 
of specific heat data) is more practical. It cannot 
be compared directly to linear equations for AF° 
for other systems, and it is incapable of being 
handled mentally for ‘‘shirt-cuff’’ calculations. 


High-Purity Tantalum 


R. F. Rolsten 


AIME Trans., vol. 215, p. 472 


See Discussion on page 367. 
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Technical Notes 


A New Metallographic Technique for Mag- 
nesium Alloys 


R. T. Pepper 


Durine an investigation into the effect of heat- 
treatment on the creep properties of the magnesium 
alloy ZW1, (1 pct Zn, 0.6 pct Zr), the previously 
published methods of final polishing were found to be 
unsatisfactory. A new diamond-polishing technique 
has been developed to facilitate the study of fine 
precipitates in this and other magnesium alloys, and 
is described in this note. 

The sectioning and coarse grinding techniques are 
those of Fox and Hall,* and Hess and George.” Pre- 


Fig. 1—An inclusion 


Fig. 2—The precip- 
__itate structure of ex- 
_. truded ZW1. Etched. 
| X750. 


_ Fig. 3—Agglomeration 
of the precipitate in 
_ ZW1 after heat treat- 


Etched. X750. 


~ment at 550°C for 4 hr. 


_R. T, PEPPER is associated with the Materials Dept, Atomic Energy 
Division, The General Electric Co. Ltd. of England, Erith, Kent. 
Manuscript submitted September 4, 1959. IMD 


liminary mechanical polishing is done with 6-y, and 
1- grades of diamond compound on ‘Microcloth’ 
using a lubricant of ‘Hyprez’ oil. 

When the conventional technique is used with a 
1/4-. diamond wheel for the final polishing of 
magnesium alloys, scratching is likely to result from 
the abrasive action of the ‘Microcloth’ nap on the 
soft metal surface. This problem has been overcome 
by the use of a cream on the wheel in order to sepa- 
rate the specimen surface from the polishing cloth. 

To prepare this cream, a solution of 6-ml tri- 
ethanolamine in 75-ml water is stirred into 12.5 ¢g 
stearic acid at a constant temperature of 80° to 90°C. 
The cream is allowed to cool, and is then ‘whipped’ 
to a smooth consistency with 100-m1l ‘Hyprez’ oil. 
Before polishing, the diamond loaded ‘Microcloth’ 
is moistened with a few drops of ‘Hyprez’ oil, then 
a small amount of cream is worked into the nap. For 
the best results a wheel speed of 500 rpm should be 
used for polishing, and the specimen should be held 
by hand with a light pressure while being rotated in 
the opposite direction to the wheel. After polishing 
it is necessary to swab the specimen thoroughly in 
methylated spirits to remove residual cream and oil 
from the surface in order to avoid uneven etching 
and drying stains. Fig. 1 shows the surface finish 
obtained on a specimen by polishing on a 1/4-y 
diamond wheel using the cream, and Figs. 2 and 3 
the precipitate observed in ZW1 after polishing, 
and etching for two seconds in nitric acid 15 pct in 
ethylene glycol. 

This new diamond-polishing technique has made a 
valuable contribution to the programme of metal- 
lographic research on ZW1 and has become a 
routine laboratory practice for other low alloy con- 
tent magnesium alloys. 


1F, A. Fox and H. T. Hall: Metallographic Techniques for Magnesium Alloys, 
Magnesium Rev. and Abstr., 1943, vol. 3, p. 70. 

J. B. Hess and P. F. George, The Metallography of Commercial Magnesium 
Alloys, Trans. ASM, 1943, vol. 31, p. 423. 


Growth of Large Single Crystals of High- 
Purity Aluminum by Strain- Annealing 


J. M. Lommel 


Ir is a relatively simple matter to grow single 
crystals of commercial purity aluminum by the 
strain-anneal technique first described by Carpen- 
ter and Elam.’ Special techniques are necessary, 
however, when high-purity material is used. 
Williamson and Smallman’ described a technique 
for use with 99.99 pct Al in which the starting 
material was flash-annealed; it was critically 
strained and then passed through a special furnace 
which imposed both lateral and longitudinal tem- 

J. M. LOMMEL, Junior Member AIME, is Metallurgist, General Elec- 


tric Research Laboratory, Schenectady, N. Y. 
Manuscript submitted September 21, 1959. IMD 
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perature gradients on the sample to control the 
shape of the interface between the matrix and the 
growing grain. A different technique for preparing 
the starting material has been found successful for 
growing Single crystals. It involves the formation 
of a small grain size and a strong texture in the 
matrix. 

Preliminary experiments had shown that the 
matrix must contain small grains, less than 2 mm 
in diam, to permit growth of single crystals. A 
small grain size adds to the driving force for the 
growth of the new single crystal by supplying grain 
boundary energy, which is reduced when a single 
crystal is formed from the polycrystalline matrix. 
The grain size must also be small and uniform to 
promote homogeneous deformation during the 
critical straining and thus reduce the probability 
of nucleation of stray grains. The small grain size 
was obtained by rolling the starting material at 
—196°C since Titchener and Bever* have shown that 
the stored energy after deformation at —196°C is 
greater than after deformation at room temperature. 
The increased stored energy, coupled with a rapid 
heating to the annealing temperature, produced a 
small recrystallized grain size. 

The matrix must be stable before being consumed 
by the single crystal to provide a constant driving 
force. There are several ways in which the matrix 
can be stabilized: by a second phase,‘ by a strong 
texture,° or by thermal grooving® at the surface of 
the sample. Of these, the second was the most 
suitable for use with high-purity aluminum. The 
low-angle grain boundaries associated with a strong 
texture have a sufficiently low mobility to prevent 
normal grain growth; the matrix grains can be con- 
sumed only by a grain with a deviating orientation, 
that of the new single crystal. 

The procedure which gave the proper matrix to 
grow Single crystals was the following. 

A plate of 99.993 pct Al 6.5 mm thick was rolled 
to 1 mm at—196°C by cooling it in boiling nitrogen 
before each pass and using a fast rolling speed, 

30 ft per min. Strips 1 mm by 13 mm were then 

cut at room temperature on a Slitting mill toa 
length of 1 m. To fit a 1-m strip into a 50 cm-deep 
salt bath for annealing, the strip was folded in thirds 
with a 20-mm curvature at each bend. The folded 
strips were annealed 10 sec at 640°C and then 
quenched in water. A 1-mm grain size was obtained 
by this treatment. The strips were straightened and 
extended 2.5 pct, as measured on a portion of the 
strip that had not been bent. A thin surface layer, 
75. thick, was removed by chemical milling to re- 
duce nucleation at the surface of the strip.” The 
strip was then pulled out of a water bath at 4 cm per 
hr through a temperature gradient of 100°C per cm 
and was heated to 640°C. Single crystals a meter 
long were thus produced. 

No nucleation occurred at the regions that had been 
straightened in the folded strip. There, work harden- 
ing reduced any further deformation during the 2.5 
pct extension and tended to make the strain more 
uniform along the strip. 

To show that a strong texture in the matrix is 
necessary for the growth of single crystals a second 
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Fig. 1— <111> pole figures of aluminum prior to the criti- 
cal strain: (a), material rolled at —196°C and annealed in 
a salt bath; (4b), material rolled at room temperature with 
intermediate and final anneals in a circulating air furnace. 
Single crystals were grown from the material with the 
sharp texture of (a), but could not be grown when the tex- 
ture was not sharp, as in (6). 


procedure was devised which yielded the same 
matrix grain size, 1 mm diam, but a different tex- 
ture. The 6.5-mm plate was rolled to 1 mm at room 
temperature with two intermediate anneals and a 
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final anneal in a circulating air furnace at 400°C for 
1 hr. The strip was elongated, chemically milled, 
and passed through the temperature gradient furnace. 
Long single crystals could not be grown from ma- 
terial prepared in this way. 

Although the exact texture varied from strip to 
strip it was always much stronger in the material 
produced by rolling at - 196°C and annealing in a 
salt bath than in that produced by alternate rolling 
and annealing. Figure 1(a) is a typical <111> pole 
figure from a strip which grew single crystals; 
Figure 1(6) is from the material which did not grow 
single crystals. The former contains a strong (012) 
<100> component in the texture, while the latter 
contains several weak components. 
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The Solubility of Tin in Solid Lead 


John W. Cahn and H. N. Treaftis 


Tue previous determinations of the solvus of tin in 
solid lead disagree with one another by as much as 
40°C or almost 10 at. pct. Even determinations that 
appear to be careful differ considerably in both the 
solubility and its temperature coefficient. Recent 
kinetic work!~* on the rate of precipitation of tin 
from lead-tin alloys and thermodynamic work‘ on the 
heat of solution of tin in lead have given some insight 
into the time necessary to reach equilibrium in this 
system. As this time is longer than that used in al- 
most all previous determinations of the solvus, these 
determinations are questionable. Since the interpre- 
tation of recent kinetic results requires accurate 
values of the equilibrium solubility the present work 
was undertaken. 


DISCUSSION OF PREVIOUS RESULTS 


The methods used in previous studies may be 
placed into three classes: 

1) Several alloys covering a range of compositions 
are allowed to reach ‘‘equilibrium”’ at a certain tem- 
perature.°~” Some property, such as the X-ray lat- 
tice parameter of the lead-rich phase or the re- 

J. W. CAHN and H. N. TREAFTIS are Physical Chemist and Techni- 
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sistivity of the alloy, is then measured as a function 
of composition. The solubility limit for that tem- 
perature is taken to be that composition at which a 
discontinuity in the property occurs. However, the 
recent kinetic work has shown that tin precipitates in 
two stages. The first stage is rapid but leaves the 
lead still supersaturated. The second stage is very 
slow, and it seems from the equilibration times 
quoted by the investigators of the solvus that the end 
of the first stage of precipitation was usually mis- 
taken for equilibrium. This is especially true at 
temperatures below 100°C where the first reaction 
is still quite rapid (from minutes to months), but 
where the second stage is so slow that very long 
holding times are required to reach equilibrium. 
Alternatively micrographic work® on several alloys 
of different compositions seems to have given good 
results if done carefully. 

2) The beginning of precipitation in a homogenized 
alloy is measured as it cools slowly®”°. Since re- 
actions in solids undercool easily, such determina- 
tions will always give too low a temperature for the 
solvus. 

3) Some property of an alloy is measured as a 
function of temperature while the alloy is above the 
solvus.?”?* The range of temperature can usually 
be extended slightly into the two phase region. Then 
the alloy is precipitated at a much lower tempera- 
ture and slowly reheated. The solvus is taken to be 
the lowest temperature where the property of the 
reheated alloy is equal to that previously determined 
for the homogeneous alloy. Usually one also expects 
a discontinuity at the solvus in the temperature 
variation of the property for the reheated alloy. The 
difficulty in this method is the sluggishness of the 
dissolution process, and this method may give too 
high a solvus temperature. 


EXPERIMENTAL 


The phase boundary or solvus temperature was 
determined by a modification of method 3 for a 
series of chemically analyzed high-purity alloys, 
ranging from 5.1 to 26.4 at. pct Sn. The resistance, 
as a function of temperature, of a sample of homog- 
enized alloy (which could easily be undercooled) was 
compared with the equilibrium resistance which that 
alloy sample attained after precipitation at room 
temperature followed by long isothermal anneals at 
various temperatures. Before each anneal the 
sample was rehomogenized and reprecipitated. The 
solvus temperature could be located to within 1°C as 
the intersection of the resistance vs temperature 
curves for the homogenized and equilibrium alloys. 
No attempt was made to locate the phase boundary 
more accurately since the limiting factor was the 
precision with which the alloys could be analyzed. 
This precision was +0.1 wt pct Sn and corresponds 
to an error of 1 deg in temperature. 

This use of isothermal anneals differs from some 
of the previous investigations in which method 3 was 
used with baths of slowly rising temperatures. It was 
found early in the investigation that solvus tempera- 
tures tended to be high if the latter method was used 
even at extremely slow heating rates. For example a 
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heating rate of 2°C a day resulted in a 6°C overshoot 
for a 12.8 at. pet alloy. At 1°C above the phase 
boundary in an isothermal anneal, the tin in a freshly 
precipitated sample dissolved completely in less than 
6 hr. The explanation of this apparent anomaly seems 
to be that the alloy in the slowly heated bath Spent. 
many days below the phase boundary while the tem- 
perature was rising slowly. During this time the tin 
that did not dissolve was slowly accumulating on a 
few large particles which took days to dissolve after 
the phase boundary was crossed. 


Sulonen (Acta Met., to be published) has found that cellular precipi- 
tates in copper cadmium dissolve at low temperatures by the movement 
of high-angle boundaries that provide diffusion short circuits in the same 
manner as in the original precipitation process.’ This solution mecha- 
nism also operates on reheating to below the solvus and provides a fast 
mechanism for partial resolution leaving behind undissolved precipitate 
particles. Once this mechanism has operated, further dissolution must 
occur by the much slower volume-diffusion mechanism. Sulonen’s work 
thus provides an explanation for our observation on slowly heated 
specimens, and raises the question whether our isothermal dissolution 
runs represent, not the solvus temperature, but some higher temperature 
for which this fast dissolution mechanism could accomplish complete 
dissolution. A reexamination of our data on resistance versus time in- 
deed uncovered two stages in the isothermal resolution in the 5.0 and 
7.8 pct alloys and also showed that the second stage was sufficiently 
fast to give us equilibrium for the holding times used (2 weeks and 2 
days respectively for the two compositions). For the higher tin concen- 
trations there is no doubt that equilibrium was reached. 


As an additional check for equilibrium the follow- 
ing criterion was used. The resistance vs tempera- 
ture curve of the equilibrated alloys should be a 
straight-line near the phase boundary and its slope 
should differ from the slope for the homogeneous 
alloy by an amount approximately proportional to 
the temperature coefficient of tin solubility at that 
composition. Both of these conditions were fulfilled. 
Overshoot, for instance, tends to result in a re- 
sistance vs temperature plot for the ‘‘equilibrium’’ 
alloy which curves rather suddenly toward the 
homogeneous alloy resistance (see for example 
ref. 11). On the other hand, the resistance of an 
alloy containing large scale segregation would tend 
to approach the resistance of the ‘‘homogenized’’ 
alloy more slowly and would tend to curve in the 
opposite direction. This was observed on one high 
tin content alloy presumably due to some eutectic 
being present. This alloy was discarded. 

Results—Our results may be summarized as 
follows: 

At. Pct Sn 5.1 8.4 12.8 17.7. 26.4 

Solvus Temp.°C 70-80 97.5 124.0 145.5 173.0 


The present work places the solvus temperature 
well below (by as much as 20°C for the 8.4 at. pct 
alloy) two previous determinations”* that used the 
resolution of tin method. This is understandable in 
terms of the lack of equilibrium even though one of 
these investigations’* claimed an accuracy of +0.1°C. 
The agreement with the careful work of Stockdale® is 
good. The placement of the solvus is also, as ex- 
pected, higher in temperature than that claimed by 
those investigators relying on either the onset of 
precipitation or equilibration by precipitation. 

The extrapolation to lower temperatures is facil- 
itated by the use of the heats of formation recently 
measured’ for lead-tin alloys. The solubility data 
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obtained in the present work are for alloys for 
which dilute solution laws no longer apply. The 
curve of the log of the solubility against 1/T is con- 
cave upward, and a knowledge of the limiting slope 
for low concentrations is useful both for extrapo- 
lation and for estimating the limits of the low tem- 
perature solubility. 

Using a partial molar heat of 3800+ 300 cal per 
mole for tin in lead at infinite dilution we obtain on 
extrapolation to 25°C a tin solubility of 2.0 + 0.2 at. 
pet. This is in disagreement with direct measure- 
ments”®’” at 25°C using .X-ray methods and 
resistance measurements on precipitated alloys. 
The lack of agreement can be understood in terms 
of the inability of these alloys to reach equilibrium 
at 25°C in times as short as 1 month. 


1D. Turnbull and H. N. Treaftis: Acta Met., 1955, vol. 3, p. 43. . 

2W. DeSorbo and D. Turnbull: Acta Met., 1956, vol. 4, p. 495. 

8D. Turnbull and H. N, Treaftis: AJME Trans., 1958, vol. 212, p. 33. 

“W. K. Murphy and R. A. Oriani: Acta Met., 1958, vol. 6, p. 556. 

5N. Parravano and A. Scortecci: Gazz. chim. ital., 1920, vol. 50, p. 83. 

SI, Obinata and E. Schmid: Metallwirtschaft, 1933, vol. 12, p. 101, 

7E. Kurzyniec and Z. Wojtaszek: Bull. int. acad. polon. sci., Classe Sci. 
Math. nat., vol. A1951, p. 131. 

8D. Stockdale: J. Inst. Metals, 1932, vol. 49, p. 267. 

°F. H. Jeffery: Trans. Faraday Soc., 1928, vol. 24, p. 209. 

ae Honda and H. Abe: Sci. Rep., Tohuko Imp. Univ., 1930 [i], vol. 19, 
p. 315. 
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Some Properties of Vanadium at Sub- 
atmospheric Temperatures 


J. A. Hren and C. M. Wayman 


Recent investigators have noted anomalous be- 


~ havior in the electrical resistivity of vanadium be- 


low room temperature. Rostoker and Yamamoto’ in 
studying the vanadium-oxygen system hypothesized 
that the body-centered-tetragonal phase existing 
from 15 to 34 at. pct O at approximately 800°K was 
really a low-temperature allotrope of vanadium that 
was Stabilized by oxygen. In measuring the electri- 
cal resistance of cold-swaged vanadium rod over a 
range of temperatures, a small discontinuity was 
observed at approximately 240°K, supporting their 
notion of allotropy. However, the magnitude of the 
observed discontinuity was extremely small. Loomis 
and Carlson? in studying the ductile-brittle transi- 
tion in vanadium also made resistance measurements 
and reported a discontinuity near 200°K. More re- 
cently, White and Woods® showed that the electrical 
resistivity from room temperature to approximately 
100°K was not linear and at variance with the 
Bloch-Griineisen law. Instead of finding a discon- 
tinuity, they observed a deviation from linearity 
below 200°K. In discussing their results they pointed 
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Fig. 1—Resistivity of vanadium from room temperature to 
120°K. 


out that transition elements, excepting V, Cr, Mn, 
Fe, Ni, and Co (which they termed anomalous), show 
linear resistivity plots from about 300°K down to 
temperatures in the vicinity of ®Debye/ 3. Following 
the suggestion of Rostoker and Yamamoto, White 
and Woods stated that the resistivity deviation may 
be due to oxygen content and the proposed low-tem- 
perature 8B phase. Potter* in some earlier work 
showed general agreement with the findings of White 
and Woods, but only a few resistivity values were 
obtained in the temperature range of interest. It is 
clear that there is no general agreement on the form 
of the resistivity-temperature relationship below 
room temperature. 

The present work was initiated to investigate 
further the nature of the resistivity-temperature 
relation and the proposed allotropy in vanadium. 
The experiments were completed before Refs. 2 
and 3 become available. 

Resistivity measurements were made on Ca- 
reduced V of 99.7 pct purity. By means of a Leeds 
and Northrup type K-3 potentiometer, voltage read- 
ings were taken from a coiled specimen originally 
0.025 in. in diam and 8 cm long. A constant tem- 
perature (isopentane-liquid nitrogen bath) was main- 
tained for more than sufficient time to make the 
necessary measurements. Resistance measure- 
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Fig. 2—Temperature dependence of Young’s modulus of 
vanadium. 
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ments were made on specimens in the annealed, 
vacuum degassed, and cold worked (~ 40 pct reduc- 
tion) condition. Measurements were made on cool- 
ing and on heating. The results were all of the form 
shown in Fig. 1. As is seen, there is no indication 
of any sudden discontinuity; but a deviation from 
linearity exists at approximately 200 °K. The meas- 
urements on heating and cooling were in good agree- 
ment, and verify the findings of White and Woods. 
Further work was undertaken to measure the 
dynamic Young’s modulus as a function of tempera- 
ture. A polycrystalline specimen of 99.7 pct purity 
was also used. To this end, the apparatus described 
by Fine° using electrostatic exitation and the de- 
tection of longitudinal vibrations in a rod was em- 
ployed.* The results of these measurements are 


*This work was performed by one of us (J.A.H.) in Dr. M. E. Fine’s 
Laboratory. 


given in Fig. 2. It can be seen that there is no 
discernible deviation from linearity and that the 
results for heating and cooling are congruous. 
Upon comparing these data to those from a similar 
study conducted by Fine ef al.° on chromium, it is 
apparent that any transition in vanadium over this 
temperature range must be considerably smaller 
in magnitude, if in fact it exists at all. 

Some X-ray diffraction work was done through 
the same temperature range. A diffractometer was 
modified to permit varying the temperature of the 
specimen. The diffractometer traces revealed only 
the body-centered-cubic structure and normal lattice 
contraction as the temperature decreased. Within 
the accuracy of diffractometer measurements at 
low scanning speed, there was no indication of any 
structural change at temperatures down to 120°K. 

On the basis of these results the suggested 
allotropy in vanadium appears doubtful, at least in 
the temperature range examined. Although the 
resistivity vs temperature plot is not linear, there 
is no well-defined transition, which would be ex- 
pected for a first-order phase change. As men- 
tioned by White and Woods the form of the resis- 
tivity-temperature curve could be interpreted as 
an impurity effect. However, measurements on 
99.7 and 99.9 pct purity specimens yielded sub- 
stantially the same results. Mott? originally pro- 
posed s-d electron transitions to account for the 
relatively high resistivity of transition elements. 
Possibly some form of this effect may have bearing 
on the nature of the resistivity deviation. The oc- 
currence of an antiferromagnetic-disorder transi- 
tion was considered. However, neutron diffraction? 
at 20°K indicates that there is no detectable anti- 
ferromagnetic reflection at the (100) position, and 
that any moment present must be less than 0.1 Bohr 
magnetons. It is also pointed out that one observes 
a certain regularity in the data of White and Woods, 
and Potter when viewed in the temperature range of 
the present investigation. Vanadium, columbium, 
and tantalum, all Group V elements exhibit the same 
negative deviation from linearity at low tempera- 
tures. 

This work was supported by the Air Force Office 
of Scientific Research, Contract No. AF49(638)- 420. 
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Production of High- Purity Aluminum 


Crystals by a Modified Strain- Anneal 
Method 


H. P. Leighly, Jr. and F. C. Perkins 


Tuere have been several statements in the litera- 
ture about the difficulty of producing single crystals 
of high-purity (99.99 pct) Al’ *by the strain-anneal 
method. Consequently, investigators tend to employ 
low-purity aluminum for their single-crystal experi- 
ments, or else resort to the Bridgman or other 
techniques which depend on solidification for the 
production of single crystals. The following para- 
graphs describe a solid-state method for the manu- 
facture of single crystals of high-purity aluminum 
which should provide crystals with greater perfec- 
tion than those formed by solidification. 

The starting material for this method of produc- 
ing single crystals was secured from the Aluminum 
Corp. of America and has a purity of 99.99 pct, the 
balance being trace amounts of impurities. Speci- 
mens approximately 1 by 4in. are sheared from 
sheet having a nominal 0.050 in. thickness. The 
specimens are given a preliminary anneal at 640°C 
for approximately 3 hr in order to remove fabrica- 
tion strains and to produce an average grain size of 
about 1/4-in. diam. The specimens are then etched 
in Tucker’s etchant (45 pct HCl, 15 pct HNO,, 15 pct 
HF and 25 pct H,O) to remove the oxide film. Criti- 
cal strain is applied by wrapping each specimen 
about a 1 3/4 in. round and subsequently straighten- 
ing it against a flat surface. The high-purity alumi- 
num Sheet is sufficiently soft that this operation can 
be accomplished by ordinary finger pressure. The 
specimens are immediately annealed again at 640°C 
for 3 hr and reetched for examination. Ordinarily, 
considerable growth of certain of the grains will have 
occurred, and occasionally a single crystal will be 
produced on the first attempt. The procedure of 
alternately straining, annealing and etching is re- 
peated until the majority of a batch of specimens 
contains usable crystal sizes. Typical examples are 
illustrated in Fig. 1. 

The greatest changes in crystal sizes are produced 
in the initial treatments. As the average crystal 
sizes get coarser in the later treatments, the sever- 
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Fig. 1—Typical 
examples of 
aluminum crys- 
tals produced by 
this method. 


ity of the strain must be increased in order to pro- 
duce grain boundary migration. This increase in 
severity is effected by decreasing the diameter of 
the round used for straining (to 1 1/2 in., for ex- 
ample) and/or wrapping the specimens about the 
round twice, with opposite faces in contact with 

the round, before flattening. Usually the strain 
treatments described are not severe enough to pro- 
duce nucleation in coarse grain high-purity alumi- 
num. The growth of grains occurs by strain-induced 
grain-boundary migration. : 

It has been observed that the grain boundaries 
move most readily during the first hour or so of 
each annealing treatment and that the rate of move- 
ment decreases with extended holding times at tem- 
perature. Prolonged annealing treatments are there- 
fore not usually beneficial. Similarly, the rate of 
growth of each crystal appears to depend upon the 
orientation of the crystal with relation to those of its 


-neighbors. Frequently island grains are formed 


after the initial heat treatment as the result of slow 
grain-boundary migration. These sometime become 
stationary during later heat treatments. Twin orien- 
tation interfaces are frequently developed during an- 
nealing. These imperfections can usually be removed 
by increasing the severity of strain to produce actual 
nucleation of new grains of more favorable orienta- 
tion at the imperfection interfaces. 

The largest single crystals produced in our lab- 
oratory by the above method measured 4 by 1 by 
0.050 in. Examination of Laue back-reflection pat- 
terns from a limited area of the specimens, gave no 
evidence of polygonization. Probably there is some 
indication of polygonization in the original grain area 
provided a more sensitive technique is used for de- 
tection. Experiments to produce wider specimens 
were less successful, possibly because wider sheets 
increase the complexity of the strains induced by de- 
formation and promote widespread nucleation. Grain 
boundary migration occurs preferentially in a direc- 
tion parallel to the longitudinal axis of the specimen. 
The choice of specimen geometry with respect to the 
rolling direction of the sheet appears to be imma- 
terial in regard to the production of single crystals. 
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The above described method for preparing single 
crystals from high-purity aluminum relies on strain- 
induced grain boundary migration in which the bound- 
ary of one crystal migrates at the expense of the 
neighboring crystals. Only in the case of high-purity 
metals can this method be used. In the case of 
lower purity metals, critical deformation induces 
recrystallization of a limited number of nuclei re- 
sulting in a few large crystals. This latter method 
is normally considered as the strain-anneal tech- 
nique. The degrees of purity and deformation at 
which strain-induced boundary migration predomi- 
nates is not accurately known. 
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Solubility of Carbon in Iron Sulfur Melts 


M. Ohtani and N. A. Gokcen 


Errect of elements on the solubility of carbon in 
liquid iron is useful in calculating and correlating a 
number of thermodynamic properties as shown else- 
where in detail.” Kitchener, Bockris, and Spratt?, and 
later Turkdogan and Hancock® have investigated the 
effect of sulfur on the solubility of carbon at various 
temperatures and concentrations. For any chosen 
sulfur concentration, the solubility of carbon re- 
ported by Kitchener et al. is considerably lower than 
that by Turkdogan and Hancock. It was therefore felt 
that a reinvestigation of this problem was necessary. 


EXPERIMENTAL METHOD 


An alloy of Fe-C-S was prepared with electrolytic 
iron and ferrous sulfide melted by induction in a 
graphite crucible, 4 in. high 1 1/2 in. ID under a 
CO-atmosphere. The temperature, held at 1500° 
+ 5°C in all experiments, was measured with a Pt-Pt 
+ 10 pct Rh thermocouple immersed into the melt. In 
order to assure saturation with carbon, the melt was 
stirred with a graphite rod. After approximately 1 hr 
at 1500°C, a sample was obtained by sucking the melt 
into a Silica tube, 4 mm ID. The sample was then 
analyzed for carbon and sulfur by usual methods. 
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Fig. 1—Effect of sulfur on the solubility of carbon in liquid 
iron at 1500°C. 


RESULTS 


The results are presented in Table I and plotted 
in Fig. 1 with the individual values of Turkdogan and 
Hancock. * Scattering in the data is equivalent to 3 pct 
or less in carbon analysis. The broken line repre- 
sents the empirical equation obtained by Kitchener 
et al. from their data. It is evident that the present 
data are in good agreement with those of the former 
investigators but in disagreement with the latter. 
The cause for this discrepancy cannot be readily 
offered since the experimental methods in the three 
investigations were nearly identical. Additional evi- 
dence corroborating the author’s results may be pre- 
sented in the following manner. 


Table |. Effect of Sulfur on the Solubility a Carbon in Fe—C=S Melts 


at 1500° + 5 

Run 
No. Pet S Pct C 
1 0.47 5.03 
2 0.76 4.97 
3 0.31 
4 0.57 5.03 
5 0.43 4.99 
6 0.34 5.05 
7 0.48 4.94 
8 0.68 4.92 
9 0.39 5.02 
10 0.19 5.09 
11 0.62 4.96 
12 0.71 4.90 
13 0.00 5.20 


The difference between the solubilities of carbon in 
the ternary Fe-C-X melt with a small concentration 
of any element X, and in the binary Fe-C melt is 


% AC = %cm “¥ % cl [1] 


where %AC is the change in solubility, and %C™ 
and %C™ are the solubilities in the ternary and the 
binary systems respectively. The value of %c™ 
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is 5.20 and lies very close to the average from the 
recent investigations* *, In Eq. 1, %AC is inde- 
pendent of temperature within experimental errors 
but dependent on sulfur concentration. The values of 
%AC are represented by the right-hand side ordinate 
in Fig. 1 and expressed by 


%AC =— 0.40 [% S], (%S < 1) [2] 


This equation is nearly the same as that obtained re- 
cently by Neumann, Schenck, and Patterson’ from the 
results of Turkdogan and Hancock. It was shown 
elsewhere” that the change in carbon solubility di- 
vided by %X of the added element X, i.e. GAC/%X, 
for small percentages of X follows a regular pattern 
with the atomic number of X; the present results 
agree well with such a correlation. The results of 
Kitchener et al., however, are in marked disagree- 
ment with such patterns related to the atomic num- 
ber. 
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Mechanical Twinning in the AuCd £’ Phase 


H. K. Birnbaum and T. A. Read 


STRESS-induced twin boundary motion in the AuCd 
B’ phase (52.5 at. pct Au 47.5 at. pct Cd) having an 
orthorhombic structure (space group D*)' was dis- 
cussed for the case of transformation twins.” Me- 
chanical twinning, z7.e., introduction of new twin 
orientations by the applied stress was sometimes 
observed in the 8’ phase which contained two trans- 
formation twin orientations. (See Ref. 2 for experi- 
mental details.) The transformation twins termi- 
nated at the mechanical twin boundary; the two initial 
orientations having been twinned to the new orienta- 
tion as shown in Fig. 1. In a ‘‘hard’’ tensile instru- 
ment, formation of each mechanical twin was ac- 
companied by a sharp drop in load (and an audible 
click) resulting in a typical serrated load-extension 
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Fig. 1—Photomicrographs of me- 
chanical twin formation and mo- 
tion. (a) initial microstructure; 
microstructure showing a 
mechanical twin traversing the 
specimen; (c) microstructure 
showing the specimen in the me- 
chanical twin orientation. Stri- 
ations in (a) and (bd) are trans- 
formation twins. The contrast 
is obtained by surface tilts on an 
on an initially flat surface. X400 


(c) 


curve. The mechanical twins increased in width and 
additional twins were nucleated as the load increased 
until the entire specimen was occupied by the me- 
chanical twin orientation. 

A restoring force” caused the mechanical twin and 
transformation twin boundaries to return towards 
their initial configuration on releasing the load. Ina 
stabilized specimen* the total strain introduced by 


*Specimens were stabilized by holding at 25°C for 6 days after trans- 
formation. See Ref. 2 for a detailed discussion of stabilization. 


mechanical twinning was recovered on releasing the 
applied stress. Initial and final microstructures 
were identical. After decreasing gradually to a 
critical width, mechanical twins suddenly disap- 
peared accompanied by audible clicks and sharp 
increases in load (measured at a constant rate of 
crosshead motion in a ‘“‘hard’’ machine). Mechani- 
cal twins could be stabilized in any position by 
maintaining the applied load for a sufficient time, 
indicating a decrease in restoring force with time 
similar to that observed for transformation twins.” 

Orientation relationships for mechanical and 
transformation twins were determined and are 
shown in Fig. 2. The mechanical twin, 7,, was 
twin related to transformation twin, T,, by reflec- 
tion in (111); and twin related to transformation 
twin, T», by reflection in (111)7,. 7, was related 
to T, by reflection in(111), . The ‘‘average’’ me- 
chanical twin composition plane lay several de- 
grees from (111), . In every specimen which me- 
chanically twinned, orientation 7, was most highly 
favored by the applied stress, 7.e., it was the twin 
orientation which provided the greatest change in 
length compatible with the direction of applied 
stress. 
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Fig. 2—Stereographic projection showing orientation rela- 
tionships for mechanical twinning. 7, and T,: transforma- 
tion twins; 73: mechanical twin; C: parent cubic 8 phase. 


Mechanical twinning similar to that described 
above was observed in the 50.0 at. pct Au 50.0 at. 
pet Cd B” (tetragonal structure, point group 
a m, m) phase. 
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The Solubility Limits of PbTe 


Edward Miller, Kurt Komarek, and Irving Cadoff 


Tue lead- telluride phase diagram as compiled by 
Hansen’ has one intermetallic compound, PbTe, with 
solid-solubility limits extending from 22 to 45 wt 
pet Te (31.4 to 57.1 at. pct). Pelzel* redetermined 
the solubility limits on the lead-rich side of the 
compound by measuring the relative areas of the 
two phases in samples annealed in the liquid + 
compound region, and obtained data that agreed 
with that of Hansen. 
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Recent studies of the semiconducting properties 
of PbTe® however, have indicated that addition of 
either lead or tellurium to PbTe does not produce 
samples shaving carrier concentrations greater than 
about 10*° cm7*. Assuming that each impurity atom 
results in one ionized charge carrier, this carrier 
concentration corresponds to a solubility, range of 
less than 0.04 at. pet. Fritts and Karrar* have also 
observed two phases in samples containing from 
0.15 to 3.0 pct excess Pb. To resolve the discrep- — 
ancy between these data, the solid solubility limits 
of the compound PbTe were reinvestigated, using 
several other techniques. 

Ten 25-g samples with compositions of =, 
and 10 wt pct excess Pb and Te and two 100-g sam- 
ples of 15 and 65 wt pct Te were prepared, sealed 
in evacuated quartz capsules, and melted at 950°C. 
The 1 pct excess Pb and Te and the 15 and 65 wt 
pet Te alloys were homogenized for 96 hr at 450°C; 
the remaining specimens were annealed 50°C below 
the solidus temperature reported in Hansen. The 
specimens were polished and etched with dilute 

All the samples were two phase, the second phase 
appearing at grain boundaries or as spheroidized 
inclusions in the grains. In the case of the tellurium 
rich specimens, the second phase could be identified 
as a eutectic. Debye-Scherrer powder diffraction 
patterns of the 3, 1, 3, 5, and 10 pct excess samples 
were obtained using CuKa filtered radiation. The 
films were indexed as the Bl or NaCl structure. The 
calculated lattice parameter of PbTe was the same 
for all the specimens, with an average of a, = 6.460 
+ 0.0005A. Lines due to excess lead or tellurium 
were very faint but could be clearly seen in all the 
films. 

The relative areas of the two phases in the 15 and 
65 wt pct Te samples were corrected for the differ- 
ences in density of Pb, Te, and PbTe, and taken as 
proportional to the relative volumes of the two 
phases. The corrected relative volumes agreed with 
a phase diagram having negligible solubility of both 
lead and tellurium in lead tellurium. 

The density of the two specimens was obtained to 
give a third independent determination of the phase 
limits. The specimens were broken into small pieces 
to eliminate any internal porosity, and adherent air 
bubbles were removed by vigorous shaking under 
water for several hours. The density of lead (11.34 
g per cm’) and of tellurium (6.25 g per cm*) was 
taken from the International Critical Tables and that 
of stoichiometric PbTe (8.25 g per cm) calculated 
from the lattice parameter. For the 15 wt pct Te 
samples, the density ee no Solubility was cal- 
culated to be 9.89 g per cm®*; the observed density 
was 9.86 g per cm”. For the 65 wt pct Te alloy, the 
density calculated for the case of no solubility was 
7. 24 g per cm®*; the measured density wag 7.22 g per 
cm*. These results are consistent with those of 
planimetry and X-ray. 


SUMMARY 


Data have been presented which show that the 
solid solubility of both lead and tellurium in PbTe is 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


(010), 
(010). 
(100),, 
(010), 
(oon 
(001) 
ts 

(100), 

(100 


below the limit which can be accurately determined 
by standard metallurgical techniques. The maximum 
solubility range can therefore be taken from pub- 
lished electrical data and can be placed at about 
0.04 at. pct. 
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Surface Aging of Titanium Alloys 


F. C. Holden and R. D. Buchheit. 


In the course of studies made on the Ti-Cu alloy 
system,’ particles identified visually as TiH were 
encountered unexpectedly in a specimen of high- 
purity Ti-0.8Cu alloy. The particles did not appear 
immediately after preparation, but following-storage 
in a dessicator for several days. Since the alloy 
had been vacuum annealed to a low hydrogen con- 
centration (19 ppm by vacuum-fusion analysis), the 
appearance of the TiH particles was suspected as a 
surface contamination effect. 

A specimen of a Ti-0.8 Cu alloy had been annealed 
2 hr at 790°C and water quenched, to produce the 
single-phase equiaxed a structure. The metallo- 
graphic sample was ground through 600X paper, 
rough-polished on a high-speed wheel with a mixture 
of alumina and chromic acid, and-finish-polished on 
a slow-speed wheel. Disturbed metal layers were 
removed from the final surface by alternately etching 
with a 1 1/2 HF-3 1/2 HNO,-95 H,O solution and 
polishing on the slow-speed wheel with fine alumina. 
The final surface was swab-etched with a 1 1/2 
HF-3 1/2 HNO,-95 H,O solution, rinsed in tap water, 
and dried in a stream of filtered air. The micro- 
structure, shown in Fig. 1, was composed of equiaxed 
@ grains without any trace of second phase. After 
storage in a dessicator for 3 days, the appearance of 
small particles in the structure became evident (see 
Fig. 2). After 7 days of storage, the particles were 
more distinct, and in some grains, began to appear 
as elongated particles. The specimen then was 
etched a second time (without repolishing) to produce 
the structure shown in Fig. 4. On the basis of micro- 
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Fig. 1—Ti-0.8 Cu Alloy, Polished and Etched with 1 1/2 
HF-3 1/2 HNO, -95 H,O. Bright Field. 


structural observation, the line markings were 
identified as TiH; attempts to obtain diffraction pat- 
terns from the surface for positive identification 
were not successful. 

That the structure is a surface effect was demon- 
strated by grinding with 240X paper to remove 
the surface layer. The surface then was ground, 
polished, and etched using the procedures described 
previously. The same observations were made: the 
freshly prepared surface was devoid of any second 
phase, whereas the particles again appeared after 
several days storage. The same effect has been ob- 
served in other a-stabilized titanium alloys, includ- 
ing a high-purity Ti-0.2 0 alloy containing only 16 
ppm H by analysis. The effect has not yet been ob- 
served in unalloyed titanium, nor does its appear- 
ance appear to be consistent with any particular al- 
loy system. 


From these observations, it is concluded that cer- 
tain a@-titanium alloys are susceptible to the forma- 
tion of titanium hydride at the surface of metallo- 
graphic specimens. The hydrogen probably is dif- 
fused into the surface from a residual film of etchant 
decomposition products. Estimates of the hydrogen 


Fig. 2—Same as Figure 1, after storage for 3 days in 
dessicator. Oblique Lighting. 
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Fig. 3—Same as Figure 1, after storage for 7 days in Fig. 4—Same as Figure 3, but etched a second time with 


dessicator. Oblique Lighting. 1 1/2 HF-3 1/2 HNO, -95 H,O. Bright Field. 
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